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Structure and phase analysis of electrochemically

synthesized Fe–W

Tom!a&s $Z!aka,*, Old$rich Schneeweissa, Dragica Mini!cb

a Institute of Physics of Materials AS CR, $Zimkova 22, 616 62 Brno, Czech Republic
bFaculty of Physical Chemistry, University of Belgrade, Studentski trg 16, 11000 Belgrade, Serbia and Montenegro

Abstract

Structural and magnetic study of electrochemically synthesized Fe91.2W8.8 amorphous powder was realized.

M .ossbauer spectrum of the as prepared material with its paramagnetic and magnetic part includes g-Fe plus

components of Fe–W solid solution overlapped by amorphous magnetic and paramagnetic phases, stable almost down

to 20K. After thermomagnetic curve measurement, the increase in the intensity of the magnetic part was observed.

Phases resulting from thermal decomposition agree with those in the equilibrium Fe–W phase diagram.

r 2003 Elsevier B.V. All rights reserved.

PACS: 75.50.Bb; 75.50.Kj; 61.18.F; 81.40.R

Keywords: Fe–W; Electrochemical synthesis; M .ossbauer effect; Phase analysis; Magnetic properties

Recent intense development of modern powder

metallurgy has provoked sudden interest in amorphous

powders, particularly metallic ones, as composition

range of multiatomic system can be extended in this

way. E.g., electrochemically synthesized Fe–P amor-

phous powder alloys are active hydrogen absorbers in

the temperature range from 100�C to 300�C and that

they are transformed into crystalline state above this

temperature range. To synthesize an amorphous alloy of

increased structural stability, with no intention to

stabilize the alloy additionally by crystallization over a

wide temperature range, tungsten was used as amorphi-

zer instead. However, the Fe–W amorphous system

prepared by mechanical alloying has been studied. When

studying the structure and phase composition of

electrochemically synthesized Fe91.2W8.8 amorphous

powder by means of M .ossbauer spectroscopy (at room

temperature and 20K) and by magnetic methods,

interesting structural and magnetic properties of the

treated material were revealed and compared with some

of those of mechanically alloyed ones.

M .ossbauer spectra of the electrochemically synthe-

sized powder material were taken in the standard

transmission geometry using a Co57(Rh) source. Cali-

bration was done against a-iron foil data. Computer

processing of spectra yielded intensities of individual

components, their hyperfine inductions, isomer shifts,

and quadrupole splittings. The amount of iron contain-

ing phases is supposed to be equal to intensities of the

corresponding spectral components. The phase analysis

of Fe–W materials published in [1–3] was applied

comparing the above-mentioned characteristics of in-

dividual components. The thermomagnetic (TM) curve

was measured on compacted material of cylindrical

shape with a diameter of 2mm and thickness of about

1.5mm in the field of 3.98 kA/m with heating and

cooling rates of 4K/min. During the measurement,

temperature of 800�C was reached and kept for 30min

between the heating and cooling process ramps.

In M .ossbauer spectra, the prevailing paramagnetic

part is formed by single line component (arising from g-

Fe particles) and by doublets. The doublets together
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with the small-splitting part of six-line components

represent an amorphous phase. However, the isomer

shifts of doublets are different from those found in

literature for the nanocrystalline or ball milled Fe–W

[4,5]. As all paramagnetic components and their

intensities remain almost stable up to 20K, they do

not represent superparamagnetic particles and the g-Fe

phase does not transform to an antiferromagnetic state.

The sextets with large magnetic splitting cannot be

simply ascribed to crystalline solid solution of W in a-Fe

only. They are probably overlapped by components of

magnetically ordered amorphous phase or components

representing crystallites of small coherent volumes.

After the heat treatment during the measurement of

the thermomagnetic curve, the increase in the intensity

of the magnetic part at the expense of the paramagnetic

one was observed. The distribution of magnetic compo-

nents is close to solid solution of W in a-Fe. The content

of W can be estimated to approximately 3 at%. The

components of the paramagnetic part were ascribed to

W(Fe) solid solution, l-Fe2W, and Fe2+ phases. The

Fe2+ phase probably arises from FeO �WO3 oxide, the

traces of which were also observed in the spectra of ball

milled Fe–W [5]. The M .ossbauer phase analysis of the

final product shows that the decomposition takes place

during the annealing and that the detected phases agree

with those in the equilibrium Fe–W phase diagram [6]

(Fig. 1).

The thermomagnetic curve reflects some structural

changes, especially above 500�C. Sharp increase in

magnetic moment at about 600�C can be ascribed to

crystallization of the amorphous phase and its decom-

position into several tungsten rich phases and major iron

rich a-phase enlarging the total magnetic moment of the

sample. The Curie temperature derived from the

branches for increasing and decreasing temperatures is

approximately 755�C, which indicates low amount of W

in the solid solution of a-Fe(W). The main curve

features are almost identical with those of Fe50W50 in

Ref. [5] (Fig. 2).

From this hysteresis loop measurements the decrease

in coercivity from 11.8 to 4.1 kA/m and the increase in

total magnetic moment was observed. These changes

can be explained by phase decomposition (crystalliza-

tion of a-Fe and l-Fe2W phases) and grain coarsening.

The increase in iron atoms magnetic moment corre-

sponds nicely with changes in content of magnetic

phases as determined from M .ossbauer phase analysis.

The magnetic properties of the material studied are close

to those of the magnetically soft ones.

This work has been partially supported by grants Nos.

102/01/1335/B and 202/01/0668 of the Grant Agency of

the Czech Republic.
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Fig. 1. Room temperature M .ossbauer spectra of Fe91.2W8.8

amorphous powder in the as prepared state (a) and after

thermomagnetic curve measurement—as vacuum annealing

800�C/30min (b).

Fig. 2. Thermomagnetic curve of the as prepared Fe91.2W8.8

amorphous powder measured at the field of 3.98 kA/m with

heating and cooling rate of 4K/min and 30min dwell time at

800�C.
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Abstract

The differential scanning calorimetry method was used for investigating the crystallization process of the Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy.

It was shown that the examined alloy crystallizes in three stages. The first crystallization stage occurs at 799 K, the second at 820 K and the third at

888 K. Temperature dependence of the magnetic susceptibility relative change was investigated by the modified Faraday method in the temperature

region from room temperature up to 900 K. It has been established that the Curie temperature is about 700 K for amorphous state. The magnetic

susceptibility increases by 30% after the first heating up to 710 K. During the second heating up to 840 K the alloy loses its ferromagnetic features

in the temperature region from 710 to 750 K, upon which it again regains the same. After the second heating magnetic susceptibility decreases by

23% as compared to the amorphous starting value and by 53% as compared to the value before the second heating. The crystallized alloy maintains

ferromagnetic features in the whole temperature region during the heating up to 900 K.

© 2006 Elsevier B.V. All rights reserved.

Keywords: Metallic glasses; Rapid-solidification; Magnetic measurements; Thermal analysis

1. Introduction

The metallic glasses represent a novel class of metallic mate-

rials characterized by amorphous structure and metallic bond

providing them with unique physical and mechanical proper-

ties that cannot be found either in pure metals or other amor-

phous materials [1]. It has been shown that it is a consequence

of their microstructure with absence of long distance order

atom arrangement [2]. The amorphous state of matter is, how-

ever, structurally and thermodynamically unstable and very

susceptible to partial or complete crystallization during ther-

mal treatment or nonisothermal compacting. The latter requires

the knowledge of alloys stability in a wide range of tempera-

ture. Generally, the stability is a thermally activated process of

transition from disordered amorphous structure to an ordered

crystal structure. The requirements for the soft magnetic alloys

∗ Corresponding author. Tel.: +381 32 355 622/302 758;

fax: +381 32 342 101.

E-mail addresses: aleksandrakalezic@eunet.yu, akalezic@tfc.kg.ac.yu

(A. Kalezić-Glišović), nmitrov@tfc.kg.ac.yu (N. Mitrović).

with nonequilibrium structure produced by melt quenching tech-

nique involve the design of the proper chemical composition that

provides improved levels of the properties, such as a high glass-

forming ability, good casting properties for the alloy which in

turn determine the surface quality and uniformity of the melt-

spun ribbons, as well as an enhanced thermal stability of both

magnetic properties and amorphous structure [3]. A lot of papers

have been dedicated to amorphous alloys ferromagnetism [4–9],

comprising the results of investigation of magnetic properties for

alloys of different content. Generally an amorphous structure

is assumed to introduce fluctuations in exchange interactions,

which influence magnetic behaviour. It has been shown that

exchange interactions of 3d electrons of neighbour atoms are

accountable for ferromagnetism of ferrous group metal-based

amorphous alloys, as well as of crystal alloys, while magnetic

properties distinctiveness of amorphous metal alloys is gen-

erally determined by locally changeable surroundings of each

transition metal (TM) atom [9]. Atomic disorder and defects

of different levels play the main role in magnetic properties

determination. The results of various elements impact on mag-

netic moment �M and Curie temperature TC of amorphous metal

doi:10.1016/j.mseb.2006.03.022
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alloys are very inconsistent [10–13]. Magnetization �J and Curie

temperature TC decrease during the transition from crystal to

amorphous state with all ferrous group metal-based amorphous

alloys. Magnetic moment in TM amorphous alloys is determined

by the number of electrons introduced into TM 3d zone [10].

The aim of this paper is to present the preliminary results of

investigation of the changes in magnetic susceptibility and Curie

temperature during the transition from amorphous to crystal state

of Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy. The rationale of this

study is the composition of Fe-based soft magnetic alloy with

significant decrease in atomic percentage of the metalloids (less

than 10 at.%).

2. Experimental

Ribbon shaped samples of Fe89.8Ni1.5Si5.2B3C0.5 amorphous

alloy were obtained using the standard procedure of rapid

quenching of the melt on a rotating disc (melt-spinning). The

obtained ribbon was 2 cm wide and 35 �m thick. The crys-

tallization process was investigated in a nitrogen atmosphere

by the differential scanning calorimetry (DSC) method using

SHIMADZU DSC-50 analyzer in the temperature region from

room temperature to 1000 K. X-ray diffraction investigations

were performed using Cu K� radiation lines (λ = 0.154178 nm)

on a Phillips PW1710 device. Measurements of the temperature

dependence of electrical resistivity were performed in a hydro-

gen flow by the four points method. Temperature dependence

of the relative magnetic susceptibility was investigated by the

modified Faraday method in the temperature region from room

temperature up to 900 K, in argon atmosphere. The sample of

44 mg is introduced into magnetic field by glass sample holder

at the level of upper base of vertically positioned solenoid where

magnetic field gradient is �H/�z = 106 A/m/m (1.26 mT/mm).

After that, the relative change in magnetic susceptibility through

three heating cycles is monitored in the temperature region from

room temperature to 900 K.

3. Results and discussion

3.1. Investigation of the crystallization process

DSC thermogram (Fig. 1) shows Curie temperature TC at

700 K as well as the glass transition process at about 720 K

followed by a super-cooled liquid region before an exother-

mic reaction. The reaction is the indicator of amorphous alloy

crystallization process occurring in three separated stages with

temperature peaks of Tk1 = 799 K, Tk2 = 820 K and Tk3 = 890 K.

Enthalpies of corresponding steps determined from area maxima

are H1 = 55 J/g, H2 = 11 J/g and H3 = 19.2 J/g, respectively.

For better understanding of the crystallization mechanism,

the analysis of X-ray patterns of the original sample (Fig. 2a)

and the sample heated at temperature just above the crystalliza-

tion peak in DSC scan was conducted (Fig. 2b). The starting

alloys exhibited a diffuse halo peak charcteristical for amor-

phous structure with the signs of crystallization probably the

due to the presence of small amount of metalloids (Si, B and

Fig. 1. DSC thermogram of Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy obtained

at heating rate of 20 K/min.

Fig. 2. X-ray diffractograms: (a) starting sample and (b) sample heated up to

870 K in hydrogen atmosphere.
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C). The sample heated above crystallization temperature has no

signs of amorphous structure and consists of different phases: �-

Fe(1 1 0) with traces of Fe2B (2 2 1) (peak 1), FeB (2 0 2) (peak

2) and Fe5Si3 (2 2 0) (peak 3).

3.2. The analysis of thermomagnetic measurements results

Thermomagnetic measurements were performed by Faraday

method, which is based on the inhomogeneous magnetic field

effect on magnetic material. The condition that the value of mag-

netic field intensity H multiplied by its change along the vertical

axis is constant has been fulfilled by special construction of

vertically positioned solenoid. Magnetic field intensity H at the

sample positioning spot was 7 kA/m.

During the first and second heating, the decrease in magnetic

susceptibility in temperature region from 690 to 710 K is the

result of getting closer to Curie temperature (TC) of amorphous

alloy (Fig. 3). After the first heating in amorphous state temper-

ature region up to 710 K (see DSC curve on Fig. 1) and upon

cooling to room temperature, magnetic susceptibility increases

by 30% (Fig. 3b). Magnetic susceptibility increase upon the first

heating is caused by structural relaxation of amorphous structure

during the first heating.

Fig. 3. Temperature dependence of relative magnetic susceptibility of

Fe89.8Ni1.5Si5.2B3C0.5: (a) amorphous alloy (1) and crystallized alloy (2); (b)

(1) the first heating up to 710 K, (2) the second heating up to 840 K and (3) the

third heating up to 900 K in argon atmosphere.

Within the process in concern, internal strains and free vol-

ume are reduced in starting material. These changes are accom-

panied by subtle interatomic movements, bringing about the

changes in electron structure. This leads to an increase in the

number of electrons with unpaired spin in the direction of outer

magnetic field, as well as to the decrease in number of electrons

with the spin of reversed direction than that of the field, which

causes an increase in magnetic susceptibility upon cooling. At

the same time strains and free volume decrease during struc-

tural relaxation enables greater mobility of magnetic domains

walls, which further contributes to magnetic susceptibility

increase.

During the second heating (Fig. 3b) in temperature region

from 710 to 750 K the alloy loses its ferromagnetic features.

With further heating up to 840 K magnetic susceptibility starts

rising and the alloy regains its ferromagnetic features, since the

crystallization process starts at about 800 K (see DSC curve on

Fig. 1). After the second heating up to 840 K, magnetic suscep-

tibility decreases by 23% (Fig. 3b) as compared to the value in

amorphous state (χ300 K) and by 53% as compared to the value

in relaxed state after first heating. During the second (Fig. 3a)

and the third heating (Fig. 3b) above crystallization temper-

ature, alloy maintains its ferromagnetic features in the whole

temperature region, whereas the maximum change in magnetic

Fig. 4. Temperature dependence of: (a) electrical resistivity and (b) the first

derivative of electrical resistivity of Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy.
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susceptibility occurs at about 460 K as a consequence of further

phase transformation crystallized alloy.

3.3. The analysis of electrical resistivity measurements

Fig. 4a graph shows temperature dependence of the electri-

cal resistivity of the investigated amorphous alloy. The obtained

graph clearly shows that each crystallization stage is followed

by electrical resistivity decrease. The differentiation of obtained

correlation ρ(T) (Fig. 4b) shows that the maximum in resistivity

temperature coefficient occurs at about 700 K when the effects of

conductive electrons scatering on magnons disappeared [14,15].

At that temperature the amorphous alloy loses its ferromagnetic

features (TC), which is in excellent correlation with the thermo-

magnetic measurements results (Fig. 3a).

4. Conclusion

This paper give the analysis of the correlation between pro-

cesses of structural relaxation and crystallization and relative

changes in magnetic susceptibility of the Fe89.8Ni1.5Si5.2B3C0.5

amorphous alloy. It was shown that the crystallization process

occurs in three stages with crystallization peak temperatures of

the first stage 799 K, of the second stage 820 K and of the third

stage 888 K. The temperature dependence of magnetic suscep-

tibility was investigated in three heating cycles in temperature

region from room temperature to 900 K. It was shown that the

amorphous alloy loses its ferromagnetic features at the tempera-

ture of about 700 K (TC), which is in accordance with the results

obtained from temperature dependence of specific electric resis-

tivity. Upon the first heating up to 710 K, magnetic susceptibility

of the examined alloy increases by 30% as compared to the start

value before the first heating. During the second heating up to

840 K, in temperature region from 710 to 750 K, the alloy loses

its ferromagnetic features, meaning that it maintains amorphous

structure in that temperature region. After that, magnetic sus-

ceptibility rises during further heating and the alloy regains its

ferromagnetic features, since the crystallization process starts.

Upon the second heating magnetic susceptibility decreases by

23% as compared to the start value before the first heating, and

by 53% as compared to the value before the second heating.

During the third heating up to 900 K the alloy maintains its fer-

romagnetic features in the whole temperature region as it has

completely crystallized.
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Materialah Različnoj Prirodi, Kiev, Akademperiodika, 2002, pp. 72–74.

[9] K.G. Efthimiadis, G. Stergioudus, S.C. Chadjivasiliou, I.A. Tsoukalas,

Cryst. Res. Technol. 37 (2002) 827.

[10] A.P. Spak, J.A. Kunickij, V.I. Lisov, Klasternie i nanostrukturnie mate-

riali, Kiev, Akademperiodika, 2002.

[11] K. Suzuki, H. Fudzimori, K. Yasamoto, Amorfnye Metally, Metallurgiya,

Moskva, 1987.

[12] V.E. Egoruskin, N.V. Melnikova, Metalofizika T.10 (1) (1988) 81.

[13] A.P. Spak., V.L. Karbovskij, A.V. Bliznij, Bliznij poredak i osobennosti

elektronnoj strukturi v amorfnih metalliceskih splavah na osnove 3d-

metallov, KNMF, 1994, p. 44.

[14] G. Bohnke, S.N. Kaul, W. Kettler, M. Rosenberg, Solid State Commun.

48 (9) (1983) 743.

[15] I. Balberg, J.S. Helman, Phys. Rev. B 18 (1) (1978) 303.

������ �

69



������ 

70

������ �

71



������ 

72

������ 

73



������ 

74

������ 

75



������ 

76

������ 

77



������ 
78

������ �

79



Journal of Alloys and Compounds 430 (2007) 241–245

Structural changes of Co70Fe5Si10B15 amorphous alloy

induced during heating
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Abstract

In this study we present the results on complex structural changes of the Co70Fe5Si10B15 amorphous alloy induced during heating in the temperature

range between 20 and 1000 ◦C. The structural and phase transformation changes were correlated with DTA, XRD and SEM properties. It is shown

that initial Co70Fe5Si10B15 alloy during heating undergoes complex crystallochemical changes. In the range between ambient temperature and

near 400 ◦C, investigated alloy retains the solid-state amorphous properties. Prolonged heating induces complete transformation to crystalline solid

state. The solid–solid amorphous to crystalline state transformation process is completed at 500 ◦C, when two nanocrystalline phase alloy systems

are formed. Prolonged thermal treatment between 600 and 1000 ◦C, influenced further elemental segregation and phase transition. At 1000 ◦C, the

composite material consisting of two FCC cobalt-rich alloys and a hexagonal unidentified alloy are formed.

© 2006 Elsevier B.V. All rights reserved.

Keywords: Amorphous materials; Metals and alloys; Rapid solidification; Phase transformation; Themodynamic properties

1. Introduction

The amorphous metallic alloys represent a class of materials

characterized by structure with absence of the long-range order

[1,2]. For multi-component alloys this is more universal fea-

ture. As the first approach, amorphous alloys can be considered

as two or multi-components solid solutions, like a liquid solu-

tions. However, they possess the typical properties of solids.

According to intensive experimental investigations, the amor-

phous alloys can be obtained practically in any multi-component

system. There are several methods developed for preparation this

class of materials. They are based on rapid cooling of liquid met-

als, alloys or their vapors condensing on a cold support and other

methods used for achieving strong non-equilibrium conditions

[3,4]. Synthesized alloys in forms of ribbon or wire represent a

new materials with an interesting combination of physical prop-

∗ Corresponding author. Tel.: +381 11 3322883; fax: +381 11 187 133.

E-mail addresses: drminic@gmail.com, dminic2003@yahoo.com

(D.M. Minić).

erties that make them very attractive from the technical point of

view.

The amorphous state of matter is, however, structurally and

thermodynamically unstable and very susceptible to partial

or complete crystallization during thermal treatment or non-

isothermal compacting. The latter imposes the knowledge of

alloys stability in a broad temperature range due to differ-

ent crystallization processes [5], which appears during heating.

However, by annealing below the crystallization temperature

this material undergoes structural relaxation processes includ-

ing two competitive processes: free volume decrease, which

lowers the rate of diffusion mass transport, and arranging pro-

cess which brings the alloy closer to the crystalline state by

increasing its readiness for crystallization. Physical features of

amorphous metal alloys are irreversibly changed in the process

of structural relaxation occurring slightly below the crystalliza-

tion temperature. Kinetic properties of amorphous alloys show a

correlation between the physical nature of anomalous behavior

of electronic states density at the Fermi level, thermal conduc-

tivity, heat capacitance and electrical resistivity and structural

inhomogeneities in these materials.

doi:10.1016/j.jallcom.2006.05.035
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Recently, a giant magnetoimpedance (GMI) effect, discov-

ered in the amorphous alloys, has generated growing interest

among researchers and manufacturers because of their practi-

cal use for magnetic sensing and recording applications [6–9].

Among these alloys, those from the quaternary Co–Fe–Si–B

system have attracted considerable attention in recent years

[7–12]. However, the physical properties of this amorphous

alloy systems are strongly dependent on composition, the

cooling rate, oblique of alloy, subsequent thermal treatment,

etc.

Our recent published results on Co84Fe5Si8.5B2.5 amorphous

alloy [13] show that crystallization occurs via three steps. The

first two steps, nucleation and formation of microcrystallites

between 530 and 540 ◦C are insufficient to give measurable

XRD changes. The real crystallization process takes place during

the last step at temperatures above 800 ◦C. Our results obtained

on Co70Fe5Si10B15 amorphous alloy by measuring the thermo-

electromotive force during isothermal annealing at temperatures

under crystallization point [14] show influence of the change free

electron state density at the Fermi level on electrical an magnetic

properties of investigated alloy.

To explain the mentioned influences, in this study, we inves-

tigated the thermal stability and structural transformations of

Co70Fe5Si10B15 amorphous alloy in broad interval from ambi-

ent temperature to 1000 ◦C.

2. Experimental procedure

A 30-�m thick ribbon of the Co70Fe5Si10B15 amorphous alloy, prepared in

the Baykov Institute of Metallurgy in Moscow by the melt spinning method,

was used as a sample in our research.

The thermal stability was investigated by non-isothermal analysis (DSC)

using a Du Pont Thermal Analyzer (model 1090). In this case, samples of about

several milligrams were heated in the DSC cell from room temperature to 700 ◦C,

at heating rates of 5, 10, 15, 20 and 40 ◦C/min, in a stream of nitrogen at ambient

pressure.

The X-ray powder diffraction (XRD) patterns were recorded on a Philips PW-

1710 automated diffractometer using a Cu tube operated at 40 kV and 30 mA.

The instrument was equipped with a diffracted beam curved graphite monochro-

mator and Xe-filled proportional counter. For routine characterization diffraction

data were collected in the 4–100◦ 2Θ range of Bragg angles, counting for 1 s.

Diffraction data for a crystallite size measurements between 40◦ and 50◦ Bragg

angles were collected using a 4 s scan at 0.02◦ steps. A fixed 1◦ divergence and

0.1 mm receiving slits were used. Silicon powder was used as an external stan-

dard for calibration of diffractometer. All XRD measurements were recorded

on a solid samples in a form of ribbon at ambient temperature. Prior to XRD

experiment the samples were heated to the elevated temperatures for 20 min in

the nitrogen atmosphere.

The unit cell dimensions of alloys formed at 1000 ◦C were calculated from

powder data by least-square refinement procedure using program Lsucripc [15].

The face centered cubic unit cell dimensions and Fm3m space group for Co found

in JCPDF data base (file card 15-0806), were applied as a starting parameters for

least-square procedure. Crystallite size dimensions, i.e. the length of coherent

ordered structure (<Dh k l> Å), were determined by using an interactive Windows

program for profile fitting and size analysis Winfit [16]. Full-width at half-

maximum (FWHM) values of the (1 1 1) peaks at Bragg angle 2Θ = 44.9◦, were

fitted assuming a Pearson VII function for a profile.

The microstructure and composition homogeneity of the obtained samples

were investigated by a scanning electron microscope JOEL-JSM 5300. Prior

to the microscope observation Au thin film was applied on flat surfaces of the

specimens.

3. Results and discussion

3.1. Thermal investigations

To estimate the ability of alloys to form amorphous phases

and to define their thermal stability the kinetics of crystallization

during heating is usually investigated. For this purpose ther-

mal analysis is the most frequently used methods [17]. Using

different heating rates and measuring one property, proportion-

ally connected with the degree of conversion, the dependence of

conversion rate on temperature and time can be determined. The

general equation enabling the analysis of conversion kinetics for

nucleation and growth of particles of new phase was proposed

by Avrami [18]:

ξ(τ) = 1 − exp[−(kτ)n] (1)

where k = k0 exp(−Ea/RT) and ξ(τ), n, k0, Ea are degree of

transformed, Avrami constant volume, frequency factor and acti-

vation energy, respectively.

From this equation by using various approaches for the tran-

sition to constant rates of heating βi and by checking the char-

acteristic temperatures Ti corresponding to the definite part of

conversion (ξ), we can obtain expressions for calculation of acti-

vation energy of processes known as Ozawa’s equation [19]:

ln β = −
Ea

RTi

+ C1 (2)

and Kissinger’s equation [20]:

ln

(

T 2
i

βi

)

=
Ea

RTi

+ C2 (3)

where C1 and C2 are constants.

The linearity criterion of the experimental data plotted in

the corresponding coordinates is usually taken as a proof of

reliability of one or another equation.

According to DSC measurements (Fig. 1), the alloy crystal-

lizes step by step with two well formed exothermal maxima at

temperatures at about T1 = 460 ◦C and T2 = 540 ◦C, respectively.

However, it is important to notice here that discussed thermally

Fig. 1. DSC curve of initial amorphous Co70Fe5Si10B15 alloy; heating rate

10 ◦C/min.
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Table 1

The thermal and kinetic parameters process of crystallization

Step Ea (Kissinger) (kJ/mol) Ea (Ozawa) (kJ/mol) k (s−1) t1/2 (s)

1 433.1 ± 11 445.5 ± 11 0.019 36.5

2 543.5 ± 11 554.9 ± 11 0.023 30.1

induced changes, i.e. crystallization processes, already started

earlier at 400 ◦C, which is confirmed by XRD experiment. The

thermal and kinetic values of the crystallization process were

determined by analyzing the shifts of exothermal maxima in

DSC thermograms depending on the heating rate (Table 1). The

activation energies of both crystallization steps were determined

according to Eqs. (2) and (3). The process frequency factors

were determined according to relation k0 = [βE exp(E/RT)]/RT2.

From the relation k = k0 exp(−E/RT), the crystallization rate

constants were determined for temperature of the exothermal

maxima. The error of calculating of activation energies was

determined as a root-mean-square deviation multiplied on Stu-

dent’s coefficient for the probability 0.95.

It is interesting to note the high values of the calculated

activation energies of amorphous alloy crystallization processes

(Table 1). The activation energy of solid-state reactions proceed-

ing through formation of nuclei and their growth, according

to opinion of some researches [17], has no physical meaning

but only empirical character and practically establishes only

the dependence of the rate of conversion on temperature. This

energy can be spent, not only for overcoming the activation bar-

rier but, mainly for its downturn due to cooperative displacement

of atoms [21]. Thus in experiments, the total value of energy

spent both, for downturning the potential activation barrier and

for its overcoming is determined. The opinion that the elemen-

tary act of solid-state conversion is accompanied by simulta-

neous correlated displacement of groups of atoms is especially

relevant to the process of crystallization of amorphous alloys,

which is well described by the kinetics of viscous flow character-

ized by the simultaneous movement of atom collectives. Finally,

the crystallization of amorphous alloys is a very complicated

process accompanied by nucleation and growth of various crys-

tal phases under continuously varied conditions of chemicals

Fig. 3. Thermally induced phase evolution of the amorphous Co70Fe5Si10B15

alloy with temperature increasing: (a) the initial alloy at ambient temperature;

(b) the initial alloy heated at 400 ◦C for 20 min; (c) the initial alloy heated at

500 ◦C for 20 min; (d) the initial alloy heated at 600 ◦C for 20 min; (e) the initial

alloy heated at 700 ◦C for 20 min.

surroundings in a zone of conversion. Obviously, such a pro-

cess occurs not only with the single value of activation energy

and not by formation of a single configuration of activated com-

plex [22]. In practice, with the multitude of probable ways of

conversions, only those mechanisms and activated complexes

of the crystallization process will be realized that are the most

probable at a given temperature. Any change of crystallization

conditions, such as heating rate, can result in a change of the

mechanism and main activation complex of the crystallization

process. Thus high values of activation energy of crystallization

of amorphous alloys, first of all, indicates that a lot of atoms

participate in an elementary act of structure reorganization, as

well as high complexity of these processes (Fig. 2).

3.2. X-ray powder diffraction and scanning electron

microscopy investigations

The XRD pattern of initial non-heated amorphous

Co70Fe5Si10B15 alloy is shown in Fig. 3(curve a). The powder

patterns obtained after heating of initial alloy at higher temper-

atures are shown in Fig. 3(curves b–e).

It is obvious from these figures that initial sample (Fig. 3,

curve a), pass through successive phase transformations during

heating treatment. Between ambient temperature and 300 ◦C,

initial alloy retains amorphous properties what is consistent with

Fig. 2. The activation energy plots: (a) ln β = f(1/T) according Ozawa and (b) ln(T2/β) = f(1/T) according Kissinger for both steps of crystallization.
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Fig. 4. SEM micrographs of thermally induced phase evolution of amorphous Co70Fe5Si10B15 alloy: (a) the initial non-heated alloy; (b) the initial alloy heated at

400 ◦C for 20 min; (c) the initial alloy heated at 700 ◦C for 20 min; (d) the initial alloy heated at 1000 ◦C for 20 min.

SEM investigations. A characteristic micrograph obtained from

initial alloy is shown in Fig. 4(a). Prolonged heating between

400 and 500 ◦C induces amorphous alloy recrystallization to, at

least, two unidentified intermediary crystalline phases (Fig. 3,

curves b and c). One of these two phases with characteristic

peak at 2Θ = 44.20◦, is more abundant and represent the (1 1 1)

interplanar distance of Co-rich FCC cubic crystal lattice. The

phase is always present at 400 ◦C (Fig. 4(b)), which means that

its crystallization from amorphous matrix started earlier between

300◦ and 400◦. In other words, thermally induced elemental seg-

regation in amorphous ribbon always starts in aforementioned

temperature region. The alloy segregation/crystallization pro-

cesses induced by heating are monitored also by appearance of

dendritic forms in SEM micrographs taken between 400◦ and

500 ◦C. A characteristic micrograph is shown in Fig. 4(b).

Another growing intermediary phase is characterized by

appearance of small peak at 2Θ = 45.68◦ (Fig. 3, curve c) which

could not be indexed on FCC symmetry. The inspection of

JCPDS [23] data base shows that discussed phase is the most

similar to Co pattern (file card no. 5-0727) having hexagonal

symmetry. It is important to notice that the samples heated at

400 and 500 ◦C are still characterized by presence of consider-

able quantity of amorphous matter. However, we concluded from

grain size measurements that temperature increasing influenced

directly growth of Co-rich cubic alloy. This is confirmed by crys-

tallite size measurements at peak 2Θ = 44.20◦. Obtained values

of <D1 1 1> of 125, 165 and 610 Å for ribbons heated at 400,

500 and 600 ◦C, respectively; speak in favor of accelerated crys-

tal growth between 400 and 600 ◦C temperature range (Fig. 3,

curves b–d). In essence, the observed data can be interpreted

in term of crystallochemical changes from nanostructured or

strongly disordered to well ordered crystalline state, which have

direct influence on physico-chemical characteristics of alloys. It

is readily to notice that crystallite growth coincide with abrupt

changes of electrical resistivity [14] and appearance of two

exothermal peaks at DSC curve, too (Fig. 1). The extent of heat-

ing process complexing and dependence on different parameters

clearly show our further considerations. Fig. 3(curve d) repre-

sents powder pattern of Co70Fe5Si10B15 alloy heated at 600 ◦C.

Its basic characteristic is absence of amorphous substance. That

means that recrystallization process, i.e. reorganization of ini-

tially amorphous alloy into crystalline state is completely fin-

ished at 600 ◦C. In the phase composition of alloy obtained at this

temperature, the so-called Co-rich FCC phase is quantitavely

dominant. Another unidentified crystalline phase, which started

to grow between 400 and 500 ◦C, is present in traces (Fig. 3,

curves c and d). The phase has the strongest peak at 2Θ 45.68◦

and its optimal stability conditions correspond to temperature

range between 600 and 650 ◦C. This conclusion is supported by

phase instability at higher temperatures. Already, upon heating

at 700 ◦C, the phase disappeared completely, whereas the FCC

Co-rich phase stays stable (Fig. 3, curve e). Another evidence for

existence of the unidentified second phase at 600 ◦C we found

in SEM micrographs shown in Fig. 4(c), where characteristic

elongated prismatic crystals are clearly visible.

Phase analysis of patterns heated between 700 and 1000 ◦C

shown in Figs. 3(curve e) and 5, revealed an interesting

order–disorder phenomena connected with dominant Co-rich

FCC phase. This is manifested by splitting of all measured

peaks in XRD pattern. This unexpected result indicates that

FCC Co-rich phase undergoes through additional order–disorder

processes. Upon heating at 700 ◦C this is segregated into two

FCC Co-rich phases characterized by various cell dimensions

like aI = 3.5476(5) Å and aII = 3.5384(6) Å. These results sug-

gest interesting conclusions. If we compare unit cell dimensions

mutually and in relation to a FCC pure Co metal (a = 3.544 Å,
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Fig. 5. A whole range XRD powder pattern of Co70Fe5Si10B15 alloy after heat-

ing at 1000 ◦C for 20 min.

JCPDS card file no. 15-0806 [23]). It is obvious that FCC Co-

rich-I phase has greater (expanded), whereas FCC Co-rich-II

phase has smaller (contracted) unit cell in relation to pure Co unit

cell. These results undoubtedly speak in favor of Co metal iso-

morphous replacement by Fe, Si and B atoms and order–disorder

phenomena in both segregated alloy phases. Moreover, some of

these FCC alloy phases are clearly visible in numerous SEM

micrographs obtained between 700 and 1000 ◦C as perfect cubic

single crystals. A characteristic SEM micrograph taken after

heating at 1000 ◦C is shown in Fig. 4(d). However, the phase

composition of this sample is more complex. The powder pattern

(Fig. 5), shows a small presence of third phase with characteris-

tic peak 2Θ at 47.20 ◦C which is very similar to alloys discussed

hexagonal phase.

4. Conclusion

The Co70Fe5Si10B15 amorphous alloy made by the Baykov

Institute of Metallurgy in Moscow was used for thermal char-

acterization in a broad range between ambient temperature and

1000 ◦C. The results obtained from thermal (DTA, DSC), XRD

and SEM measurements allow us to conclude that initial alloy

having GMI effect undergoes complex phase transformation

processes by heating.

The Co70Fe5Si10B15 amorphous alloy retains its amorphous

structure up to near 400 ◦C. In that temperature range the

electric and GMI magnetic [14] properties remain practically

unchanged. Prolonged heating over 400 ◦C initiates structural

changes of the starting alloy. They are manifested by ther-

mally induced atom interdiffusion accompanied by its elemental

segregation and simultaneous crystallization. Grain size XRD

measurements show that crystallization processes starts at near

400 ◦C with nanosized crystallites. Their growth is temperature

dependent. Recrystallization processes between 400 and 500 ◦C

are very complex and could not be completely resolved. In that

temperature range, initial amorphous alloy changed its structural

state to completely crystalline which is accompanied by loss of

electromagnetic properties. However, in the same temperature

range a multiphase crystallization and phase transformation pro-

cesses start simultaneously. They continue almost up to near

700 ◦C, where two various FCC Co-rich phases are formed. Its

XRD investigations showed that they are quantitavely dominant

and stable at 1000 ◦C. The results of unit cell dimension mea-

surements, indirectly confirm its different chemical composition

and final atomic segregation of initial amorphous alloy into a

composite material.
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a b s t r a c t

The non-isothermal crystallization of �-Fe from Fe81B13Si4C2 amorphous alloy was investigated. The

kinetic parameters of crystallization process were determined by Kissinger and Kissinger–Akahira–Sunose

(KAS) methods. It was established that the kinetic parameters of transformation do not change with

the degree of crystallization in the range of 0.1–0.7. The kinetic model of the crystallization process

was determined using the Malek’s procedure. It was established that the primary crystallization �-Fe

phase from amorphous alloy can be described by Šesták–Berggren autocatalytic model with kinetic triplet

Ea = 349.4.0 kJ mol−1, ln A = 50.76 and f(˛) = ˛0.72(1 − ˛)1.02.

1. Introduction

Amorphous alloys are relatively new materials offering a spe-

cific combination of properties and attracting special interest of

many scientists during the last two decades. The metallic glasses

of Fe and Co alloys have attracted much attention since exhibiting

soft ferromagnetic properties which made them very applicable in

different devices, including transformers, sensors, magnetic tapes

and heads of recorder [1–5].

The amorphous state of matter is, however, structurally and

thermodynamically unstable and very susceptible to partial

or complete crystallization during thermal treatment or non-

isothermal compacting which is followed by change in their

structural and physical properties [6]. The crucial limitation with

respect to using amorphous alloys for high temperature applica-

tions arises from their restricted thermal stability. The onset of

exothermic crystallization upon crossing the stability domain of

the glassy state results in the formation of highly stable, but brittle

intermetallic compounds, which renders these alloys useful only

once. The latter imposes the knowledge of the alloys stability in a

broad range of temperatures due to different crystallization pro-

cesses, which appears during heating.

There are three important modes of crystallization involving

nucleation and growth processes, depending on the composition

of a particular alloy: the polymorphous crystallization, primary

crystallization and eutectic crystallization [7]. The polymorphous

∗ Corresponding author. Tel.: +381 11 3336 689; fax: +381 11 187 133.

E-mail address: dminic@ffh.bg.ac.yu (D.M. Minić).

crystallization occurs without any change of composition so there

is no concentration difference across the reaction front. Primary

crystallization is the process in which a phase of one of the alloy

constituents first crystallizes. The dispersed primary crystallized

phase coexists with the amorphous matrix and may serve as the

nucleation site for secondary or tertiary crystallization. Eutectic

crystallization is the simultaneous crystallization of two crystalline

phases by discontinuous reactions.

The crystallization of a metallic glass upon heating is induced

in several ways. In calorimetric measurements, two basic methods

are in use, isothermal and non-isothermal. However, the results

of the crystallization process can be explained in terms of several

theoretical models [8].

The present paper gives a detailed study of the crystallization

kinetic of the Fe81B13Si4C2 amorphous alloy in forms of ribbon.

The kinetic parameters of the glass-crystallization transformation

were investigated under non-isothermal conditions applying two

different methods: classic and isoconversion.

2. Experimental procedure

2.1. Materials and methods

The ribbon shaped samples of Fe81B13Si4C2 amorphous alloy

were obtained using the standard procedure of rapid quenching

of the melt on a rotating disc (melt-spinning). The obtained ribbon

was 2 cm wide and 35 �m thick.

The crystallization process was investigated by the differential

scanning calorimetry (DSC) in a nitrogen atmosphere using SHI-

MADZU DSC-50 analyzer. In this case, samples weighing several

doi:10.1016/j.tca.2008.05.010
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milligrams were heated in the DSC cell from room temperature to

650 ◦C in a stream of nitrogen with a flowing rate of 20 mL min−1

and at the heating rates of 5, 10, 20 and 30 K min−1.

In order to investigate the structural transformations by X-ray

diffraction (XRD), the samples of amorphous alloy Fe81B13Si4C2

were annealed at the different temperatures, in the temperature

range of 473–1103 K, in a stream of nitrogen during 30 min. The X-

ray powder diffraction patterns for as-prepared alloy as well as for

annealed samples were recorded on a Philips PW-1710 automated

diffractometer using a Cu tube operated at 40 kV and 30 mA. The

instrument was equipped with a diffracted beam curved graphite

monochromator and Xe-filled proportional counter. For the routine

characterization, the diffraction data was collected in the range of

2� Bragg angles (4–100◦ counting for 0.1 s). Silicon powder was used

as an external standard for calibration of diffractometer. All XRD

measurements were done with solid samples in a form of ribbon at

ambient temperature.

3. Kinetic analysis

The kinetic information can be obtained from dynamic exper-

iments by means of various methods. The methods of thermal

analysis, such as DTA or DSC, are very popular for kinetic analysis

of crystallization processes in amorphous solids. All kinetic stud-

ies assume that the isothermal rate of conversion d˛/dt, is a linear

function of the temperature-dependent rate constant, k(T), and a

temperature-independent function of the conversion, f(˛), that is

d˛

dt
= k(T)f (˛), (1)

where t represents time, ˛ is the extent of reaction, T is the tem-

perature, k(T) is the temperature-dependent rate constant and f(˛)

is a function that represents the reaction model [9].

According to Arrhenius’s equation, the temperature-dependent

rate constant, k(T) is defined as

k(T) = A exp

(

−
Ea

RT

)

, (2)

where A is the pre-exponential factor independent of temperature,

Ea is the activation energy and R is the gas constant.

From these equations, the relation obtained was

d˛

dt
= A exp

(

−
Ea

RT

)

f (˛). (3)

The extent of reaction (˛) is deduced from DSC measurements

using Borchardt’s assumption [10]:

˛ =
�H(t)

�H
⇔

d˛

dt
=

1

�H

dH

dt
, (4)

where �H(t) and �H are the partial and total integrals of the mea-

sured signal, respectively; dH/dt is the rate of the transformation

heat power.

By drawing the straight line between the beginning and the end

of the peak as the baseline, it is always possible to obtain ˛ and

d˛/dt from DSC curves. Eq. (4) shows that the rate of conversion

d˛/dt is proportional to the measured specific heat flow. For non-

isothermal measurements at constant heating rate ˇ = dT/dt, Eq. (3)

is transformed to

ˇ
d˛

dT
= A exp

(

−
Ea

RT

)

f (˛), (5)

where d˛/dt ≡ ˇ(d˛/dT).

The overall activation energy of crystallization of an amorphous

alloy under linear heating condition can be determined by the

Kissinger as well as by the Ozawa peak methods relating on the

dependence of the exothermic peak temperature Tp on the heating

rate ˇ [11].

Kissinger [12] proposed that the activation energy can be deter-

mined according to the equation:

ln

(

ˇ

T2
p

)

= ln

(

AR

Ea

)

−
Ea

RTp
. (6)

In this case, the plot of ln(ˇ/T2
p ) versus 1/Tp yields a straight line

with a slope of −Ea/R and an intercept of ln(AR/Ea).

For the determination of the activation energy in non-

isothermal conditions Ozawa [13] proposed the equation:

ln ˇ = ln
AEa

R
− 1.0516

Ea

RTp
, (7)

where the plot of ln(ˇ) versus 1/Tp yields a straight line with a slope

of −Ea/R and an intercept of ln(AEa/R).

On the basis of dynamic DSC measurements for different heating

rates, isoconversional method of Kissinger–Akahira–Sunose (KAS)

method enabling the determination values of Ea over a wide range

of conversions ˛ without knowing the conversion function was also

used [12,14]. This model known as “model-free method”, involves

measuring the temperatures T˛ corresponding to fixed values of

the crystallized volume fraction, ˛, for different heating rates, ˇ,

and the plotting ln ˇ against 1/T˛, according to the equation:

ln

(

ˇ

T2
˛

)

= ln

(

AR

Ea(˛)
F(˛)

)

−
Ea(˛)

RT˛
. (8)

The left-hand side of Eq. (8) is linear with respect to the inverse

temperature, 1/T˛, and enables the activation energy to be evalu-

ated by using a linear regression method. In the case of a single step

process, a constant value of Ea(˛) is obtained, while the dependence

of Ea(˛) upon ˛ indicates a complex process involving more than

one step having different activation energies [15].

General equation enabling the analysis of conversion kinetics

involving nucleation and growth in solid phase was proposed by

Avrami [16]:

˛(t) = 1 − exp[−(kt)
n
], (9)

where k = k0 exp(−Ea/RT), ˛(t) is a degree of transformed volume, n

is a kinetic exponent.

Differentiation of this equation with respect to time gives the

rate equation usually known as the JMA equation:

d˛

dt
= kn(1 − ˛)[−ln(1 − ˛)]1−1/n. (10)

The JMA equation is based on assumptions of isothermal crys-

tallization, homogenous nucleation or heterogeneous nucleation at

randomly dispersed particles of the second phase. The growth rate

of the new phase is independent of time and controlled by temper-

ature and low anisotropy of growing crystals. However if the entire

nucleation process takes place during the early stage of transfor-

mation and becomes negligible afterward, the JMA equation can

also be applied in non-isothermal conditions [17].

The validity of listed assumptions is not given a priori, and a

simple and reliable testing method was developed [18,19]. Once

the apparent activation energy has been determined, it is possible

to find the kinetic model which best describes the measured set of

thermoanalytical data. It can be shown that, for this purpose, it is

useful to define two special functions y(˛) and z(˛), which can easily

be obtained by a simple transformation of the experimental data.

The conversions, in which the y(˛) and z(˛) functions exhibit the

maximum values are designated as ˛∗
y and ˛∗

z , respectively. In non-

isothermal conditions, these functions can be expressed as follows
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[18–20]:

y(˛) =

(

d˛

dt

)

exp

(

Ea

RT

)

= Af (˛), (11)

z(˛) ≈

(

d˛

dt

)

T2. (12)

The maximum of the y(˛) function for the JMA model depends

on the value of the kinetic exponent:

˛∗
y = 0 for n ≤ 1,

˛∗
y = 1 − exp(n−1 − 1) for n > 1.

The value of ˛∗
y is always lower than the maximum of value for

˛∗
z . For JMA model, ˛∗

z = 0.632. This value is a characteristic “fin-

gerprint” of the JMA model, and it can be used as a simple test of

the applicability of this model.

If the y(˛) function exhibits a maximum in interval ˛∗
y ∈ (0, ˛z)

and ˛∗
z �= 0.632, the empirical Šesták–Berggren kinetic model gives

the best description of the investigated process [21,22]. This model

is based on the equation:

f (˛) = ˛M(1 − ˛)N, (13)

where M and N represents the kinetic exponents.

In this case, the expression for reaction rate of the investigated

crystallization process can be given as

d˛

dt
= A exp

(

−
Ea

RT

)

˛M(1 − ˛)N . (14)

For this model, the ratio of the kinetic parameter p = M/N can be

calculated from the maximum of the y(˛) function [20]:

p =
M

N
=

˛∗
y

1 − ˛∗
y

(15)

Introducing this equation in Eq. (14) gives

ln

[(

d˛

dt

)

exp

(

Ea

RT

)]

= ln A + N ln[˛p(1 − ˛)]. (16)

This equation very well describes the processes of nucle-

ation and growth in non-crystalline solids. The parameters M

and N define relative contributions of acceleratory and decay

regions of the kinetic process. From the linear dependence

ln[(d˛/dt)exp(Ea/RT)] = f(ln[˛p(1 − ˛)]), it could be possible to

obtain the kinetic exponent N and the pre-exponential factor, ln A.

The value of kinetic exponent M then can be obtained directly from

Eq. (15).

4. Results and discussion

The crystallization kinetics of �-Fe in the amorphous alloy was

studied by differential scanning calorimetry at different heating

rates of the alloy (5, 10, 20 and 30 K min−1).

Fig. 1 shows the continuous DSC curves of Fe81B13Si4C2 ribbon

taken at four different heating rates.

All the DSC curves have a single well-formed exothermic peak

representing crystallization in the temperature range 770–830 K.

The exothermal peaks are significantly shifted to higher temper-

atures with an increasing heating rate. This is in accordance with

the presumption about the thermal activation of the crystallization

process. The influence of the heating rate on the values of initial,

Ti, maximal, Tp and final Tf temperatures is shown in Table 1. The

shape of DSC curves depends on the heating rate, too. The values of

shape factor, S, obtained as the ratio of half-widths of crystalliza-

tion peak for a particular heating rate, are presented in the same

table together with the values of kinetic parameters, the overall

Fig. 1. DSC curves for Fe81B13Si4C2 ribbon at different heating rates.

apparent activation energy and pre-exponential factor calculated

by Kissinger’s and Ozawa’s methods.

According to the values of shape factor S, asymmetry of conver-

sions curves increases with the decrease of heating rates indicating

that the heating rate have a strong influence on crystallization pro-

cess which can occur in more than one step.

Fig. 2 shows the XRD patterns of the Fe81B13Si4C2 amorphous

ribbon as prepared and after isothermal annealing the different

isothermal temperatures (298, 473, 673, 823, 873 and 1103 K).

The presence of only a spread halo at the 2� range of 20–45◦

suggests an amorphous structure of as-prepared alloy. The diffrac-

tion pattern of alloy annealed at the temperature of T = 473 K shows

beside of a spread halo and one very sharp peak at 2� = 83.4 ◦C

indicating the presence of a crystal phase in a matrix of an amor-

phous phase. The increase of the annealed temperature results

in an increase of the peak intensity. Starting from temperature

T = 823 K, the diffractograms show a new sharp peak with the

Fig. 2. XRD patterns for the alloy annealed at different temperatures.
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Table 1

The values of Ti , Tp , Tf and S for the amorphous Fe81B13Si4C2 alloy upon continuous heating at different heating rates

ˇ (K min−1) Ti (K) Tp (K) Tf (K) S Ozawa Kissinger

Ea (kJ mol−1) A (×1022 min−1) Ea (kJ mol−1) A (×1021 min−1)

5 765 785 815 0.59

338.0 ± 1.8 1.10 ± 2.28 351.2 ± 1.8 3.06 ± 2.28
10 774 793 819 0.59

20 782 804 827 0.70

30 786 811 833 0.75

maximum located at 2� = 45.3◦. A further increase of the anneal-

ing temperature causes an increased intensity of that peak and a

decrease of its half width indicating the increase of crystallinity

of alloy. Thoroughly studying diffractograms by the comparative

semi-qualitative analysis of annealed alloy, according to JPCDS card

no. 06 6698, gives evidence of the presence of �-Fe crystals in

annealed alloy beside an amorphous phase indicating the primary

crystallization amorphous alloy during heating.

These results show that probably even at ambient tempera-

ture, in the alloy exists highly disordered �-Fe clusters which being

ordered by annealing already at 673 K. The annealing of alloy at

the temperatures in the range of 673–823 K, leads further to the

ordering of structure. The dimensions and concentrations of the

formed �-Fe nuclei at T = 823 K are enough to cause a spontaneous

growing of �-Fe nuclei. The rate of nuclei growth increases with the

increasing of annealing temperature of the considered alloy.

In order to establish the influence of fractional extent of reaction

˛ on the values of kinetic parameters we applied the isoconver-

sion method, according to the Kissinger–Akahira–Sunose [12,14].

According to this method, a linear relationship of ln(ˇ/T2) versus

1/T was established, describing well data from non-isothermal DSC

measurements at the ˛ range of 0.1–0.7. The values of the appar-

ent activation energy and the intercepts ln[ARf(˛)/Ea] calculated by

means of this method are pointed out in Fig. 3.

It can be observed that the determined apparent activation

energy as well intercepts ln[ARf(˛)/Ea] for the crystallization pro-

cess of �-Fe in the amorphous Fe81B13Si4C2 alloy are practically

constant at the ˛ range of 0.1–0.7. This suggests that the appar-

ent activation energy as well as the pre-exponential factor depends

on the same way on the crystallization degree of considered pro-

cess. That could be an indication of a single step reaction. The

average value of the apparent activation energy was found to be

Ea = 352.4 ± 1.8 kJ mol−1.

The crystallization kinetics of the amorphous solids involving

the nucleation and growth of nuclei is usually interpreted by the

JMA model. The validity of this model was investigated using the

normalized y(˛) and z(˛) functions proposed by Malek [18–20],

Fig. 4.

Fig. 3. The apparent activation energies (Ea) and the intercepts as function of the

crystallized fraction ˛.

Fig. 4. Normalized y(˛) and z(˛) functions at the different heating rates.

The obtained normalized functions y(˛) and z(˛) are indepen-

dent on the heating rate, ˇ, and the both functions exhibit the

well-defined maxima which were located at an exactly defined

value of ˛ (˛∗
y for the y(˛) function and ˛∗

z for z(˛) function, respec-

tively), Table 2.

From Table 2, it can be seen that the values of ˛∗
y fall into

the range ˛∗
y ∈ (0, ˛z) (0.41 ≤ ˛∗

y ≤ 0.42) and the values of ˛∗
z are

less than 0.632 (0.51 ≤ ˛∗
z ≤ 0.55). From the obtained results, it

follows that the conditions of validity of the JMA model are not ful-

filled for the crystallization of �-Fe in an amorphous Fe81B13Si4C2

alloy. The displacement ˛∗
z in the range lower values indicates the

complexity of the process and can be caused by the influence of

surface nucleation or by the affect of released crystallization heat

on the temperature distribution within a sample. However, the

relatively high value of ˛∗
y indicates an increasing effect of the

crystallized phase to overall crystallization kinetics where the crys-

tallized phase further promotes the rate of the crystallization. Such

autocatalytic behavior can be well described by means of an empir-

ical two parameter Šesták–Berggren’s kinetic model, according to

Eq. (13).

Table 3 lists the values of kinetic exponents M and N, as well as

the values of ln A obtained by the procedure described above, for

the considered crystallization process at different heating rates.

The obtained values of kinetic exponents M and N are slightly

changed with the heating rate ˇ. The values of M vary in the range

of 0.64 ≤ M ≤ 0.81 with the average value of Mav = 0.72. The values

of N vary in the range of 0.89 ≤ N ≤ 1.17 with the average value of

Nav = 1.02. The values of the pre-exponential factor (ln A) in the lim-

Table 2

The maximum of ˛y and ˛z for the different heating rates

ˇ (K min−1) ˛∗
y ˛∗

z

5 0.41 ± 0.01 0.53 ± 0.01

10 0.42 ± 0.01 0.51 ± 0.01

20 0.42 ± 0.01 0.55 ± 0.03

30 0.41 ± 0.01 0.52 ± 0.01
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Table 3

The kinetic exponents M and N at different heating rates

ˇ (◦C min−1) M N ln A (min−1)

5 0.75 ± 0.03 1.08 ± 0.10 52.85 ± 0.06

10 0.66 ± 0.05 0.92 ± 0.05 53.03 ± 0.10

20 0.64 ± 0.05 0.89 ± 0.07 52.90 ± 0.07

30 0.81 ± 0.10 1.17 ± 0.04 53.02 ± 0.10

Average 0.72 ± 0.06 1.02 ± 0.07 52.95 ± 0.08

its of the experimental error are independent on the heating rate

(ˇ). It was shown that this two parameter autocatalytic model is

physically meaningful only for M < 1 [22]. The JMA model is only

a specific case of one general model where the entire nucleation

process takes place during the early stages of the transformations,

becoming negligible afterward. In that case, the crystallization rate

is defined only by temperature and does not depend on the previous

thermal history of alloy.

In order to check the established kinetic model, we applied the

“Master-plot” method [23,24] (Fig. 5). Using as a reference point

value at ˛ = 0.5, the following differential master equation is easily

derived from Eq. (3):

f (˛)

f (0.5)
=

d˛/dt

(d˛/dt)0.5

exp (Ea/RT)

exp (Ea/RT0.5)
, (17)

where (d˛/dt)0.5, T0.5 and f (0.5) are the reaction rate, the tempera-

ture reaction and the differential conversion function, respectively

at ˛ = 0.5.

The left side of Eq. (17), is a reduced theoretical curve which is

characteristic of each kinetic function. The right side of the equa-

tion is associated with the reduced rate and can be obtained from

experimental data if the apparent activation energy is known and

remains constant throughout the reaction. Comparison of both

sides of Eq. (17) tells us which kinetic model describes an exper-

imental reaction process.

It can be seen that by using the average value for the appar-

ent activation energy determined from Kissinger–Akahira–Sunose

isoconversional method, the suggested kinetic model works very

well in the entire conversion range. Therefore, the Šesták–Berggren

Fig. 5. The theoretical (solid line) and experimental differential master plots of

f(˛)/f(0.5) versus ˛ for different heating rates: (�) 5 K min−1; (�) 10 K min−1; (�)

20 K min−1; (♦) 30 K min−1 .

autocatalytic model represents the best reaction model for

describing the crystallization process of �-Fe in the amorphous

Fe81B13Si4C2 alloy.

The crystallization kinetics of amorphous solids is usually

interpreted in terms of the Johnson–Mehl–Avrami (JMA) model.

However, strictly speaking, this model is valid in isothermal con-

ditions, and it can be rigorously applied to the transformations

involving a nucleation and a growth only in a limited number of

special cases in non-isothermal conditions. An example of a system

which allows the non-isothermal application of the JMA models is

one in which the entire nucleation process takes place during the

early stages of the transformation, and it becomes negligible after-

ward. In this case, the crystallization rate is defined only by the

temperature and does not depend on the previous thermal history

of alloy.

The higher value of N exponent designates that the decisive

influence on the kinetics of transformation has the formed crystal-

lization phase and the rate of growth. In the propagation process,

on account of overlapping of nuclei in growing, it comes to retard

of crystallization rate. Bearing in mind the above facts, we can

assume that in the amorphous alloy, the �-Fe embryos already

exist and at T ≤ 823 K and at T ≥ 823 K, these embryos are momen-

tarily transformed into nuclei. The established acceleration of the

crystallization process is a consequence of the significant increase

of strains in the alloy, which arise on account of �-Fe formation

process.

5. Conclusions

Kinetics of crystallization of �-Fe from amorphous Fe81B13Si4C2

alloy can be described by the Šesták–Berggren’s kinetic model with

the following expression for the reaction rate: d˛/dt = 1.11 × 1022

exp(−349.4/RT)˛0.72(1 − ˛)1.02. At T ≥ 823 K it comes to instan-

taneous nucleation of embryos which already exist in the

crystallization nuclei of �-Fe. The acceleration of the crystallization

process is a consequence of strains in the material which arise on

account of the formation of �-Fe. On the other hand, the decrease

of the transformation rate is a consequence of an overlapping of the

growing �-Fe nuclei.
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a r t i c l e i n f o

Article history:

Received 9 February 2009

Received in revised form 9 April 2009

Accepted 14 April 2009

Available online 21 April 2009

Keywords:

Metallic glasses

Differential thermal analysis (DTA)

X-ray diffraction (XRD)

Phase transformations

a b s t r a c t

The thermal stability and crystallization of the Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy in non-isothermal

as well as in isothermal conditions were studied. It was shown that the amorphous alloy was sta-

ble up to a temperature of 753 K when a multi-step structural transformation began. Initially an �-Fe

phase was formed, followed by a Fe2B phase at temperatures over 813 K. Kinetic parameters, the

activation energy (Ea) and the pre-exponential factor (ln A), for both crystallization steps were deter-

mined as Ea = 486.3 kJ mol−1 and ln A (A [min−1]) = 72.7 for first step and Ea = 446.3 kJ mol−1 and ln A (A

[min−1]) = 63.7 for second step according the Kissinger method and as Ea = 499.9 kJ mol−1 and ln A (A

[min−1]) = 88.1 for first step and Ea = 460.8 kJ mol−1 and ln A (A [min−1]) = 79.2 for second step according

the Ozawa method.

1. Introduction

Disordered structural arrangement of Fe-based amorphous

alloys have been a subject of considerable scientific interest because

of their soft ferromagnetic properties, good mechanical properties

and high corrosion resistance making them very useful in a vari-

ety of devices including the transformers, sensors, magnetic tapes,

recorder heads, microgears, welding elements as well as dental and

medical implants [1,2]. However, the application of Fe-based amor-

phous alloys as structural materials is limited because of the very

high cooling rates required for their production to avoid crystal-

lization and high vacuum to overcome oxidation. The improving of

the purity of starting materials or the addition of metalloids such

as B, P, Si or C enhances the glass-forming ability of these materi-

als [3,4]. The substitution of Fe by Co, Ni or Co and Ni, as well as

increasing B/Si concentration ratio largely increases of the glass-

forming ability of Fe-based amorphous alloy, too. The amorphous

alloys are metastable materials so that the elevated temperature

as well as the prolonged performance could induce their trans-

formation into a crystalline state which, in turn deteriorates their

advantageous physical properties [5]. However, suitable thermal

treatment of amorphous alloys of an appropriate composition could

produce nanocrystalline alloys whose magnetic parameters do not

substantially deteriorate at elevated temperatures during their

practical exploitation. Because of their technological applicabil-

ity, the nanocrystalline Fe-based alloys possessing a metastable

∗ Corresponding author. Tel.: +381 11 3336 689.

E-mail address: dminic@ffh.bg.ac.yu (D.M. Minić).

two-phase microstructure with outstanding soft magnetic prop-

erties, very low coercivity, high saturation magnetic flux and high

permeability as a consequence of the averaging out of the mag-

netic anisotropy of the crystalline phase as the exchange length

becomes larger than the structural length, are very interesting

materials [6]. For these reasons the knowledge of the thermal

stability and structural transformations of amorphous alloys is of

great interest for two important reasons [7]. First, for amorphous

alloys that exhibit excellent magnetic and electric properties the

onset of crystallization represents the limit when these proper-

ties begin to deteriorate [8]. Second, control of the crystallization

process gives us the ability to tailor the microstructure that pro-

vides the desired properties in nanocrystalline–amorphous matrix

alloys [9–11]. On the other hand, the ability to predict and control

of the crystallization process of amorphous alloys is very important

for the preparation and preservation of useful microstructure. The

detailed analysis of crystallization data can also provide important

information about the temperature dependence of the processes

of nucleation and the growth of the crystallites in order to get

and control the optimal microstructure [12,13]. The crystalliza-

tion of these materials upon heating can be performed in several

ways. Usually, two basic methods are considered: isothermal and

non-isothermal. In these cases several techniques, such as differen-

tial scanning calorimetry [14], X-ray scattering [15], measurement

of electrical resistivity [16], and Mőssbauer spectrometry [17]

have been used to study crystallization of amorphous metallic

alloys.

We have previously studied a series of amorphous alloys based

on Fe and Co, from fundamental and practical points of view

[18–21]. The present paper concerns studies of the thermal stability

0925-8388/$ – see front matter © 2009 Elsevier B.V. All rights reserved.
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D.M. Minić et al. / Journal of Alloys and Compounds 482 (2009) 502–507 503

Fig. 1. DSC curves of the Fe89.8Ni1.5Si5.2B3C0.5 sample recorded at heating rates of 5,

10, 20, 40 K/min, respectively.

and structural transformations of Fe89.8Ni1.5Si5.2B3C0.5 amorphous

alloy induced by heating over the temperature range 298–1123 K.

2. Experimental procedures

Ribbon shaped samples of Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy with dimen-

sions 2 cm wide and 35 �m thick were obtained using the standard procedure of

rapid quenching of the melt on a rotating disc (melt-spinning method).

Thermal stability of the alloy as well as the structural transformations was inves-

tigated by differential scanning calorimetry (DSC) in a nitrogen atmosphere using

a DSC-50 analyzer (Shimadzu, Japan). Samples weighting several milligrams were

heated in the DSC cell from room temperature to 1123 K in a stream of nitrogen

flowing at 20 mL min−1 and with constant heating rates of 5, 10, 20 and 40 K min−1 .

The X-ray diffraction (XRD) experiments were performed on an X-Pert powder

diffractometer (PANalytical, Netherlands) using CuK� radiation in a Bragg-Brentano

geometry at 40 kV and 30 mA. This device is equipped with a secondary graphite

monochromator, automatic divergence slits, and a scintillation counter. The diffrac-

tion angle was changed stepwise in 0.05◦ (2�) intervals with a measuring time of

30 s/step.

The Rietveld refinement method as well as the single peak refinement approach

to analyze the XRD measurements was used. The TOPAS V3 general profile and

structure analysis software for powder diffraction data was used for this purpose

[22].

The Vickers microhardness tests were performed with a microhardness tester

MHT-10 (Anton Paar, Austria) with loads of 0.4 N and 10 s loading time. For each

sample multiple microhardness measurements were conducted.

For the scanning electron microscopy (SEM) investigations an XL 30 ESEM-FEG

(Environmental Scanning Microscope with Field Emission Gun, by FEI, Netherlands)

device was used. The samples were inspected using a 20 kV acceleration voltage at

a magnification of 3500× and 20,000×.

3. Results and discussion

In Fig. 1 typical dynamic differential scanning calorimetry curves

for the amorphous Fe89.8Ni1.5Si5.2B3C0.5 alloy at four different heat-

ing rates (5, 10, 20 and 40 K min−1) are displayed.

All DSC curves in the temperature range of 780–880 K show

two well formed crystallization peaks indicating the multi-stage

crystallization process of the alloy. The temperatures of both peaks

increase with an increase of the heating rate, indicating the thermal

activation of both steps of the crystallization process.

The apparent activation energy of crystallization Ea for each

observed crystallization step as well as the frequency factor A for

linear heating, can be determined by Kissinger’s as well as Ozawa’s

peak method from the relationship between the exothermic peak

temperature Tp and the heating rate ˇ [23,24].

According to Kissinger [23] the apparent activation energy can

be determined by applying the equation:

ln

(

ˇ

T2
p

)

= ln

(

AR

Ea

)

−
Ea

RTp
(1)

where plotting ln(ˇ/T2
p ) as a function of 1/Tp yields a straight line

with a slope of −Ea/R and an intercept of ln(AR/Ea).

For the determination of the apparent activation energy under

non-isothermal conditions Ozawa [24] proposed the equation:

ln ˇ = ln

(

AEa

R

)

−
Ea

RTp
(2)

where plotting of ln(ˇ) versus 1/Tp yields a straight line with a slope

of −Ea/R and an intercept of ln(AEa/R).

The values of the kinetic parameters determined according to

the Kissinger method are some higher than ones determined by

applying the Ozawa method, but the differences between the values

determined by the two methods are under 3%. Errors in the calcu-

lated values were determined as a root-square deviation multiplied

by Student’s coefficient for a probability of 0.95 (Table 1).

In our experiments as well as for other amorphous alloys based

on Fe [25,26] we found high values of the apparent activation energy

of crystallization (cf. Table 1). The activation energy of solid state

reactions proceeding through formation of nuclei and their growth,

according to the opinion of some researchers, has only an empirical

character and yields a practical determination of the dependence

of the rate of conversion on temperature. This energy can be spent,

not only for overcoming the activation barrier but also for lowering

the activation barrier due to co-operative displacement of atoms. In

these experiments, the total value of energy is determined both, for

the lowering of the potential activation barrier and for overcoming

the barrier. The high values of activation energy of crystallization of

amorphous alloys indicates that a significant fraction of the atoms

participate in the structural reorganization.

The amorphous structure of an alloy prepared by rapid quench-

ing of the melt was tested by X-ray diffraction methods. To study

the structural transformations induced by heating, samples of the

alloy were isothermally treated at different temperatures between

573 and 1123 K. In order to avoid oxidation during heating, each

sample was put in a quartz tube, sealed under vacuum and heated

for 60 min at each temperature being tested.

The diffraction pattern of the as-prepared alloy (cf. Fig. 2) shows

only a very broad peak in the 2� range between 40◦ and 50◦ without

appreciable diffraction peaks corresponding to crystalline phases,

thus indicating the absence of any long-range crystalline order, as

is characteristic for an amorphous structure. This pattern remained

almost unchanged after annealing at 573 and 713 K.

Table 1

Kinetic parameters for both observed crystallization stages.

ˇ (K/min) First stage Second stage

T1
p (K) E1

a (kJ/mol) ln A1 (A [min−1]) T2
p (K) E2

a (kJ/mol) ln A2 (A [min−1])

5 796.5 486.3 ± 8

(Kissinger)

72.7

(Kissinger)

439.3 ± 8

(Kissinger)

63.7

(Kissinger)10 802.9 839.6

20 811.9 499.9 ± 8

(Ozawa)

88.1

(Ozawa)

847.9 460.8 ± 8

(Ozawa)

79.2

(Ozawa)40 819.0 857.5
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Fig. 2. XRD patterns of the as-prepared Fe89.8Ni1.5Si5.2B3C0.5 alloy as well as corre-
sponding samples heated for 60 min at different temperatures at 573, 713, 753, 813,
843, 863, 923, 1023 and 1123 K.

The results presented in Fig. 2 indicate that different struc-
tural transformations of the alloy occurred in the temperature
range 753–1123 K. Initially at 753 K the presence of the �-iron
phase (ICDD-PDF 00-036-4899) as the major phase and the
boron–iron–silicon phase, B2Fe15Si3 (ICDD-PDF 00-047-1629), was
observed. The boron–iron–silicon phase was present only in very
small amounts in the temperature range from 753 to the 813 K.
The next step in the structural transformations induced by thermal
treatment was formation of the iron–boron phase, Fe2B (ICDD-PDF
00-036-1332), observed for 813 K. The iron–boron phase coexisted
with the �-iron phase over the whole range of temperatures from
813 to 1123 K. Further heating above 813 K did not affect signifi-
cantly the phase composition until a temperature of 923 K, when
besides the �-iron and iron–boron phase, two reflexions at the
diffraction angles 97.122◦ and 114.886◦ indicate the presence of
one new intermediate phase, presented in Fig. 2 as phase x. Due to
the restriction of many ICDD-PDF data entries to a lower 2� range
and since adequate peaks at lower diffraction angles could not be
observed, complete identification of this phase was not possible.
However, the diffraction pattern corresponds well to a supposed
phase with cubic symmetry (face-centered structure).

Fig. 3 shows the XRD pattern of the sample held for 7 h at a
temperature of 1123 K. After this heating only the �-Fe and Fe2B
phases were present and no intermediate phase occurred. These
results have a good correlation with previously mentioned DSC
results where it was shown that two crystallization peaks indicate
a multi-stage crystallization process of the alloy.

The Rietveld refinement method [27] was used for the determi-
nation of the weight fraction of the crystalline phases that were
formed and of the amorphous content as well. As shown in Fig. 4,
the content of the boron–iron–silicon phase (B2Fe15Si3) observed
at 753 K decreased and at 843 K this phase disappeared completely.
In the same time, the relative phase contribution of the �-Fe
phase increased almost linearly (taking the amorphous content into
account), while the weight fraction of the iron–boron (Fe2B) phase
increased slightly.

On raising the temperature an increasing weight content of crys-
talline phases (cf. Fig. 4) was expected but the broad maximum from
a residual amorphous phase at small diffraction angles as well as
for the diffraction angle range of 40–50◦ indicates that the heating
caused only a partial crystallization of the sample. For the final heat
treatment (1 h) at a temperature of 1123 K, slightly less than 4% of
the amorphous fraction still remained.

Fig. 3. XRD pattern of the sample heated at a temperature of 1123 K for 7 h.

The Rietveld refinement method also gave the phase weight frac-
tion values for the final diffraction pattern corresponding to the
sample heated at 1123 K for 7 h (cf. Fig. 3). The results (61 wt.%
of the �-Fe phase, 39 wt.% Fe2B phase, and no amorphous phase
present) indicate a significant alteration in the phase composition
due to heating of alloy. These final contents are most likely near the
thermal equilibrium.

Besides the temperature dependence of the crystalline fraction,
the lattice constants for the Fe2B iron-boron phase, Fig. 5, show the
temperature dependence but not the lattice constant for the cubic
�-Fe phase. The lattice constants as well as the Hermann–Mauguin
space group symbol for all observed phases corresponding to the
ICDD-PDF data are presented in Table 2.

The diagram presented in Fig. 5 shows clearly that the lattice
constant a for the Fe2B phase increased from 5.095 Å at 813 K to
5.102 Å at 1123 K reaching the maximal value of 5.141 Å at a temper-
ature of 863 K. The lattice constant c increased continuously from
4.180 to 4.252 Å over this temperature range. These changes cor-
respond to structural and stoichiometric variations of the boride
phase during the formation reaction. This effect is mainly caused
by reactions between the coexisting phases. Furthermore, the devi-
ation from the theoretical values as given in Table 2 is caused by

Fig. 4. Weight fractions of the observed crystalline phases as obtained by Rietveld
refinement including the obtained amorphous weight content, plotted as a function
of the heating temperature (1 h).
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Fig. 5. Lattice constants a (indicated by squares) and c (indicated by circles) of the
Fe2B phase as obtained by Rietveld refinement procedure plotted as a function of
the heating temperature.

Table 2

The lattice constants as well as the Hermann–Mauguin space group symbol for all
observed phases according to the ICDD-PDF database.

Phase Formula Space group Crystal system Lattice
parameters (Å)

a c

�-Iron Fe Im-3m Cubic 2.867 –
Iron–boron Fe2B I4/mcm Tetragonal 5.110 4.249
Boron–iron–silicon B2Fe15Si3 I-4 Tetragonal 8.677 4.307

the additional incorporation of the remaining elements (i.e. Si, C,
and Ni). It could be shown that the crystal growth is temperature
dependent (cf. Fig. 6). The crystallization process for the major �-Fe
phase as well as for the Fe2B phase with the smallest average crys-
tallite sizes interpreted from the XRD data were in the range from
16 to 29 nm. With increasing temperature the average crystallite
size reached a maximum value between 101 and 119 nm at 1123 K
(cf. Table 3).

The surface of the samples before and after heat treatment was
inspected by a scanning electron microscopy (cf. Figs. 7 and 8)
in order to correlate the results of the XRD phase analysis with
changes in the sample surface microstructure. To obtain a surface
suitable for accurate particle shape and size observation the sam-
ples were subjected to specific preparation procedure. Considering
the small dimensions (around 3 × 2 × 0.5 mm) it was necessary to
embed each sample in a conductive hot resin based on iron pow-
der. Subsequently the sample was smoothed with 500, 1200, 2400,
and finally 4000 grit grinding silicon carbide (SiC) paper. The sam-
ple surface was then polished with a diamond emulsion with 3 and
1 �m grain sizes. The final polishing step was conducted with a
40 nm colloidal silica solution.

In Fig. 7 the SEM micrographs are shown for as-prepared and the
thermally treated alloy samples. From Fig. 7a which shows the sur-

face of as-prepared alloy it is obvious that the amorphous surface is
completely homogeneous. The heat treatment leads to crystalline
phase formation and the formation of a non-homogeneous surface
of the alloy. For the temperature of 753 K where the first presence
of a crystalline phase was observed, the first partial surface non-
homogeneity was observed as well. Fig. 7b shows the existence
of surface fractures for a sample heated at 753 K. Further heat-
ing at higher temperatures increased the surface non-homogeneity
as is shown in Fig. 7c for a sample thermally treated at 923 K for
1 h.

However, the presence of twinning and crystal lattice deforma-
tions such as dislocations accompany the overall heating procedure.
Fig. 8 indicates the presence of twins (sample heated at 1123 K for
60 min). This SEM micrograph shows the presence of grain structure
of two different phases in a sample heated at 1123 K for 7 h, that is in
good accordance with X-ray data. The larger particles with a grain
size in a range of 1–3 �m probably correspond to the Fe2B phase
and the smaller particles with a grain size in a range of 0.5–1 �m
are related to the �-Fe phase. These values are slightly larger than
the dimensions we obtained from the X-ray diffraction pattern in
Table 3. This difference is due to the mechanism of XRD which is
strictly related to the smaller coherent diffracting length [15]. The
smallest, white, globular shaped particles in Fig. 8 occur only in
traces, probably corresponding to residuals from the final fine pol-
ishing; the particle size of approximately 40 nm corresponds to the
grain size of colloidal polishing silica solution. Additionally, in Fig. 9,
the SEM micrograph of the fracture surface of the sample (cross-
section, same sample as in Fig. 8) is also displayed. Here the globular
shaped particles were not observed.

As expected, an increased crystallinity of the material corre-
lates with a decrease of the hardness (cf. Fig. 10). The structural
transformations which give rise to a more pronounced sam-

Fig. 6. Crystallite size as deduced from Rietveld refinement data for the �-Fe and
Fe2B phases plotted as a function of the heating temperature.

Table 3

Overview of crystallite size Dhkl , dislocation density �hkl and microstrain εhkl of the samples heated at different temperatures.

Temperature (K) Heating time (h) Fe2B �-Fe εhkl (%)

Dhk (nm) �hkl (m−2) Dhkl (nm) �hkl (m−2)

813 1 – – 29 3.57 × 1015 12.81
843 1 16 1.17 × 1016 30 3.33 × 1015 10.57
863 1 12 2.08 × 1016 32 2.93 × 1015 9.72
923 1 36 2.31 × 1015 57 9.23 × 1014 4.97
1023 1 64 7.32 × 1014 60 8.33 × 1014 5.55
1123 1 119 2.12 × 1014 101 2.94 × 1014 2.73
1123 7 178 9.47 × 1013 123 1.98 × 1014 1.78
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Fig. 7. (a) Scanning electron micrographs of the sample surfaces – as-prepared. (b) Scanning electron micrographs of the sample surfaces – after heat treatment at 753 K. (c)

Scanning electron micrographs of the sample surfaces – after 923 K for 60 min.

Fig. 8. Scanning electron micrograph of the polished surface of a

Fe89.8Ni1.5Si5.2B3C0.5 sample heated at 1123 K for 7 h.

Fig. 9. Scanning electron micrograph of the cross-section (fracture surface) of a

Fe89.8Ni1.5Si5.2B3C0.5 sample heated at 1123 K for 7 h.

Fig. 10. Vickers microhardness (HV) mean values of the samples plotted as a function

of the heating temperature together with the standard deviation error bars.

ple non-homogeneity most likely induce higher variations of the

microhardness (cf. the error bars in Fig. 10).

4. Conclusions

As can be seen from the results, the Fe89.8Ni1.5Si5.2B3C0.5 amor-

phous alloy was stable up to a temperature of 753 K when structural

transformations began. This process started with formation of the

�-Fe phase, which was followed by formation of the Fe2B phase

at temperatures above 813 K. Up to a temperature of 863 K, the

crystallite size remained almost constant, while at higher temper-

atures a significant crystal growth occurred. This observation can

most likely be explained by the assumption of two recrystallization

phases: in a first step the number of crystallites (seeds) grew. Each

of these particles displayed almost constant size. In a second step
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a certain fraction of the crystallites grew by consumption of the
smaller particles. During this process (especially above 923 K) the
total crystalline volume remained almost unchanged. The observed
weight fraction of the crystalline �-Fe phase increased up to 923 K
while in the higher temperature range an almost constant content
was achieved. The Fe2B phase shows no such expressed behavior.
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a b s t r a c t

The crystallization kinetics of �-Fe from the amorphous Fe81B13Si4C2 alloy was investigated by DSC

and XRD methods. The kinetic parameters (ln A, Ea) of the investigated process were determined using

Kissinger’s as well as isoconversional (model-free) method. Based on the results of DSC and XRD analysis

and calculated crystallization parameters (n = 4; m = 3) it was concluded that primary crystallization of

�-Fe phase in amorphous matrix occurs through the bulk nucleation and three-dimensional growth of

nuclei growing with constant rate.

1. Introduction

The amorphous alloys (metallic glasses) are a relatively new

class of materials with a specific combination of properties which

are very interesting from technological point of view. These materi-

als are characterized by structure with absence of the distant order

atom arrangement and characterized by high degree of anisotropy

of physical properties [1,2].

The amorphous state of matter is, however, structurally and

thermodynamically unstable and very susceptible to partial

or complete crystallization during thermal treatment or non-

isothermal compacting [3]. The crucial limitation with respect to

using metallic glasses for high temperature applications arises from

their restricted thermal stability. The onset of exothermic crys-

tallization upon crossing the stability domain of the glassy state

results in the formation of highly stable, but brittle intermetallic

compounds, which renders these alloys useful only once. Further,

for amorphous alloys that exhibit excellent magnetic properties

the crystallization represents the limit at which these properties

begin to deteriorate. For the case alloys that exhibit excellent mag-

netic properties in the two-phase nanocrystal-amorphous matrix

structure, control of the crystallization kinetics allows the ability

to tailor the desired structure. The latter imposes the knowledge

of alloys stability in a broad range of temperature due to dif-

∗ Corresponding author. Tel.: +381 11 333 6689; fax: +381 11 2187 133.

E-mail address: dminic@ffh.bg.ac.yu (D.M. Minić).

ferent crystallization processes which occur during its annealing

[4].

Among these materials the amorphous alloys of Fe and B, have

been very interesting because of their soft ferromagnetic proper-

ties with a high saturation magnetic flux density. These alloys are

applicable in a variety of devices, including transformers, magnetic

tapes and recorder heads [5–7]. It was determined that the Curie

temperature of alloys increases slightly on replacement of boron

by silicon [8]. This results in a sharp increase of relatively con-

stant room-temperature saturation magnetization extending from

Fe80B20 to Fe82B12Si6. The multicomponent alloys are generally eas-

ier to prepare in the amorphous state than the binary ones. So, it

was concluded that the crystallization temperature increases with

increase of content of silicon and decrease of contents of iron and

boron. Thus for the highest saturation magnetization alloy com-

bined with ease of preparation, stability, and lowest losses, the

multicomponent alloys Fe81B17Si2 and Fe82B12Si6 are preferred [8].

It was also shown that the soft magnetic properties of Fe–B alloy

are improved by a decrease of the �-Fe grain size from 20 to 10 nm

[9].

The crystallization of amorphous alloys upon heating can be per-

formed in several ways. In calorimetric measurements, two basic

methods are in use, isothermal and non-isothermal. The results

of crystallization process can be considered in terms of several

theoretical models [10]. The investigation of kinetics of the crys-

tallization showed that the crystallization process of amorphous

Fe83B17 is governed by a bulk growth in two dimensions (n = 2)

[11]. However, the investigation of the crystallization kinetics of

doi:10.1016/j.jallcom.2008.05.087
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amorphous alloy Fe81B13.5Si3.5C2 showed three exothermal peaks

on DSC curves showing that the crystallization process includes for-

mation more than one phase. The isothermal annealing at T > 780 K

leads to the appearing of crystalline phases �-Fe and Fe2B3 in the

mentioned alloy but the further increase of annealed tempera-

ture leads to appearance of metastable �-Fe phase [12,13]. It was

shown the diffusion controlled growth particles of appreciable ini-

tial volume and three-dimension growth of small particles [13].

The values of Avrami exponents (nI = 1.6 and nII = 2.0) calculated

for Fe78B13Si9 are characteristic for the diffusion-controlled growth

of small particles with decreasing nucleation rate. Atomic rear-

rangement and amorphous-to-crystalline transformations during

isothermal annealing have been investigated by Mössbauer spec-

troscopy [14]. It was shown that rearrangement in the amorphous

state consists of two processes depending on the annealing tem-

perature. The first process is attributed to the enhancement of the

short-range order and the second one to the atomic rearrangement

leading to crystallization. The crystallization was found to consist

of at least two steps giving as the final crystalline products Fe2B and

Fe3B.

Having in mind the influence of thermal stability and

microstructure on the physicochemical properties of amorphous

alloys as well as shown differences in kinetics of crystallization, in

this work, the crystallization process of �-Fe from the Fe81B13Si4C2

alloy was investigated in detail from the kinetically point of view

by using DSC and X-ray analysis.

2. Experimental procedure

The ribbon-shaped samples of Fe81B13Si4C2 amorphous alloy were obtained by

using the standard procedure of rapid quenching of the melt on a rotating disc (melt-

spinning). The obtained ribbon was 2 cm wide and 35 �m thick.

The crystallization process was investigated by the differential scanning

calorimetry (DSC) in a nitrogen atmosphere using SHIMADZU DSC-50 analyzer. In

this case, samples weighting several milligrams were heated in the DSC cell from

the room temperature to 650 ◦C in a stream of nitrogen with nitrogen flowing at a

rate of 20 mL min−1 and at the heating rates of 5, 10, 20 and 30 K min−1 .

In order to investigate structural transformations by X-ray diffraction, the sam-

ples of amorphous alloy Fe81B13Si4C2 annealed at the different temperatures (20,

200, 300, 400, 440, 460, 500, 550, 600, 700 and 830 ◦C) in a stream of nitrogen

during 30 min. Then the X-ray powder diffraction (XRD) patterns were recorded

on a Philips PW-1710 automated diffractometer using a Cu tube operated at 40 kV

and 30 mA. The instrument was equipped with a diffracted beam curved graphite

monochromator and Xe-filled proportional counter. For the routine characterization

diffraction data was collected in the range of 2� Bragg angles (4–100◦ counting for

0.1 s). Silicon powder was used as an external standard for calibration of a diffrac-

tometer. All XRD measurements were done with solid samples in a form of ribbon

at ambient temperature.

3. The methods used to evaluate the kinetic parameters of

the investigated process

All kinetic studies assume that the isothermal rate of conversion

d˛/dt, is a linear function of the temperature-dependent reaction

rate constant, k(T), and a temperature-independent function of the

conversion, f(˛) [15]:

d˛

dt
= k(T)f (˛), (1)

where ˛ is the fractional extent of reaction, t is the time and the

function f(˛) depends on the particular crystallization mechanism.

According to Arrhenius’s equation:

k(T) = A exp

(

−
Ea

RT

)

, (2)

where A is the pre-exponential factor, that is assumed to be inde-

pendent of temperature, Ea the apparent activation energy, T the

absolute temperature and R is the gas constant, so the rate of con-

version is

d˛

dt
= A exp

(

−
Ea

RT

)

f (˛). (3)

For non-isothermal measurements at constant heating rate

ˇ = dT/dt, t is the time, Eq. (3) transforms to

ˇ
d˛

dT
= A exp

(

−
Ea

RT

)

f (˛), (4)

where d˛/dt ≡ ˇ(d˛/dT).

The integral form of the reaction model can be obtained by inte-

gration of Eq. (4):

g(˛) =

∫̨

0

d˛

f (˛)
=

AEa

Rˇ
p(x) (5)

where p(x) is the temperature integral for x = Ea/RT which does not

have analytical solution.

The apparent activation energy Ea can be calculated by various

methods. The Kissinger’s method allows the calculation of apparent

activation energy from a point Tp which is the temperature at the

maximum DSC curve for different rates of heating [16]. Since the

maximum rate of investigated process occurs when (d˛/dt) is 0, dif-

ferentiation of Eq. (4) having in mind the general equation enabling

the analysis of conversion kinetics for nucleation and growth of par-

ticles of new phase proposed by Avrami in the form f(˛) = (1 − ˛)n,

where n is the apparent reaction order, Kissinger’s relation was

obtained:

ln

(

ˇ

T2
p

)

= ln

(

AR

Ea

)

−

Ea

RTp
. (6)

The second used method is rate-isoconversion method pro-

posed by Friedman [17]. The basic assumption of method is that

the reaction rate at a constant conversion value is only a function

of temperature. This premise supposes possibility of determina-

tion of kinetic parameters, Ea,˛ and A˛, for each value of ˛ over the

entire reaction range. The method does not require any assump-

tion on the f(˛) and it is also known as “model-free method”. The

rate-isoconversion method was based on Eq. (4) in the logarithmic

form:

ln

[

ˇi

(

d˛

dT

)

˛,i

]

= ln [A˛f (˛)] −

Ea

RT˛,i
, (7)

where a subscript ˛ designates values related to a given conversion,

and i is a number of the non-isothermal experiment conducted at

the heating rate ˇi. By plotting ln[ˇi(d˛/dT)˛,i] against 1/T˛,i, the

value of the −Ea/R for a given value of ˛ can be directly obtained.

4. Results and discussion

Typical DSC curve obtained during heating and cooling cycle is

presented in Fig. 1.

DSC curve (Fig. 1) involves series of endo- and exo-peaks indi-

cating a stepwise process of structural stabilization of alloy in the

temperature range 200–560 ◦C. A broad exo-peak, indicated as low

temperature peak (T1
k

) in temperature range 200–400 ◦C, is fol-

lowed by endothermic hump (temperature of glass transition Tg)

and a short supercooled liquid region before sharp exothermic crys-

tallization peak (Tk) in temperature range 500–560 ◦C (Fig. 2).

All values of initial (Ti), maximal (Tp) and final temperature (Tf)

for both exo-peaks are shifted to higher values with increasing

heating rate indicating the presence of kinetic effects. The over-

all apparent activation energy for crystallization process, under

linear heating condition was calculated by the Kissinger’s peak

������ 

98
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Fig. 1. DSC curve of heating and cooling cycle; heating rate 10 ◦C/min.

method [16]. The values of peak temperatures together with values

of kinetic parameters (Ea and ln A) calculated by Kissinger’s method

and the symmetry factors (SFs) are given in Table 1.

The changes of structure in the temperature range (20–830 ◦C)

were followed by X-ray diffraction method on as prepared as well

as alloy annealed at different temperatures (Fig. 3).

X-ray diffraction pattern of the as-quenched ribbon shows only a

broad halo at 2� range of 40–55◦ suggesting an amorphous (glassy)

structure. Diffraction patterns of alloy annealed at the tempera-

tures of T ≤ 460 ◦C contain the same halo as well as the original

sample but also contain one sharp peak at 2� = 83.2◦ indicating

presence of structural deformed crystal phase as consequence of

ordering Fe-clusters already present in starting alloy. Increase of

annealed temperature results in a decrease of intensity of this peak

and appearance the new sharp peak at 2� = 45.6◦ whose height

increases with an increase of annealing temperature. The increase

Fig. 2. DSC curves at different heating rates.

Table 1

The values of Tp and kinetic parameters of crystallization of amorphous Fe81B13Si4C2

alloy upon continuous heating at different heating rates

ˇ (K/min) Tp (K) Ea (kJ mol−1) ln A SF

5 785

351.2 52.75

0.98

10 793 0.98

20 804 0.98

30 811 0.98

Fig. 3. XRD patterns for as quenched and annealed alloy.

of intensity of that peak as well as a decrease of its half width indi-

cates the increase of crystallinity of alloy. This shows that at higher

temperature (above 500 ◦C) the process of crystallization occurs.

Thoroughly studying of diffractograms by the comparative semi-

qualitative analysis of annealed alloy (JCPDS-PDF 03-065-4899)

gives evidence for the presence of �-Fe crystallization in annealed

alloy. The disarranged ratio of peak intensities of diffractions lines

indicates very deformed crystal structure whose disorder disap-

pears with the increase of temperature of annealing according the

ratio of height of diffraction peaks.

The detailed crystallization kinetics of �-Fe in the amorphous

alloy was studied by differential scanning calorimetry in tem-

perature range of 500–560 ◦C. The volume fraction (or degree of

conversion, ˛) of the sample transformed into crystalline phase

during the crystallization process has been obtained from the DSC

curve as a function of temperature (T). The volume fraction crys-

tallized, ˛, at any temperature T is given as ˛ = ST/S, where S is the

total area of the exotherm between the temperature Ti, where the

crystallization is just beginning and the temperature Tf, where the

crystallization is completed, and ST is the area between the initial

temperature and a generic temperature, T, ranging between Ti and

Tf [17]. The plots of ˛ versus T at different heating rates for the

considered crystallization process are shown in Fig. 4.

The sigmoid shape of fractional conversion curves in Fig. 4 indi-

cates crystallization in bulk amorphous material excluding the

surface crystallization. For all heating rates, these curves show a

slow initial period corresponding to dominant process of nucle-

ation with increasing rate caused by increase of specific area of

������ �
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Fig. 4. Fractional conversion (˛) as a function of temperature (T) for the crystalliza-

tion alloy at different heating rates (5, 10, 20 and 30 K min−1).

nuclei. The following part of saturation is the consequence of

attaching nuclei causing the decrease of surface area.

It can be observed that the apparent activation energy for the

considered crystallization process is practically constant in the

0.2 ≤ ˛ ≤ 0.7 range, Fig. 5, indicating the existence of a single-step

reaction [15,18]. The average value of apparent activation energy

was determined as Ea = 356.5 ± 5.5 kJ mol−1.

The activation energy of crystallization process proceeding

through formation of nuclei and their growth, according to opinion

of some researches, has no physical meaning but only empiri-

cal character and practically establishes only the dependence of

the rate of conversion on temperature. This energy can be spent,

not only for overcoming the activation barrier but also mainly for

its downturn due to cooperative displacement plenty of atoms.

Finely, the crystallization of amorphous alloys is a very compli-

cated process accompanied by nucleation and growth of various

crystal phases under continuously varied conditions of chemicals

surroundings in a zone of conversion. Obviously, such a process

occurs not only with the single value of activation energy and not

by formation of a single configuration of activated complex. In prac-

tice, with the multitude of probable ways of conversions, only those

mechanisms and activated complexes of the crystallization process

will be realized that are the most probable at a given temperature.

Any change of crystallization conditions, such as heating rate, can

result in a change of the mechanism and main activation complex of

the crystallization process. Thus high values of activation energy of

crystallization of amorphous alloys, first of all, indicates that a lot of

atoms participate in an elementary act of structure reorganization,

as well as high complexity of these processes.

For the preliminary determination of kinetic model of the

investigated crystallization process, Dollimore’s method was used

[19–21]. This model is based on the “sharpness” of initial and final

temperature of the differential rate curves as well as on its asymme-

try. From the result of the theoretical considerations it is apparent

that the “sharpness” of the initial and final temperatures is caused

by kinetic factors, and especially by the mechanism of process.

Certain kinetic models lead to an asymptotic or diffuse departure

from the base line in a differential form thermal curve, while the

others produce a very sharp approach to the final plateau. Accord-

ing to these parameters the authors listed three different types

of kinetic mechanisms [21]. The investigation of these parame-

ters that describe geometry and asymmetry of the differential rate

Fig. 5. The apparent activation energy (Ea) and intercept (ln[A˛f(˛)]) plotted as a

function of fractional conversion (˛).

curves it can be very simple to indicate the probable kinetic mech-

anism expressed as f(˛). So, when the crystallization process is not

complex the qualitative approach to kinetic may be obtained using

parameters such as ˛max or (d˛/dt)max, the shape of the initial and

final temperatures as well as peak temperature (Tp), half-width

from differential rate curves.

In our case, Dollimore’s procedure was applied on the conver-

sion and differential rate curves whose asymmetry is observed

between Ti and Tf for the differential rate curves (Fig. 6). The others

parameters such as the conversion at the rate of maximum crystal-

lization, ˛max, peak temperature, Tp, at (d˛/dt)max, and the ratio

�LoT/�HiT (shape factor), which is the ratio between the low-

temperature at half-width and high-temperature at half-width of

the differential rate curve peak, are presented in Table 2.

The dependence of d˛/dt versus T at different heating rates

for the investigated crystallization process of �-Fe in the amor-

phous Fe81B13Si4C2 alloy is shown in Fig. 6. It is clearly seen that

the position of the broadening exotherm, which is connected with

the crystallization was shifted toward higher temperature with

Fig. 6. Differential rate curves (d˛/dt vs. T) for different heating rates (ˇ = 5, 10, 20

and 30 K min−1).

Table 2

Parameters describing the asymmetry DSC curves of crystallization �-Fe phase in

amorphous Fe81B13Si4C2 alloy

ˇ (K/min) ˛max �LoT/�HiT Half-width (K) Ti Tf

5 0.51 1.0 9.5 Sharp Sharp

10 0.53 1.0 9.5 Sharp Sharp

20 0.53 0.9 10.0 Sharp Sharp

30 0.55 0.8 11.0 Sharp Sharp
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D.M. Minić et al. / Journal of Alloys and Compounds 473 (2009) 363–367 367

Table 3

Values of constants n and m for different crystallization mechanisms

Mechanism n m

Bulk nucleation

Three-dimensional growth 4 3

Two-dimensional growth 3 2

One-dimensional growth 2 1

Surface nucleation 1 1

Table 4

The values of n values at three temperatures

Temperature (K) n

791 3.92

793 4.08

795 4.07

the increase of the heating rate as well as asymmetry of peaks.

This suggests that the crystallization process should not be char-

acterized by a definite critical temperature independent of the

heating rate. The determined values of ˛max for different heating

rate were in the range from 0.51 to 0.55. These results indicate that

the non-isothermal crystallization mechanism of �-Fe in amor-

phous Fe81B13Si4C2 alloy cannot be fully described within the

JMA (Johnson–Mehl–Avrami) models (A2, A3 and A4, Group A)

which predicated that. Johnson–Mehl–Avrami equation concern-

ing the kinetics of phase transformation (models A1–A4) involving

nucleation and growth crystals under isothermal conditions can be

used in very limited number of crystallization processes in non-

isothermal conditions when the process of nucleation is finished

before starting the process of growth of nuclei.

The broadened exothermic peaks almost symmetrical (Fig. 6)

indicate the occurrence of the overlapping reactions, probably

nucleation and growth of nuclei which occur at same time. There-

fore we decided to study further the crystallization kinetics as a

whole, as it is a single crystallization peak.

For non-isothermal crystallization, where the volume fraction of

crystalline phase � precipitated in glass heated at a uniform heat-

ing rate ˇ is related with the activation energy Ea, Matusita et al.

proposed the following relation [22–24]:

ln[−ln(1 − ˛)] = −n ln ˇ −
1.052mEa

RT
+ const, (8)

where m and n are constants having values between 1 and 4

depending on the morphology and kinetics of the growth nuclei

(Table 3).

The values of n obtained from the slopes of linear plots

ln[−ln(1 − ˛)] versus −ln ˇ at different temperatures for considered

crystallization process are given in Table 4.

For all considered temperatures, in the limits of experimental

errors, the value of n is ≈4.0. From these results follows, that the

kinetics of crystallization process is independent from the temper-

ature.

The crystallization exponent n is connected with the number of

growth dimensions (m) and the number of nuclei forming stages

(s) [22] by the following equation:

n = m + s (9)

where m is the number of growth dimensions as defined in Table 5,

s is the number of the nuclei forming stages (s = 0 at instanta-

neously nucleation; s = 1 at constant nucleation rate and s > 1 at

self-acceleratory nucleation rate).

In order to describe in detail the considered crystallization pro-

cess, the value of parameter m should be determined from the plot

Table 5

The values of m and n for the different heating rates

ˇ (K/min) m s

5 2.84 1.16

10 3.08 0.92

20 3.22 0.78

30 2.84 1.16

of ln[−ln(1 − ˛)] because a function of reciprocal temperature is

linear with a slope of 1.051(m + 1)Ea/R using the value of activa-

tion energy determined above. The values of parameters m and s

obtained at the different heating rates for the investigated crystal-

lization process of �-Fe in Fe81B13Si4C2 amorphous alloy are given

in Table 5.

Based on the obtained values of parameters m and s, at the

different heating rates (Table 5), we asserted with high degree of

reliability, that the nucleation process of �-Fe occurs within amor-

phous alloy with a constant rate. The growth of �-Fe crystallites

occurs in three effective directions (three-dimensional growth)

proceeding with constant nucleation rate.

5. Conclusions

By the annealing of amorphous Fe81B13Si4C2 alloy at tem-

peratures T ≥ 773 K, the crystallization process of �-Fe occurs in

the bulk of the considered alloy. The nucleation process of �-

Fe occurs within the amorphous phase with a constant rate. The

growth of �-Fe crystallites is a three-dimensional and occurs

with the relatively high value of apparent activation energy

of 352.5 ± 5.5 kJ mol−1.
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a b s t r a c t

The structural transformations of the Fe75Ni2Si8B13C2 amorphous alloy under non-isothermal as well

as under isothermal conditions were studied. The amorphous alloy was stable up to a temperature of

723 K when the multi-step structural transformation began. The primary crystallization starts already

at 723 K by forming FexSi phase in amorphous matrix. At higher temperatures (between 780 and 800 K)

beside the FexSi phase, the presence of the boron–iron–silicon phase (B2Fe15Si3) as well as the iron–boron

(Fe2B) phase was detected. At higher temperatures the presence of only two phases, FexSi and Fe2B, was

confirmed. The Fe content in the formed FexSi phase was determined as 81% (at 1273 K) and 86 % (at 780 K).

The kinetic parameters of crystallization processes were determined by Kissinger and Ozawa methods.

1. Introduction

The magnetic amorphous Fe–B alloys displaying excellent soft

magnetic properties, such as high saturation magnetization, high

permeability, low coercivity and loss, have been the subject of many

scientific researches over past few decades [1]. These materials are

used in diverse applications, such as power devices, information

handling technology, magnetic sensors and antitheft security sys-

tem [2,3].

The amorphous materials are metastable and with increase in

temperature their transformation into a crystalline state occurs

which can lead to change in their technologically important prop-

erties, such as the heat capacity, electrical resistivity, volume and

magnetic properties [4,5].

It has been reported that either the magnetic properties may be

deteriorate after crystallization or may improve if nanocrystalline

phases are formed [6–9]. The commercial nanocrystalline soft mag-

netic materials have been successfully obtained by crystallization

from amorphous precursors. These materials possess a microstruc-

ture of nanocrystals embedded in an amorphous matrix exhibiting

soft magnetic properties superior to the amorphous and crystalline

magnetic alloys.

∗ Corresponding author. Tel.: +381 11 3336 689.

E-mail address: dminic@ffh.bg.ac.yu (D.M. Minić).

In our research, we have studied the amorphous alloys based

on Fe and Co, from the fundamental as well as from the practical

point of view [10–13]. This paper is concerned with the ther-

mal stability and structural transformations of Fe75Ni2Si8B13C2

amorphous alloy induced by heating in the temperature range

of 298–1273 K. Therefore, in order to get the optimal microstruc-

ture, a good knowledge of thermal stability and the crystallization

kinetics of amorphous alloys are of significant interest for many

researchers. The crystallization of these materials by heating can

be performed in several ways. Usually, two basic methods can be

used, isothermal and non-isothermal. The results of these mea-

surements can then be interpreted in terms of several theoretical

models [14,15].

2. Experimental procedure

The ribbon-shaped samples of Fe75Ni2Si8B13C2 amorphous alloy (2 cm wide and

35 �m thick) were obtained using the standard procedure of rapid quenching of the

melt on a rotating disc (melt-spinning method).

The thermal stability of the alloy as well as the structural transformations has

been investigated by the differential scanning calorimetry (DSC) in a nitrogen atmo-

sphere using a DSC-50 analyzer (Shimadzu, Japan). In this case, samples weighing

several milligrams were heated in the DSC cell from room temperature to 973 K

in a stream of nitrogen with a flowing rate of 20 ml min−1 at the different heating

rates.

The amorphous structure of the as-prepared alloy sample was confirmed by

X-ray diffraction (XRD) method. For the study of the transformation of structure,

the samples were subsequently heated at different temperatures in the range of

623–1273 K. In order to avoid oxidation problems each sample was sealed in a

doi:10.1016/j.jallcom.2008.09.072
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Fig. 1. Differential scanning calorimetry curves of alloy recorded at different heating

rates.

quartz tube under the vacuum of 0.1 Pa and heated for 30 min at the desired tem-

perature when it is not indicated differently. The devitrified crystalline samples

were then characterized by XRD using the Cu K� radiation at 40 kV and 30 mA in

Bragg–Brentano geometry on an X-Pert powder diffractometer device (by PANalyt-

ical, Netherlands).

After the XRD measurements, the composition homogeneity of the obtained

samples was inspected with a Scanning Electron Microscope (SEM) operating at

20 kV acceleration voltage. An XL 30 ESEM-FEG (environmental scanning micro-

scope with field emission gun manufactured by FEI, Netherlands) device was used

for that purpose.

3. Results and discussion

Fig. 1 shows typical DSC curves (continuous heating) for the

amorphous Fe75Ni2Si8B13C2 alloy taken at four different heating

rates, 5, 10, 20 and 40 K min−1.

All DSC curves in the temperature range of 790–860 K display the

overlapping crystallization peaks, indicating the multi-stage crys-

tallization process of the alloy. Although two peaks are detected for

all the heating temperatures, their relative spacing, intensities and

characteristic temperatures change with the heating rate, indicates

that the heating rate has an important influence on the crystalliza-

tion process. With increasing heating rate, the intensities of both

peaks rise, but the intensity of the second peak increases faster. The

temperature of both peaks increase with the increase of the heat-

ing rate, indicating the thermal activation of the observed steps

of the crystallization process. The interval between the two peaks

enlarges with the increasing heating rate as the activation energies

of two crystallization processes corresponding to the exothermic

peaks are different.

The overall activation energy of the crystallization reaction of

an amorphous alloy, as well as the frequency factor A, under linear

heating conditions can be determined by Kissinger’s as well as by

Ozawa’s peak methods relating on the dependence of exothermic

peak temperature Tp on heating rate ˇ [16,17].

Kissinger [16] proposed that the activation energy can be deter-

mined according to the equation:

ln

(

ˇ

T2
p

)

= ln

(

AR

Ea

)

−
Ea

RTp
(1)

ˇ is the heating rate, Tp is the peak temperature, A is the pre-

exponential factor independent on temperature, Ea is the activation

energy, and R is the gas constant.

The plot of ln(ˇ/T2
p ) versus 1/Tp yields a straight line with a slope

of −Ea/R and an intercept of ln(AR/Ea).

For the determination of the activation energy in non-

isothermal conditions Ozawa [17] proposed the equation:

ln ˇ = ln

(

AEa

R

)

− 1.0516
Ea

RTp
(2)

A plot of ln(ˇ) versus 1/Tp yields a straight line with a slope of −Ea/R

and an intercept of ln(AEa/R).

The errors of the calculated values were determined as a

root-square deviation multiplied on Student’s coefficient for the

probability of 0.95, Table 1.

It is interesting to note the high values of the calculated activa-

tion energies of crystallization processes of the amorphous alloy,

Table 1. The activation energy of solid state reactions proceeding

through formation of nuclei and their growth, according to the

opinion of some researchers, has no physical meaning but only

empirical character and practically establishes the dependence of

the rate of conversion on the temperature [11,18]. This energy can

be spent not only for overcoming the activation barrier but also for

co-operative displacement of atoms. Thus in these experiments, the

total value of energy spent for the overcoming activation barrier

as well as for co-operative displacement of atoms is determined.

It should be noticed that the crystallization of amorphous alloys

is a very complex process accompanied by nucleation and growth

of various crystal phases under continuously varied conditions of

species surroundings in a zone of conversion. Thus high values of

activation energy of crystallization of amorphous alloys indicate

primarily that a lot of atoms participate in an elementary process

of structure reorganization, as well as the high complexity of these

reactions.

The amorphous state of as-prepared alloy was confirmed by the

X-ray diffraction method. The diffraction pattern of an as-prepared

alloy sample, Fig. 2, shows only a spread halo in the 2� degree

range of 40–50◦ without appreciable diffraction peaks correspond-

ing to crystalline phases, indicating an absence of the long-range

crystalline order characteristic for an amorphous structure which

remained unchanged after annealing at 623 K.

To understand the crystallization mechanism, an analysis of

the X-ray diffraction patterns of the alloy heated isothermally at

different temperatures, just before and above the crystallization

peaks in the DSC scan (temperature range 623–1023 K) was per-

formed. These results (cf. Fig. 2) show that the thermally induced

structural changes already started at 723 K. The presence of the

diffraction pattern of the FexSi phase which is isotypic to gupeiite

Table 1

Kinetic parameters of both crystallization stages.

ˇ (K min−1) First stage Second stage

Tp (K) Ea (kJ mol−1) ln A Tp (K) Ea (kJ mol−1) ln A

5 801.7 380.0 ± 8 (Kissinger)

394 ± 8 (Ozawa)

55.96 (Kissinger)

71.38 (Ozawa)

814.5 350 ± 8 (Kissinger)

370 ± 8 (Ozawa)

51.76 (Kissinger)

51.35 (Ozawa)10 811.4 824.3

20 822.0 835.6

40 830.5 846.1
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Fig. 2. X-ray diffraction patterns the as-prepared alloy and after thermal treatment
at given temperatures.

(JCPDS-PDF 03-065-0146) together with the halo from a residual
amorphous phase in the diffraction angle range of 40–50 ◦ indi-
cates that isothermal heating at 723 K during 30 min caused the
partial crystallization of the FexSi phase in an amorphous matrix.
At higher temperatures (780 K) beside the intense diffraction pat-
tern of the FexSi phase, weak peaks of the boron–iron–silicon phase
(B2Fe15Si3), corresponding to JCPDS-PDF 00-047-1629 and of the
iron boron (Fe2B) phase according to [JCPDS-PDF 03-065-2693]
became visible. At 923 K the intensity of the iron–boron peaks
increased, while the peaks of the boron–iron–silicon phase com-
pletely disappeared.

Furthermore, increase of the heating temperature, as well as the
extension of heating time, leads to the increase of intensities all
present peaks pointing to the better crystallization of all present
phases, Fig. 3 and Table 2. It is clear that after the final crystalliza-
tion stage at 1123 K (cf. Figs. 2 and 3), only two phases are present:
iron–boron (Fe2B) and iron–silicon (FexSi).

The diffraction angles of the characteristic peaks for the FexSi
phase display a slight shifting due to the variation of the lattice
parameter a. In Fig. 4 the relation between the Fe content (or Fe/Si
ratio) and the lattice constant a is plotted (data given according to
JCPDS 35-519, 1071-4480,1071-6175, 3065-3192, 3065-6323, 3065-
9130). The line corresponds to a parabolic regression curve which
was used for the calculation of the Fe content. The shaded bar in
the diagram in Fig. 4 corresponds to the observed range of com-
position. From this relation the Fe content between 81% (observed
at 1273 K) and 86% (at 780 K) of the FexSi phase could be deduced.
However, no clear relation between the Fe content and the corre-
sponding annealing temperature of the sample could be deduced.
It should also be noted that a possible variation of the Fe/Si ratio
in the sample can influence the width of the diffraction maxima
which consequently can inhibit the precise determination of the
crystallite size of this phase.

Fig. 3. X-ray diffraction patterns of Fe75Ni2Si8B13C2 alloy samples heated: (a) during
1 h and 3 h at 1123 K, and (b) during 3 h at 1273 K.

Fig. 4. Lattice constant for various FexSi compounds as given in JCPDS database
plotted as a function of the stoichiometric Fe content.

Table 2

Phase composition of alloy Fe75Ni2Si8B13C2 as found by XRD analysis. Data for lattice parameters corresponding to the JCPDS-PDF data.

Phase Formula Space group Crystal system Lattice parameters (Å)

a c

Iron–boron Fe2B I-42m Tetragonal 5.099 4.240
Iron–silicon Fe3Si Fm-3m Cubic 5.670 –
Boron–iron–silicon B2Fe15Si3 I-4 Tetragonal 8.677 4.307
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Fig. 5. Weight fraction as determined by Rietveld’s refinement method.

Fig. 6. Change of the crystallite size of phases formed during the isothermal heating

of Fe75Ni2Si8B13C2 amorphous alloy.

For the qualitative determination of the phase composition of

the crystallized alloy samples the JCPDS-PDF database has been

used. Besides the phase composition the quantitive calculation of

the contents of each individual phase is essential. Rietveld’s refine-

ment procedure is able to simulate the XRD pattern from given

starting parameters. The purpose of this simulation is therefore

to refine individual parameters, e.g. phase content, crystallite size,

and crystal lattice parameters, to obtain a good fit. For this purpose

Rietveld’s refinement program TOPAS V3.0 (Bruker AXS GmbH, Ger-

many) was used [19]. This software enables the full handling of the

instrument geometry and the instrument profile parameters. The

quality of the refinement progress was controlled by monitoring the

fit parameter Rwp, the goodness of fit (GOF), and the Durbin–Watson

factor. Besides, the values for the weight fraction for each phase in

Fig. 7. Scanning electron micrograph images of the sample surface: (a) before heat-

ing and (b) after heat treatment at 1273 K during 1 h.

the penetrated sample volume (cf. Fig. 5), the values for the crystal-

lite size and the microstrain, were determined by Rietveld’s method

as well (see Table 3). The contents of iron–boron, iron–silicon and

boron–iron–silicon phase are displayed as a function of the anneal-

ing temperature during the heating experiment. However it should

be remarked that the first appearance of the FexSi phase at 723 K is

not covered in the diagram in Fig. 5 because the amorphous phase

coexisting at this temperature inhibits the correct phase content

determinated by Rietveld’s method.

The change of the crystallite dimensions, Dhkl, the dislocation

density, �hkl, and microstrains, εhkl, of formed phases with increas-

Table 3

Crystallite size, dislocation density and microstrain of alloys heated at different temperatures.

Temperature (K) Boron–iron Boron–iron–silicon Iron–silicon εhkl (%)

Dhkl (nm) �hkl (m−2) Dhkl (nm) �hkl (m−2) Dhkl (nm) �hkl (m−2)

780 14 1.53 × 1016 9 3.70 × 1016 34 2.60 × 1015 9.72

800 10 3.00 × 1016 13 1.78 × 1016 34 2.60 × 1015 7.88

823 7 6.12 × 1016 – – 27 4.12 × 1015 7.35

923 36 2.32 × 1015 – – 169 1.05 × 1014 2.74

1023 52 1.11 × 1015 – – 153 1.28 × 1014 1.15

1123 122 2.02 × 1014 – – 102 2.88 × 1014 0.46

1273 108 2.57 × 1014 – – 87 3.96 × 1014 1.32
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ing temperature of heating are shown in Table 3. It shows that the
crystallization process starts with nanosized crystallites, and their
growth is further temperature dependent, Fig. 6.

The samples were inspected before and after heat treatment by
scanning electron microscopy (SEM) using 20 kV acceleration volt-
age. All SEM micrographs are displayed at the same magnification.
Fig. 7a shows the amorphous sample before heat treatment. It is
clear that the as-prepared sample surface is homogeneous, without
any trace of prior nucleation. A SEM micrograph in Fig. 7b displays
different grain sizes in the range from about 0.3 to 2 �m. These
dimensions are significantly bigger than the dimensions we obtain
from X-ray diffraction pattern in Table 3. The SEM micrograph
represents particles consisting from several crystallites (mosaic
structure) non-accessible to the X-ray diffraction which is strictly
related to the smaller coherent diffracting length. However, the
scanning electron microscopic examination of the sample heated
at the highest temperature revealed the presence of three different
particle sizes. The smallest, almost spherical particles with a grain
size in a range of 0.3–0.5 �m, correspond to the iron silicon phase;
the largest particles (with a grain diameter between 1 and 2 �m)
are related to the Fe2B phase. Well-defined particles with a medium
size (0.5–0.7 �m) probably correspond to the iron–silicon phase as
well.

4. Conclusions

By annealing in the temperature range 298–1273 K, the amor-
phous Fe75Ni2Si8B13C2 alloy undergoes multi-step structural
transformations, forming iron–silicon (FexSi), iron–silicon–boron
(B2Fe15Si3) and iron–boron (Fe2B) phases. The primary crystal-
lization starts at 723 K by forming FexSi phase in an amorphous
matrix. At higher temperatures (780 and 800 K) beside the FexSi
phase, weak peaks of the boron–iron–silicon phase (B2Fe15Si3)
and of the iron–boron (Fe2B) phase became visible. At 923 K the
intensity of the iron–boron peaks increased, while the peaks of
the boron–iron silicon phase completely disappeared. From the

relation between the Fe content and the lattice constant a, the
Fe content in the FexSi phase was determined as 81% (observed
at 1273 K) and 86% (at 780 K). The crystallization process starts
with nanosized crystallites, and their growth is further temperature
dependent.
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[10] T. Žak, O. Schneeweiss, D. Minić, J. Magn. Magn. Mater. 272–276 (2004) e1119.
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b Technical Faculty Čačak, University in Kragujevac, Serbia

a r t i c l e i n f o

Article history:

Received 24 September 2008
Received in revised form 29 June 2009
Available online 26 September 2009

PACS:

61.43.-j
61.43.Dq
61.66.Fn

Keywords:

Amorphous metals
Metallic glasses
Alloys

a b s t r a c t

The thermal stability and crystallization of the Fe81B13Si4C2 amorphous alloy were investigated in the
temperature range of 300–1173 K. The correlation of the DSC and X-ray diffraction data with the mea-
surements of electric and magnetic properties, which are very sensitive to structural changes, has shown
a complex crystallization process involving at least two overlapping steps which appeared as one sharp
slightly asymmetrical crystallization peak on the DSC curve. That could mean that the entire nucleation
process did not take place during the early stage of the transformation and did not become negligible
afterward. In this case, the crystallization rate is not defined by only the temperature but also depends
on the previous thermal history of the alloy. This could be reason why the Johnson–Mehl–Avrami model
usually used for the description of crystallization involving the stage of nucleation and the stage of
growth of nuclei is not valid.

1. Introduction

Amorphous alloys, also known as metallic glasses, are non-crys-
talline materials usually obtained by the rapid cooling of melts
having a disordered distribution of atoms in the cooled melt and
an excellent combination of physical properties which are very
important for their high technological applications [1]. Magnetic
amorphous alloys based on Fe and Co possess outstanding soft-
magnetic properties such as a high permeability, high saturation
magnetization, low coercivity. These characteristics have enabled
their use in modern technology and attracted great interest of
many researches [2–5]. Amorphous alloys are metastable materials
and during heating, these materials transform into a crystalline
state. However, it is well known that the magnetic properties, as
well as the electric properties, of these materials are structurally
very sensitive and depend significantly on the manufacturing con-
ditions of the alloys as well as their thermal history [6]. For techno-
logical applications, nano-structured soft-magnetic alloys obtained
by partial crystallization from amorphous precursors [7,8] are very
important. These nano-crystalline materials typically possess a
microstructure of nano-crystals about 10 nm in size embedded in
an amorphous matrix. This type of microstructure provides them
with an efficient averaging of the magneto-crystalline anisotropy,
enabling soft-magnetic properties superior to the crystalline alloys
[9–11].

The crystallization of amorphous alloys upon heating can be
performed in several ways. In calorimetric measurements two ba-
sic methods are in use, isothermal and non-isothermal. In both
cases the differential scanning calorimetry technique (DSC) is the
most common method to study the crystallization behavior of
these materials. However, this method requires that the crystalli-
zation occurs with a relatively high heat of crystallization, and it
is not useful when the crystallization occurs with a small heat
transfer or at a slow rate. In such situations, the measurement of
electrical resistivity or magnetic permeability has many advanta-
ges and gives more detailed information on the process of crystal-
lization [12].

In our previous papers [13,14], non-isothermal research of the
crystallization behavior and the kinetics and mechanism of crystal-
lization of a-Fe from the Fe81B13Si4C2 amorphous ribbon produced
by melt-spinning were reported. Based on the results of the DSC
and X-ray diffraction analysis (XRD) and on the calculated crystal-
lization parameters (m = 3; s = 1), we concluded that the primary
crystallization of the a-Fe phase in an amorphous matrix occurs
through the bulk nucleation and three-dimensional growth of nu-
clei growing at a constant rate [13]. It was established that the ki-
netic parameters of transformation did not change with the degree
of crystallization a in the range of 0.1–0.7. Also, it was established
that the primary crystallization of the a-Fe phase from an amor-
phous alloy cannot be described by the Johnson–Mehl–Avrami
(JMA) model that is usually used for the description of crystalliza-
tion involving a stage of nucleation as well as a stage of growth of
nuclei. Rather it can be described by the Šesták–Berggren autocat-
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Journal of Non-Crystalline Solids 355 (2009) 2503–2507

Contents lists available at ScienceDirect

Journal of Non-Crystalline Solids

journal homepage: www.elsevier .com/ locate/ jnoncrysol

������ 

107



alytic model with the kinetic triplet Ea = 349.4.0 kJ mol�1,

ln A= 50.76 and f(a) = a0.72(1 � a)1.02 [14]. Therefore, for a detailed

study of the process of crystallization, we have used electric and

magnetic measurements since they are more sensitive to structural

transformations.

2. Experimental details

The ribbon-shaped samples of the Fe81B13Si4C2 amorphous alloy

were obtained using the standard procedure of rapid quenching of

the melt on a rotating disc (melt-spinning). The resulting ribbon

was 2 cm wide and 35 lm thick.

The crystallization process was investigated by the DSC tech-

nique in a nitrogen atmosphere using a SHIMADZU DSC-50 ana-

lyzer. In this case, samples weighing several milligrams were

heated in the DSC cell from room temperature to 920 K in a stream

of nitrogen with a flow rate of 20 mL min�1 and a heating rate of

5 K min�1.

In order to investigate the structural transformations by the

XRD technique, the samples of the amorphous alloy Fe81B13Si4C2

were annealed at the different temperatures (298–1173 K) in a

stream of nitrogen during 30 min. The X-ray powder diffraction

patterns for the as-prepared alloy, as well as for the samples that

were annealed at different temperatures, were recorded on a Phi-

lips PW-1710 automated diffractometer using a Cu tube operated

at 40 kV and 30 mA. The instrument was equipped with a dif-

fracted beam curved graphite monochromator and Xe-filled pro-

portional counter. For the routine characterization, the diffraction

data were collected in the range of 2h Bragg angles (4–100�Count-

ing for 0.1 s). Silicon powder was used as an external standard for

calibration of the diffractometer. All XRDmeasurements were done

with solid ribbon-shaped samples at ambient temperature.

The electrical resistance of the ribbon was measured by the

four-point method within a temperature range of 293–900 K in

an argon atmosphere. Measurements of relative magnetic perme-

ability were performed using a modified Maxwell method, based

on the action of an inhomogeneous magnetic field on a magnetic

sample. The magnetic force measurements were performed with

a sensitivity of 10�6 N in an argon atmosphere. The sample of the

alloy was mechanically coupled to a copper conductor, forming a

Cu–Fe81B13Si4C2 thermocouple for the measurement of the ther-

mo-electromotive force (TEMF). The thermocouple was placed into

a specially designed furnace, while the other end of the sample was

submerged into a mixture of water and ice. The TEMF produced by

the thermocouple during the heating process was measured by a

voltmeter of 10�5 V sensitivity.

3. Results and discussion

The amorphous state of the as-prepared alloy was confirmed by

the X-ray diffraction method. The diffraction pattern for the as-pre-

pared alloy, Fig. 1, has only a spread halo in the 2h range of 40–50�

and does not have appreciable diffraction peaks indicating an ab-

sence of the long-range crystalline order. This is characteristic for

an amorphous structure which remained unchanged after anneal-

ing at 473 K. The size of the coherently scattering regions, calcu-

lated from the half-width of the observed halo by Scherrer’s

formula, is about 0.71 nm, pointing out the presence of highly dis-

ordered Fe clusters in an amorphous matrix.

The diffraction patterns of the annealed alloy, in the tempera-

ture range 473–733 K contain the same halo as the original sample

as well as a sharp peak at 2h = 83.8� indicating the presence of a

crystal phase as a consequence of the ordered Fe-clusters already

present in the starting alloy. An increase of the annealed tempera-

ture results in a decrease of intensity of this peak and the appear-

ance of a new sharp peak at 2h = 46.8�. The height of the peak

increases with an increase of the annealing temperature. This in-

creased height, as well as a decrease of the half-width of the peak,

indicates an increase of the crystallinity of an alloy. This shows that

at temperatures above 770 K, primary crystallization occurs. Thor-

oughly studying of diffractograms by comparing the semi qualita-

tive analysis of the annealed alloy, according to JPCDS card No. 06

6698, gives evidence of the presence of a-Fe crystallization in an

annealed alloy. The disarranged ratio of peak intensities of the dif-

fraction lines indicates a very disordered crystal structure whose

disorder disappears with an increase of the annealing temperature

according to the ratio of the heights of the diffraction peaks. In this

case, 11.3 nm crystallites are formed.

The DSC curve (Fig. 2) involving the series of endo- and exo-

peaks indicates a stepwise process of the alloy’s structural stabil-

Fig. 1. XRD patterns for as-prepared and heated alloy.

Fig. 2. DSC curve of alloy at heating rate 5 K/min.
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ization in the temperature range of 470–810 K. A broad poorly

formed exo-peak in the temperature range of 470–670 K corre-

sponds to the structural relaxation processes in the as-prepared al-

loy. This peak is followed by an endothermic peak at 680 K

corresponding to the Curie temperature Tc, an endothermic hump

at about 780 K corresponding to the glass transition rather than

the alloy, and a short super-cooled liquid region before a sharp

exothermic crystallization peak, Tk, in the temperature range of

770–830 K. The observed single very sharp exothermic peak at

804 K could indicate a one-step crystallization process in the amor-

phous alloy.

The general equation for analysis of the conversion kinetics of

partial crystallization of metallic alloys involving nucleation and

growth in the solid phase was proposed by Avrami [15]:

aðtÞ ¼ 1� exp½�ðktÞn�; ð1Þ

where a(t) is the degree of transformed volume, t is time, n is the

kinetic exponent, and k = k0exp(�Ea/RT). In the case of continuous

heating when E� RT, the following relations were obtained:

bE

kpRT
2
p

¼ 1 and
da
dt

¼ 0:37nkp; ð2Þ

where b is the heating rate, E is the activation energy, Tp is the tem-

perature of a peak, kp is the rate constant at the peak and da/dt is
the crystallization rate at the peak.

By using the value of the activation energy [14], we found the

values for the kinetic exponent and rate constants for the different

rates of heating, Table 1.

The detailed study of the crystallization kinetics which was

done by applying the Malek’s procedure [16] to the DSC curves

indicated the occurrence of a complex process of primary crystal-

lization of the a-Fe phase in an amorphous matrix. Accordingly,

the Johnson–Mehl–Avrami model usually used for the description

of crystallization involving the stage of nucleation, as well as stage

of growth of nuclei, was not applicable in this case [14].

The temperature dependence of the relative magnetic suscepti-

bility of the as-prepared Fe81B13Si4C2 amorphous alloy during three

cycles of heating to different temperatures is presented in Fig. 3.

During the first and second heating, the decrease in the magnetic

susceptibility in the temperature region from 590 K to 650 K is

the result of getting closer to the Curie temperature of the amor-

phous alloy. After the first heating of the as-prepared alloy in the

temperature region up to 660 K and cooling to room temperature,

its magnetic susceptibility slightly increases. This increase of the

magnetic susceptibility in the second heating was caused by the

structural relaxation of an amorphous structure that developed

during the first heating to 660 K. In this process, internal strains

and the free volume are reduced in the starting material. These

changes are accompanied by subtle inter-atomic movements, caus-

ing the changes in the electron structure. This leads to an increase

in the number of electrons with unpaired spin in the direction of

the outer magnetic field; this also leads to a decrease in the num-

ber of electrons spinning in the reverse direction and causes an in-

crease in the magnetic susceptibility upon cooling. At the same

time, strains and a decrease in the free volume during structural

relaxation enable greater mobility of the walls of the magnetic

domains and this behavior further contributes to the increase in

the magnetic susceptibility.

During the second heating and in the temperature region from

670 K to 740 K, the alloy loses its ferromagnetic properties. With

further heating, the magnetic susceptibility starts to rise, and the

alloy regains its ferromagnetic properties since the crystallization

process starts at about 760 K. After the second heating to 760 K,

the magnetic susceptibility decreases by 23% as compared to the

value in its amorphous state and as compared to the value in its re-

laxed state after the first heating. During the third heating above

the crystallization temperature, the alloy maintains its ferromag-

netic features in the whole temperature region, whereas the max-

imum change in the magnetic susceptibility occurs at about 460 K

as a consequence of further phase transformation of the crystal-

lized alloy.

Fig. 4 shows the temperature dependence of the electrical resis-

tivity of the amorphous alloy in the temperature range of 300–

900 K. The electrical resistivity of the ordered (crystalline) alloy

is lower than the disordered (amorphous) alloy of the same com-

position; therefore, the dependence clearly shows each structural

stabilization step which causes the change in the ordering of the

investigated material. The slow increase of electrical resistivity

Table 1

Crystallization parameters of Fe81B13Si4C2 amorphous alloy Fe81B13Si4C2 amorphous

alloy.

b (K min�1) Tp (K) kp (min�1) n

5 785.1 ± 0.1 0.31 ± 0.03 3.7 ± 0.1

10 793.2 ± 0.1 0.73 ± 0.03 4.1 ± 0.1

20 804.1 ± 0.1 1.27 ± 0.03 3.8 ± 0.1

30 811.4 ± 0.1 1.58 ± 0.03 3.6 ± 0.1

Fig. 3. Temperature dependence of relative magnetic susceptibility of as-prepared

Fe81B13Si4C2 amorphous alloy during three cycles of heating up to different

temperatures: (a) 690 K; (b) 770 K and (c) 900 K.

Fig. 4. Temperature dependence of the electrical resistivity of as-prepared

Fe81B13Si4C2 amorphous alloy.
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was caused by the structural relaxation processes in the tempera-

ture range of 470–650 K. This process is followed by an increase of

electrical resistivity in the vicinity of Curie temperature Tc at 680 K

according to the first maximum of the differential curve (Fig. 5) at

which point the effect that the scattering of conductive electrons

had on the magnons disappeared [17,18]. At that temperature,

the amorphous alloy loses its ferromagnetic features, which is in

excellent agreement with the results of the thermo-magnetic mea-

surements (Fig. 3). The beginning of crystallization at about 790 K

causes the sharp drop of electrical resistivity. The appearance of

two clearly separated maxima, Tk1 and Tk2 (760 and 780 K, respec-

tively) on the differential curve of electrical resistivity (Fig. 5), sug-

gests that the process of the crystallization is a complex one and

occurs in the two steps appearing as one overlapping peak in the

DSC curves, Fig. 2.

The linear change of electrical resistivity with a rising tempera-

ture during the second heating shows that the process of crystalli-

zation was completed during the first heating to 900 K, Fig. 6.

The structural relaxation processes, as well as the crystalliza-

tion process in the temperature interval of 300–950 K, were also

investigated by measuring the thermo-electromotor force (TEMF)

of a thermocouple made by joining a copper conductor and the

amorphous alloy [19].

The temperature dependence of a thermo-electromotor force,

Fig. 7, in agreement with the other results, shows three linear re-

gions corresponding to the structural transformations of the alloy

in a broad temperature range from 300 to 950 K. Different slopes

of these linear dependences correspond to structural changes

involving a structural relaxation, the loss of ferromagnetic proper-

ties, and the crystallization. The temperature coefficient TEMF is a

function of the electron state density at the Fermi level:

a ¼
h
2

2me

3

8p

2
3

 !

N
2
3

1ðEF Þ
� N

2
3

2ðEF Þ

� �

; ð3Þ

where h is Plank’s constant, me is the mass of electrons, N1ðEF Þ is the

electron state density in copper and N2ðEF Þ is the electron state den-

sity in the alloy.The electron state density in copper remained un-

changed during its heating to 950 K, so the change of the

temperature coefficient during the heating of the thermocouple

was caused only by the change of the electron state density at the

Fermi level in the alloy. Based on the slope of the temperature coef-

ficient, the thermo-electromotor force of the first linear segment is

a1 = 9.4 lV/K, and the relative change in the electron state density

of the alloy caused by the structural relaxation process was deter-

mined to be DN1

N
¼ 3:53%. The temperature coefficient of the ther-

mo-electromotor force for the second linear segment is

a2 = 8.36 lV/K, and DN2

N
¼ 5:33% was determined to be 5.33%. Final-

ly, for the third linear segment, a3 = 7.12 lV/K and DN3

N
¼ 7:81% was

7.81%. The overall change in the electron state density at the Fermi

level caused by the structural transformations during heating the

alloy in temperature range 300–900 K is the sum of the three DN/

N values or 16.67%.

4. Conclusion

The crystallization kinetics of amorphous solids involving the

steps of nucleation and the growth of nuclei is usually interpreted

in terms of the Johnson–Mehl–Avrami (JMA) model. However,

strictly speaking, this model is valid in isothermal conditions,

and it can be rigorously applied to the transformations involving

nucleation and growth only in a limited number of special cases

in non-isothermal conditions. For the process of non-isothermal

crystallization of the a-Fe phase in an amorphous Fe81B13Si4C2 al-

loy, a different analysis of DSC curves was used to show that the

conditions for the validity of the JMA model are not fulfilled [14].

In this paper, a correlation of data of the DSC curves and X-ray

diffraction techniques with the measurements of electric and mag-

netic properties was used since these techniques are very sensitive

to structural changes. The results show why the conditions for the
Fig. 5. First derivative of the electrical resistivity with the temperature of as-

prepared Fe81B13Si4C2 amorphous alloy.

Fig. 6. Temperature dependence of the electrical resistivity of Fe81B13Si4C2 alloy

during second heating.

Fig. 7. Temperature dependence of thermo-electromotor force of thermocouple

made by join a copper conductor and investigated alloy.
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validity of the JMA model are not fulfilled, namely that a complex

crystallization process occurred and involved at least two overlap-

ping steps which appeared as one sharp slightly asymmetrical

crystallization peak on the DSC curve. That could mean that the en-

tire nucleation process did not take place during the early stage of

the transformation and became negligible afterward. In this case,

the crystallization rate is not defined by only the temperature

and depends on the previous thermal history of alloy.
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a b s t r a c t

The structural transformations of Fe73.5Cu1Nb3Si15.5B7 amorphous alloy under non-isothermal as well as

isothermal conditions were studied. Differential scanning calorimetry (DSC) showed that slow heating

rates induce a series of stepwise structural transformations consisting of endothermic peaks and more

pronounced exothermic peaks in the broad temperature range from 350 to 970 K. Over this range the

system changed from an as-deposited amorphous alloy of higher excess free energy to an annealed sample

exhibiting lower excess of free energy. X-ray diffraction (XRD) analysis found that primary crystallization

started with formation of a face-centred Fe3Si phase in an amorphous matrix. At higher temperatures

(between 780 and 920 K) we detected, in addition to the Fe3Si phase, which reached an almost constant

value of 85 wt%, three new phases, FeCu4, Fe16Nb6Si7 and Fe2B. Further annealing above 923 K led to,

with Si initially migrating from the Fe–Si phase to the Nb-rich grain boundaries, formation of two new

phases, Fe5Si3 and Nb5Si3. The Fe content in the cubic Fe–Si phase was estimated by means of a change

in lattice parameter. Below 923 K the size of crystallites for the major Fe3Si phase was less than 10 nm. It

was shown that further heating induced rapid crystallite growth, reaching a size greater than 500 nm at

1123 K.

1. Introduction

The soft magnetic amorphous materials (metallic glasses) are

considered the future of magnetic materials in power electronics

on account of their marvellous magnetic properties. The major-

ity of metallic glasses are materials which are kinetically and

thermodynamically metastable. The structure of some of these

materials may change spontaneously with time, but most of them

are stable at room temperature and can be transformed directly

to polycrystalline materials at higher temperatures [1,2]. The poly-

crystalline soft magnetic materials with grain size less than 100 nm,

called nanocrystalline, possess superior soft magnetic properties,

for example, “Finemet®” and “Nanoperm®” alloys and their mod-

ifications [3–9]. These materials generally contain two structural

components: one consisting of periodically positioned atoms inside

the crystallites and the other with all atoms located in the inter-

facial regions, having strongly distorted structures [10]. Owing to

the small grain size, the local magneto-crystalline anisotropy is

∗ Corresponding author. Tel.: +381 11 3336 689; fax: +381 11 2187 133.

E-mail addresses: dminic@ffh.bg.ac.rs, drminic@gmail.com (D.M. Minić).

averaged out by exchange interactions leading to low or vanishing

saturation magnetostriction [11].

The nanocrystalline soft magnetic materials can be obtained by

crystallization of amorphous alloys when the nucleation rate is

high and crystal growth rate low. In addition to the control of heat

treatment conditions such as heating rate, specific annealing tem-

perature and time, the addition of small quantities of elements such

as Cu and Nb, favours the formation of a nanocrystalline structure

in these materials [1,12].

The Fe-based nanocrystalline soft magnetic alloys such as

“Finemet” (Fe73.5Cu1Nb3Si13.5B9) contain small amounts of Cu

which is immiscible with Fe and Nb [5,13]. The Cu, despite its low

content, affects the crystallization process and is responsible for

the formation of nanostructured materials. Due to its very limited

solubility in Fe, Cu forms small clusters which serve as sites for

heterogeneous nucleation of �-Fe–Si crystallites, increasing their

number in amorphous matrix. Furthermore, Nb, which is rejected

from the crystal phase into the amorphous matrix, decreases the

crystal growth because of its relatively low diffusivity [14].

The extensive application of nanostructural metallic alloys of

this type is primarily due to their unique soft magnetic proper-

ties, which make them suitable for use in sensors. It was shown

doi:10.1016/j.jallcom.2010.05.145
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that two main phases exist in Fe–Cu–Nb–Si–B alloys with optimum

magnetic properties, one of them being the nanocrystalline ferro-

magnetic �-Fe–Si solid phase (volume fraction 60–65%) with an

average grain size typically of 10–15 nm embedded in an amor-

phous ferromagnetic matrix [15].

Since soft magnetic materials can possess very attractive physi-

cal properties, great efforts have been made to predict and control

the crystallization processes of metallic glasses [16]. The formed

microstructures are very sensitive to annealing temperature as

well as the thermal history of the materials; therefore a study of

microstructure evolution of the nano-magnetic materials can pro-

vide good guidance for tailoring desired properties [17,18].

The objective of this work was to conduct a detailed study

of the crystallization process of amorphous Fe73.5Cu1Nb3Si15.5B7

alloy in the temperature range 273–1123 K. Our main interest was

the behaviour of the alloy at high temperatures. Therefore, special

attention was paid to samples of alloy annealed at temperatures

above 873 K.

2. Experimental procedures

By means of the standard procedure of rapid quenching of the melt on a

rotating disc (melt-spinning method), amorphous ribbon samples with a stoi-

chiometric composition Fe73.5Cu1Nb3Si15.5B7 (Vitroperm®) and with dimensions of

2.5 cm width and 35 �m thicknesses were prepared. Composition analysis by EDX

confirmed that the expected elements were present in the amorphous alloy. The

amorphous ribbon samples were sealed in quartz tubes under technical vacuum

and isothermally annealed for 1 h at temperatures of 693, 753, 773, 813, 873, 923,

973, 1023, 1073, and 1123 K, respectively.

Differential thermal calorimetry of the samples was conducted using a DSC-

204 C device (Netzsch, Germany) in the temperature range 298–973 K under an Ar

atmosphere at a constant heating rate of 4 K min−1 . A uniform temperature distri-

bution was insured by using sample of reduced mass (approximately 5 mg). A slow

heating rate of 4 K min−1 increased the sensitivity for detection of smaller exother-

mic and endothermic changes in DSC. Two heating runs were employed to obtain

a baseline; the first heating run was with an as-prepared sample and the second

heating run was conducted after cooling the sample to ambient temperature [19].

XRD experiments were performed on an X-Pert powder diffractometer (PAN-

alytical, Netherlands) using CuK� radiation in Bragg–Brentano geometry at 40 kV

and 30 mA. The measurements were conducted in a step scan mode in 0.05◦ (2�)

intervals with a measuring time of 30 s/step. This diffractometer is equipped with a

secondary graphite monochromator, automatic divergence slits, and a scintillation

counter.

The TOPAS V3 general profile and structure analysis software for powder diffrac-

tion data was used for the Rietveld refinement procedure [20].

Microstructural examination was performed by scanning electron microscope

(SEM). An XL 30 ESEM-FEG (environmental scanning microscope with field emission

gun, manufactured by FEI, Netherlands) device equipped with an energy disper-

sive X-ray spectrometer from EDAX was used. The samples were inspected using

5, 10 and 20 kV acceleration voltages at magnifications of 20,000× and 10,000×,

respectively.

3. Results and discussion

The thermal behaviour of the Fe73.5Cu1Nb3Si15.5B7 amorphous

alloy is depicted in the DSC curves (Fig. 1). As the amorphous

sample undergoes structural transformations during heating, a

broad exothermic maximum in the range 350–550 K is attributed

to the structural relaxation processes in as-prepared amorphous

alloy. This process is followed by the Curie temperature and the

glass transition temperature [21,22]. The process of crystallization

involves three well-defined broad asymmetric exothermic peaks

(Tk1, Tk2 and Tk3) indicating a stepwise process of the structural

transformation of the alloy in the broad temperature range from

750 to 1000 K. During these structure transformations the sys-

tem moves from as-deposited amorphous alloy of higher excess

free energy to the annealed sample exhibiting a lower excess of

free energy. The absence of peaks in repeated run on the same

alloy after cooling has shown that mentioned process really cor-

responds to crystallization (Fig. 1). The corresponding enthalpy

releases of �H1 = −67.3 J g−1 in the temperature range 760–835 K

Fig. 1. DSC of as-prepared alloy at heating rate 4 K min−1 .

and �H2 = −3.4 J g−1 in the temperature range 875–890 K give a

measure of the thermal stability of the sample with respect to struc-

tural transformations involving nucleation and growth of crystals

in different temperature ranges.

After the DSC analysis involving heating to 973 K, the sam-

ple was cooled down to room temperature, and an XRD analysis

was performed (Fig. 2). The slow heating rate (4 K min−1) dur-

ing the DSC analysis caused the structural transformations in

the alloy, resulting in the formation of four crystalline phases:

Fe3Si (81.1 ± 2.4 wt%), FeCu4 (1.4 ± 0.3 wt%), Fe2B (7.9 ± 2.0 wt%)

and Fe16Nb6Si7 (9.6 ± 1.7 wt%). The application of a slow heating

rate was suitable for the generation of a large number of crys-

tallization seeds, which resulted in small final crystallites sizes:

Fe3Si (12.1 ± 0.6 nm), FeCu4 (24.6 ± 9.0 nm), Fe2B (17.1 ± 2.8 nm)

and Fe16Nb6Si7 (2.2 ± 0.2 nm).

The microstructural development was further investigated on

isothermally annealed and then quenched samples. Quenching of

the samples, which were previously sealed in quartz tubes under

technical vacuum and isothermally annealed for 1 h at selected

temperatures (chosen in accordance with the DSC analysis) was

performed in water at room temperature.

Fig. 3 shows the XRD patterns of an as-prepared alloy sample as

well as samples of the material subjected to annealing, during 1 h,

Fig. 2. X-ray diffractogram of the sample heated up to 973 K under an argon atmo-

sphere during DSC analysis and then left cool slowly to room temperature.
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Fig. 3. XRD patterns of Fe73.5Cu1Nb3Si15.5B7 alloy samples as-prepared as well as
heated during 1 h at different temperatures as indicated.

at different temperatures (693, 753, 773, 813, 873, 923, 973, 1023,
1073, and 1123 K).

XRD as well as SEM investigation of the as-prepared
Fe73.5Cu1Nb3Si15.5B7 alloy confirmed the absence of long range
ordering. The first crystallization process during heating to 693 K
was detected by the appearance of two very small diffraction peaks
at 97.159◦ and 115.042◦ 2�, as shown in Fig. 3. Unfortunately the
majority of ICDD-PDF powder diffraction data do not cover the
2� angle range of the unidentified reflections noted above. There-
fore a complete and accurate identification of this phase was not
possible. However, the diffraction pattern corresponds well to a
phase with cubic symmetry (face-centred structure, FCC) [23]. This
unidentified phase remained present until 923 K. The XRD analysis
of the sample annealed at 753 K displayed besides a broad hump
in the 2� range 40–50◦ (corresponding to the amorphous fraction
of the material) also the major crystalline �-Fe–Si phase (FCC or
DO3 crystal structure). The best match to the Fe–Si diffraction pat-
tern is that of a pattern for �-Fe3Si (ICDD-PDF 03-065-0146). This
structure could result from the good solubility of Si in �-Fe in the
early stages of crystallization. Furthermore, a significant fraction of
the Fe atoms rejected from the DO3 nanocrystals formed statisti-
cally disordered interfacial grain boundaries in the later stages of
crystallization [24].

This structural composition remained unchanged up to 873 K,
when formation of the crystalline phase FeCu4 (ICDD-PDF 03-065-
7002) started. At this annealing temperature the copper-iron phase
was not very abundant. At 923 K, slow dissolution of B and Nb
atoms into the Fe matrix led to the formation of two new phases:
Fe16Nb6Si7 (ICDD-PDF 00-053-0459) and Fe2B (ICDD-PDF 00-036-
1332).

Table 1

Crystal symmetry, space group (Hermann–Mauguin symbol), and lattice parameters
for all observed phases according to the ICDD-PDF database.

Phase Space group Crystal system Lattice parameters [Å]

a c

Fe3Si Fm-3m Cubic 5.670 –
FeCu4 Fm-3m Cubic 3.618 –
Fe16Nb6Si7 Fm-3m Cubic 11.338 –
Fe2B I4/mcm Tetragonal 5.110 4.249
Nb5Si3 I4/mcm Tetragonal 10.018 5.072
Fe5Si3 P63/mcm Hexagonal 6.755 4.717

As it is shown in Fig. 3, further structural transformations did
not occur between 973 and 1123 K. Annealing at 973 K gave rise
to two phases in trace contents: Fe5Si3 (ICDD-PDF 03-065-3593)
and Nb5Si3 (ICDD-PDF 03-065-2785). These two phases were not
noticed in the sample after DSC analysis. It could be speculated
that the formation of these phases requires a prolonged period of
heating. The unit cell parameters for each crystal system as well
as the corresponding Hermann–Mauguin space group symbol are
given in Table 1.

As stated in the literature, the crystallization in Fe-based amor-
phous alloys takes place more easily near the surface than within
the bulk [25]. The process of crystallization initiates at the surface
during heat treatment and then propagates into the bulk.

The quantitative phase analysis was performed together with
crystallite size and lattice constant determination using the pro-
gram TOPAS V3 (Bruker AXS GmbH, Germany) by means of Rietveld
refinement of the XRD data. This program uses the “fundamen-
tal parameter approach” which enables a full convolution based
synthesis of line profiles [20].

The mean shape of the crystallites must be known in order to
derive and apply a correction to the column height of each hkl. Since
the crystallite size ε cannot be measured directly, TOPAS V3 uses
the integrated breadth based Lvol calculation (according to Eq. (1))
assuming intermediate crystallite size broadening modelled by a
Voigt function [20]:

wi = �/(Lvol cos �) (1)

where wi are integral breadths defined as:

wi =
w

k
; (2)

� is the wavelength of the used Cu radiation, � the Bragg angle and
Lvol is volume weighted mean column height defined as:

Lvol = εk. (3)

In Eq. (2), w is the FWHM (full width at half maximum) of the
instrument corrected line profile and k is the Scherrer constant.

Fig. 4 shows a change in relative phase contributions [wt%]
during the thermal treatment as determined by the Rietveld refine-
ment procedure. With an increase in temperature, the relative
contribution of the Fe3Si phase, which is observed primarily at
773 K, decreases very slowly reaching an almost constant value of
85.0 ± 0.6 wt% for annealing temperatures above 923 K. The rela-
tive amounts of the other phases were low: FeCu4 (1.7 ± 0.4 wt%
with maximum 6.6 ± 0.6 wt%), Fe2B (1.4 ± 0.6 wt% with maxi-
mum 4.9 ± 1.0 wt%), Fe16Nb6Si7 (4.7 ± 0.5 wt% with maximum
11.5 ± 0.6 wt%), Nb5Si3 (0.8 ± 0.2 wt% with maximum 2.0 ± 0.2 wt%)
and Fe5Si3 (0.5 ± 0.2 wt% with maximum 1.6 ± 0.2 wt%). Complete
information for all relative weight fraction contributions presented
in this paper was shown in Table 2.

The crystallization process for the Fe73.5Cu1Nb3Si15.5B7 alloy
started with formation of DO3 nanosized crystallites whose fur-
ther growth is temperature dependent as shown in Table 3. The
crystallite size of the major Fe3Si phase remained almost constant,
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Table 2

Relative weight fractions (wt%) corresponding to each phase and for different heating conditions presented in this paper.

Temperature [K] Annealing time [h] Fe3Si FeCu4 Fe16Nb6Si7 Fe2B Nb5Si3 Fe5Si3

Relative weight fraction [wt%]

773 1 100 – – – – –

813 1 100 – – – – –

873 1 96.4 ± 1.3 3.6 ± 1.3 – – – –

923 1 80.6 ± 1.1 3.0 ± 0.3 11.5 ± 0.6 4.9 ± 1. – –

973 1 84.2 ± 0.9 6.6 ± 0.6 4.7 ± 0.5 2.1 ± 0.6 0.8 ± 0.2 1.6 ± 0.2

1023 1 86.9 ± 0.7 2.3 ± 0.4 6.5 ± 0.4 2.6 ± 0.4 1.1 ± 0.2 0.6 ± 0.2

1073 1 86.9 ± 0.8 1.7 ± 0.4 7.5 ± 0.3 1.4 ± 0.6 2.0 ± 0.2 0.5 ± 0.2

1123 1 85.0 ± 0.6 2.8 ± 0.3 7.6 ± 0.3 2.6 ± 0.4 1.5 ± 0.2 0.5 ± 0.1

1123a 24 87.1 ± 0.4 3.3 ± 0.3 5.4 ± 0.3 2.7 ± 0.4 0.9 ± 0.2 0.6 ± 0.1

973b – 81.1 ± 2.4 1.4 ± 0.3 9.6 ± 1.7 7.9 ± 2.0 – –

a The sample was analysed after annealing at 1123 during 24 h.
b The sample was analysed by DSC technique in the temperature range of 298–973 K in an argon atmosphere with a constant heating rate of 4 K min−1 .

Table 3

Crystallite sizes for the observed phases upon heating at different temperatures.

Temperature [K] Annealing time [h] Fe3Si FeCu4 Fe16Nb6Si7 Fe2B Nb5Si3 Fe5Si3

Crystallite size [nm]

773 1 9.0 ± 1.3 – – – – –

813 1 9.6 ± 1.2 – – – – –

873 1 9.4 ± 1.2 4.0 ± 1.5 – – – –

923 1 18.5 ± 1.5 7.7 ± 1.9 5.3 ± 1.5 4.5 ± 1.6 – –

973 1 75.8 ± 2.6 5.9 ± 3.8 20.3 ± 2.1 22.7 ± 1.5 31.4 ± 1.8 11.6 ± 2.7

1023 1 244.2 ± 2.9 22.6 ± 1.6 25.3 ± 2.9 27.5 ± 2.8 44.8 ± 2.2 54.4 ± 2.1

1073 1 463.9 ± 2.9 36.8 ± 2.4 49.7 ± 5.6 44.8 ± 5.2 46.8 ± 2.2 57.0 ± 2.5

1123 1 523.8 ± 3.9 40.4 ± 3.0 64.8 ± 7.9 54.4 ± 5.3 44.8 ± 7.7 115.5 ± 6.6

1123a 24 600.0 ± 5.1 69.4 ± 4.5 93.3 ± 2.0 61.0 ± 4.5 59.6 ± 3.4 115.9 ± 7.9

973b – 12.1 ± 0.6 24.6 ± 9.0 2.2 ± 0.2 17.1 ± 2.8 – –

a The sample was analysed after annealing at 1123 during 24 h.
b The sample was analysed by DSC technique in the temperature range of 298–973 K in an argon atmosphere with a constant heating rate of 4 K min−1 .

about 9 nm, after annealing for 1 h at temperatures between 773

and 873 K. In this temperature range, Nb in the amorphous grain

boundaries significantly restricts the growth of the Fe3Si crystal-

lites. Furthermore, the crystallite growth increases rapidly above

923 K. This coincides well with formation of the Fe16Nb6Si7 phase.

The sample annealed at 1123 K for 24 h (Fig. 5) displayed besides

the Fe–Si phase only minor contributions of other phases (ranging

from 0.5 to 7.6 wt% for each phase).

Fig. 4. Relative weight fractions of the observed crystalline phases as determined by

the Rietveld refinement method. The left ordinate corresponds to the relative phase

contribution of the Fe3Si during thermal treatment; the right ordinate is related to

the relative phase contributions of each of the other phases.

The resulting diffraction pattern (Fig. 5) reveals very sharp and

intense peaks belonging to the major, well crystallized, Fe3Si phase.

This indicates, as the Rietveld refinement confirmed, that further

grain growth occured during heating treatment. The final value

of the crystallite size (24 h dwell) for the major phase reached

600.0 ± 5.1 nm with 87.1 ± 0.4 wt% relative phase contribution.

Evolution of the lattice constant a for the Fe–Si phase (DO3 struc-

ture) as determined by the Rietveld procedure is displayed in Fig. 6.

According to the relation derived in our former work [26] we cal-

culated the Fe content in the Fe–Si phase, (right ordinate scale in

Fig. 6). It is most likely that during crystallization Si initially diffuses

Fig. 5. XRD pattern of the Fe73.5Cu1Nb3Si15.5B7 alloy sample heated for 24 h at

1123 K.
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Fig. 6. Lattice constant a of the cubic Fe–Si phase and corresponding content of Fe,
plotted as a function of the heating temperature.

from the crystalline Fe–Si phase to Nb-rich grain boundaries and
with rise the temperature (above 923 K) forms two new phases,
Fe5Si3 and Nb5Si3. As a consequence, the Fe content in the Fe–Si
phase increases from 75% to 80% with an increase in temperature,
and the cell parameter increases from 5.676 to 5.692 Å. It should
be noted, that minor changes of the lattice constant could also be
caused by minor incorporation of Nb and B into the Fe–Si phase,
but this effect should be significantly smaller.

SEM micrograph of the sample surface after heat treatment for
24 h at 1123 K (cf. Fig. 7) shows the presence of crystal grains of
different shapes and shadings corresponding to the different phases
found by X-ray analysis. The corresponding EDX analysis showed
significant variations in composition. The black rifts in the sample
surface are enriched with Si, Nb and Fe. The white, large and almost
spherical particles contain Cu exclusively. EDX analysis of the dark-
grey, basic area shows mainly Si and Fe content while in the needle-
like particles Nb is predominant.

The addition of small amounts of Nb to the Fe–Cu–Si–B sys-
tem leads to generation of atomic pairs (Nb–Fe, Nb–B), leading to
the formation of a highly dense amorphous random packed struc-
ture, which results in high microhardness. Fe–Cu–Nb–Si–B metallic
glasses are well known as very hard (Vickers hardness higher than
800 HV), but brittle materials [27].

Annealing of the amorphous material at 753 K leads to the begin-
ning of crystallization. As a result of the atomic rearrangement a
partially crystalline material was formed with a large number of
dislocations, accompanied by a reduction in ductility.

The dislocation density decreases with the increase of annealing
temperature, as it can be seen from Table 4. This is strongly related

Fig. 7. SEM micrograph of surface, after heat treatment at 1123 K for 24 h.

to the crystallite size growth and the total crystalline to amorphous
phase volume ratio, leading to the decrease of the mechanical hard-
ness and the increase of ductility of alloy.

4. Conclusions

During the structural transformations of the
Fe73.5Cu1Nb3Si15.5B7 alloy, the system changed from an as-
deposited amorphous alloy to an annealed material exhibiting
lower excess of free energy. The primary crystallization started by
formation of Fe3Si phase (face-centred structure) in an amorphous
matrix. At higher temperatures (above 920 K) the content of Fe3Si
phase is almost constant, accounting for 85 wt% of the crystalline
phases. Additionally, new phases FeCu4, Fe16Nb6Si7 and Fe2B
were detected. With further annealing above 923 K, Si diffuses
from the Fe–Si phase to the Nb-rich grain boundaries, and has
been involved in formation of the new minor phases Fe5Si3 and
Nb5Si3. The sample of alloy annealed for 1 h under vacuum, at
973 K, and then quenched at room temperature, was compared
with the sample of alloy annealed by heating up to 973 K under
Ar at a constant heating rate of 4 K min−1 during DSC analysis. It
was found that in both cases the dominant phase was Fe3Si (more
than 80 wt% content). However, the crystallite size of this phase
for the annealed sample was significantly larger (75.8 ± 2.6 nm)
than for the DSC sample (12.1 ± 0.6 nm). It is most likely that
the duration of the thermal treatment as well as the annealing
atmosphere affected the final crystallite size. The slow heating
during DSC analysis induced a large number of crystallization
seeds, which resulted in a smaller final crystallite size. The size

Table 4

Dislocation density for the Fe73.5Cu1Nb3Si15.5B7 alloy after heat treatment (experimental conditions as given in Table 3).

Temperature [K] Fe3Si FeCu4 Fe16Nb6Si7 Fe2B Nb5Si3 Fe5Si3

Dislocation density [m−2]

773 3.70 × 1016 – – – – –
813 3.26 × 1016 – – – – –
873 3.40 × 1016 1.88 × 1017 – – – –
923 8.77 × 1015 5.06 × 1016 1.07 × 1017 1.48 × 1017 – –
973 5.22 × 1014 8.62 × 1016 7.28 × 1015 5.82 × 1015 3.04 × 1015 2.23 × 1016

1023 5.03 × 1013 5.87 × 1015 4.69 × 1015 3.97 × 1015 1.49 × 1015 1.01 × 1015

1073 1.39 × 1013 2.22 × 1015 1.21 × 1015 1.49 × 1015 1.37 × 1015 9.23 × 1014

1123 1.09 × 1013 1.84 × 1015 7.14 × 1014 1.01 × 1015 1.49 × 1015 2.25 × 1014

1123a 8.33 × 1012 6.23 × 1014 3.45 × 1014 8.06 × 1014 8.45 × 1014 2.23 × 1014

973b – 2.05 × 1016 4.96 × 1015 1.03 × 1016 – –

a The sample was analysed after annealing at 1123 during 24 h.
b The sample was analysed by DSC technique in the temperature range of 298–973 K in an argon atmosphere with a constant heating rate of 4 K min−1 .
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of the Fe3Si crystallites for the quenched samples (initially being
around 10 nm) increased with the increase of temperature and the
duration of thermal treatment, reaching more than 500 nm when
annealed for 1 h at 1123 K. The samples annealed in technical
vacuum underwent surface crystallization, with the final grain size
increased by expansion into the bulk.
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a b s t r a c t

Kinetics of the apparent isothermal and the non-isothermal crystallization of a-Fe phase within the

amorphous Fe81B13Si4C2 alloy were investigated by an X-ray diffraction (XRD) and by a differential

scanning calorimetry (DSC). It was established that the apparent isothermal crystallization of a-Fe

phase within amorphous Fe81B13Si4C2 alloy could be described by the Johnson–Mehl–Avrami (JMA)

kinetic model (with parameter niso¼4.0). The apparent isothermal crystallization process includes a

constant rate of nucleation and three-dimensional growth of nuclei. The results of X-ray diffraction

(XRD) data of the isothermally crystallized samples confirmed the above established kinetic model.

From the kinetic analysis of the non-isothermal crystallization of the a-Fe phase within this amorphous

alloy, it was concluded that the autocatalytic two-parameter Šesták–Berggren (SB) reaction model

(with kinetic exponents M¼0.72 and N¼1.02) describes well the studied process under the given

conditions. The non-isothermal crystallization process involves the constant nucleation rate of stable

nuclei with additional secondary two-dimensional (surface) nucleation and overlapping of the growing

nuclei on account of the non-isothermal activation.

1. Introduction

Amorphous alloys are relatively new materials offering a

specific combination of technologically important properties and

have thus attracted special interest of material scientists in the

last two decades. The amorphous materials are structurally and

thermodynamically metastable and very susceptible to partial or

complete crystallization during thermal treatment or during their

applications.

The Fe-based metallic glasses possess two very important

properties [1,2]: a slender magnetization loop (hysteresis) and

high electrical resistance (reducing induced eddy current), both

can be changed through the crystallization processes under the

isothermal and non-isothermal treatments.

Santos et al. [3,4] investigated the crystallization kinetics of

amorphous alloy Metglass 2605SC (Fe81B13.5Si3.5C2) using ferro-

magnetic resonance (FMR), differential scanning calorimetry (DSC)

and X-ray diffraction (XRD) methods. Three exothermal peaks

could be distinguished on the DSC curves of the alloy, indicating

that the crystallization process involves formation of more than

one phase. The calculated value of the Avrami exponent for the low

temperature DSC peak was n¼1.2470.10. This value is in good

agreement with the FMR results. The obtained results show that

the studied process was diffusion controlled, with a nucleation rate

near zero. The diffraction pattern of Metglass 2605SC showed the

amorphous state of the investigated alloy. Isothermal annealing at

T4780 K leads to an appearance of crystalline a-Fe as well as Fe2B3

phase in the alloy. An X-ray analysis shows that with an increase of

the annealing temperature of alloy, the crystallization of a-Fe and

Fe2B3 occurs, whereas at higher temperatures a metastable g-Fe

phase appears. The determined values of the apparent activation

energy, Ea, 356 and 558 kJ mol�1 are comparable with the already

reported values of Ea for the amorphous iron alloys. The

determined values of the Avrami exponent for the first and the

third peak (nI,III¼1.3) indicates diffusion-controlled growth of

particles having appreciable initial volume and three-dimensional

(3D) growth of small particles with a zero nucleation rate [3,4].

Pratap et al. [5] investigated crystallization kinetics of the

Fe67Co18B14Si1 metallic glass by the isoconversional and isokinetic

methods, with focus on the relative applicability of these

methods. They observed that DSC curves reveal a two-stage

of crystallization, while the corresponding peaks were shifted to

higher temperatures with increased heating rates. Also,

they found that the values of local activation energy for Peak I

and Peak II are 222.4 and 373.9 kJ mol�1, respectively. These

results are in good agreement with the values of Ea calculated by

the isoconversional peak methods, for the same crystallization

peaks [5].

Considering all of the above, we investigated hereby the

apparent isothermal and non-isothermal crystallization kinetics
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of the a-Fe phase within the Fe81B13Si4C2 alloy using DSC and XRD

measurements.

2. Kinetic analysis

2.1. The applicability of the Johnson–Mehl–Avrami (JMA) model for

the apparent isothermal and non-isothermal crystallization

When a glass is heated at a constant heating rate, b, crystal

nuclei are formed at temperatures higher than the glass

temperature and grow in size with a further increase of

temperature. Assuming that the crystallization of glass does not

increase the number of nuclei (the nucleation rate is equal to

zero), and the rate of crystal growth in the examined temperature

range obeys the Arrhenius dependence, Matusita and Sakka [6]

and later Vázquez et al. [7] applied the JMA equation to the non-

isothermal crystallization of glasses in the form:

ln �lnð1�aÞ
� �

¼�n lnbþ lnk0�
mEa,c
RT

ð1Þ

ln �lnð1�aÞ
� �

¼�n lnbþ lnCo�1:052
mEa,c
RT

ð2Þ

where a is the degree of conversion, n is the Avrami kinetic

exponent, m is the parameter of dimensionality, b is the heating

rate, T is the corresponding temperature at time t, Ea,c is the

apparent activation energy of crystal growth, whereas k0 and Co
represent the constants.

Eqs. (1) and (2) allow studying the kinetics of crystallization of

glass in terms of certain temperatures (the apparent isothermal

conditions) or in terms of linear increase in the temperature (the

non-isothermal conditions). Under the apparent isothermal

conditions, the Avrami kinetic exponent, n¼niso, can be deter-

mined from the slope of the linear dependence of ln[� ln(1�a)]
vs.� ln b at several selected temperatures. On the other hand,

under the non-isothermal conditions, the parameter m can be

obtained from the slope of the linear dependence of ln[� ln(1�a)]
vs. (1/T) at the constant heating rate (b), if the value of Ea,c is

known (Eq. (2)).

Henderson [8,9] has shown that the validity of the JMA

equation can be extended to non-isothermal conditions, if the

entire nucleation process takes place during the early stages of

the transformation, and becomes negligible afterwards.

Recent reports [10–13] have proven that the JMA equation is

valid only under several preconditions: the product phases are

randomly distributed, nucleation is random, growth rate is

constant and independent of position in the sample, impingement

against objects other than neighbouring domains of the product

phase is negligible, growth is isotropic, and the equilibrium state

is constant.

For testing the applicability of the JMA model under non-

isothermal conditions, the two methods were used. The first

method is an inspection of the linearity of the dependence

ln[� ln(1�a)] as a function of reciprocal absolute temperature

1/T, as we mentioned earlier in this paper.

The second method is based on the shapes and position of the

maximum of two special functions (so-called the Málek’s

functions) designated as y(a) and z(a) [14,15]. In non-isothermal

conditions, these special functions are defined as [16]

yðaÞ ¼fexp �
Ea,c
RT

� �

ð3Þ

zðaÞ ¼fT2 ð4Þ

where f is the heat flow normalized per mass of sample. For

practical reasons, the y(a) and z(a) functions are normalized

within the [0,1] range. It can be pointed out that under non-

isothermal experimental conditions, the value of the apparent

activation energy (Ea,c) is needed to calculate the y(a) function.
The validity of JMA model can easily be verified by checking

the maximum az
� of the z(a) function. If the maximum falls

within the 0.61raz
�
r0.65 range, then the experimental data

probably correspond to the JMA model.

2.2. Determination of the kinetic model of the non-isothermal

crystallization

It has been verified, that the shape of the y(a) function, as well

as the maximum ay
� of the y(a) function and az

� of the function

z(a) can be used to guide the choice of the kinetic model [14,15].

The following rules can be defined [14] in this respect:

(a). If the y(a) function has a maximum at ay
n¼0, then it can be

convex, linear or concave. The convex dependence corre-

sponds to the RO (reaction ordero1) model, the linear

dependence to the Johnson–Mehl–Avrami (JMA) [17–20]

(n¼1) or the RO (reaction order¼1) model, and the concave

dependence to the JMA (no1), D2, D3, D4 (D—diffusion

group of models) and the RO (reaction order41) model.

(b). If the y(a) function exhibits a maximum in the interval ay
n
A

(0, az) (where az is the degree of conversion at the maximum

of da/dT), it corresponds to the Šesták–Berggren (SB (M, N))

[21] or the JMA (n41) model.

The autocatalytic crystallization process can be described by an

empirical two-parameter Šesták–Berggren (SB) kinetic model

[21], which is presented by the following function:

f ðaÞ ¼ aMð1�aÞN ð5Þ

where f(a) is the differential conversion function, M and N

represent the kinetic exponents, which define the relative

contributions of acceleratory and decay regions of the investi-

gated kinetic process. It was shown [14] that this two-parameter

autocatalytic model is the physically meaningful only for Mo1.

The maxima of the y(a) and z(a) functions depend on the

values of the kinetic exponents M and N. The maximum ay
� of the

y(a) function can be expressed as [14]

a�
y ¼

M

MþN
ð6Þ

For the Šesták–Berggren (SB) model, the ratio of the kinetic

exponent’s p¼M/N can be calculated using Eq. (6), rewritten as

[22]

p�
M

N
¼

a�
y

ð1�a�
yÞ

ð7Þ

Considering the non-isothermal form of basic kinetic equation

b
da

dT
¼ kðTÞf ðaÞ ð8Þ

where b is the heating rate, k(T) is the temperature dependent

rate constant (k(T)¼A exp(�Ea,c/RT)), f(a) is the conversion

function given by Eq. (5), we finally get the following equation

[23]:

b
da

dT
¼ Aexp �

Ea,c
RT

� �

aMð1�aÞN ð9Þ

Eq. (9) can be rewritten, taking into account Eq. (7) as follows:

ln b
da

dT

� �

exp
Ea,c
RT

� �� �

¼ lnAþN ln apð1�aÞ
� �

ð10Þ

From the linear dependence ln[b(da/dT)exp(Ea,c/RT)] vs.

ln[ap(1�a)], we can obtain the kinetic exponent N and the
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logarithm of the pre-exponential factor, ln A. The value of kinetic

exponent M can be obtained directly from Eq. (7).

The SB kinetic exponent N and the pre-exponential factor, ln A

(Eq. (10)) can be calculated only if the Ea,c value is strictly defined.

2.3. Kissinger method

The overall apparent activation energy for non-isothermal

crystallization of an amorphous alloy under the linear heating

condition can be deduced by the Kissinger method [24].

The apparent activation energy (Ea,c) can be calculated by the

Kissinger method without precise knowledge of the reaction

mechanism, using the following equation:

ln
b

T2
p

 !

¼ ln
AR

Ea,c

� �

�
Ea,c
RTp

ð11Þ

where b is the heating rate, Tp is the crystallization peak

temperature. From the slope and the intercept of the straight

line (Eq. (11)), it is possible to derive the value of the apparent

activation energy (Ea,c) and the pre-exponential factor (A) of the

crystallization process, respectively.

2.4. Master-plot method

In order to check the established reaction model, we applied

the ‘‘Master-plot’’ method [25–27]. Using the reference point at

a¼0.5, the following differential master equation can be derived:

f ðaÞ

f ð0:5Þ
¼

da=dT

ðda=dTÞ0:5
�

expðEa,c=RTÞ

expðEa,c=RT0:5Þ
ð12Þ

where (da/dT)0.5, T0.5, and f(0.5) are the reaction rate, reaction

temperature, and the conversion function (kinetic model) at

a¼0.5, respectively.

The left-hand side of Eq. (12) is a reduced theoretical curve,

which is characteristic to each kinetic function. The right-hand

side of Eq. (12) is associated with the reduced rate and can be

obtained from experimental data, if the apparent activation

energy is known, and remains constant throughout the entire

reaction. Comparison of both sides of Eq. (12) tells us which

kinetic model describes the experimental reaction process.

3. Experimental

3.1. Materials and methods

The ribbon-shaped samples of Fe81B13Si4C2 amorphous alloy

were obtained using the standard procedure of rapid quenching of

the melt on a rotating disc (melt-spinning). The obtained ribbon

was a 2 cm wide and 35 mm thick.

The crystallization process was studied by the differential

scanning calorimetry (DSC) in the nitrogen atmosphere using a

SHIMADZU DSC-50 calorimeter. The sample masses used for DSC

measurements were about several milligrams. The samples were

heated in the DSC cell from room temperature to 923 K in a

stream of nitrogen at the flow rate of 20 mL min�1. The samples

were heated in a linear mode heating at the different rates (b¼5,

10, 20, and 30 K min�1).

The degree of crystallization (or degree of conversion) a,
obtained from DSC curve at any temperature T is given by a¼ST/S,

where S is the total area under the DSC curve, between the

temperature where the crystallization starts and the temperature

where the crystallization is completed. The value of ST is the area

of DSC curve, between the initial temperature and the actual

temperature, T.

In order to investigate structural transformations by an X-ray

diffraction, the samples of amorphous alloy Fe81B13Si4C2 were

annealed at different temperatures (298, 473, 573, 673, 823, 873,

973, and 1103 K) in a stream of nitrogen during 30 min. An X-ray

powder diffraction (XRD) patterns were recorded on a Philips PW-

1710 automated diffractometer, using a Cu tube operated at 40 kV

and 30 mA. The instrument was equipped with a diffraction beam

curved graphite mono-chromator and Xe-filled proportional

counter. For routine characterization, the diffraction data were

collected in the range of 2y Bragg angles (4–1001). For the

diffraction data used in crystallite size measurements between

401 and 501, the Bragg angles were collected using a 4 s scan at

0.021 steps. A fixed 11 divergence and 0.1 mm receiving slits were

used. Silicon powder was used as an external standard for

calibration of the diffractometer. All XRD measurements were

done with solid samples in the form of a ribbon at an ambient

temperature.

The crystallite size dimensions (Dhkl) were determined using

an interactive Windows program for profile fitting and size

analysis (Winfitt). Full-width at half-maximum (FWHM) values of

peaks at the corresponded Bragg angles were fitted assuming a

Pearson VII function for the profile.

Micro-strain in a sample was calculated by the following

equation:

ehkl ¼
c

4tgy
ð13Þ

where c is the width of the diffraction line, which arises only from

the structural parameters and y is the Bragg’s angle.

4. Results and discussion

4.1. DSC and X-ray analyses

Crystallization kinetics of the a-Fe phase within the amor-

phous Fe81B13Si4C2 alloy in the non-isothermal and the apparent

isothermal conditions was investigated by DSC and the semi-

quantitative X-ray analysis, respectively.

4.1.1. DSC investigation

The DSC curves for Fe81B13Si4C2 ribbon samples recorded at

four different heating rates (5, 10, 20, and 30 K min�1) are

presented in Fig. 1.

At all considered heating rates, the DSC curves have the same

shapes. From these curves, we can see a broad (lower tempera-

tures) peak (in the range of 450 KrTr770 K) and a sharp (higher

temperatures) peak (in the range of 770 KrTr833 K). When the

heating rate increases, the position of both peaks was shifted to

the higher temperatures. According to the data by Santos et al.

[3,4], the peak in the temperature range of 450 KrTr770 K can

be attributed to the formation of the crystal disordered phase,

while the peak at T4770 K can be attributed to the crystallization

of a-Fe phase.

The kinetic parameter, niso, of the apparent isothermal crystal-

lization of a-Fe was estimated in accordance with Eq. (2).

The dependence of ln[� ln(1�a)] vs.� ln b for the three

different temperatures (at T¼791, 793, and 795 K) is shown in

Fig. 2.

Because the dependence of ln[� ln(1�a)] vs. � ln b at all

considered temperatures is evidently a straight line, it is possible

to evaluate the corresponding values of niso using Eq. (2).

Values of the kinetic exponent (niso) obtained from the slopes

of linear plots in Fig. 2 are presented in Table 1.

At all considered temperatures, the values of niso are

approximately the same (nisoE4.00 (Table 1)).
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The calculated values of niso (Table 1) are considerably

different from the values of kinetic exponent reported in the

articles by Santos et al. [3,4]. These results unambiguously show

that the kinetics of crystallization of a-Fe phase within the

Fe81B13Si4C2 amorphous alloy is different from the kinetics of

crystallization of a-Fe in the Metglass 2605SC amorphous alloy,

investigated by Santos et al. [3,4].

A linear relationship between the values of the kinetic

exponent (niso), nucleation rate (p) and the number of directions

of the effective crystal growth (m) can be found in the articles of

Hulbert [28], Henderson [8] and Pratap et al. [29]. This linear

relationship can be presented in the following form:

niso ¼ pþm ð14Þ

Four different values of the nucleation rate (p) can be

considered: (a) the zero (p¼0), (b) the constant (p¼1), (c)

decreasing (0opo1) and (d) increasing (p41) rate. In addition,

there are three possible directions of growth: one-dimensional

(1D), two-dimensional (2D) and three-dimensional (3D).

Since the value of growth parameter (m) depends on the

conditions of transformation, for the interface-controlled crystal

growth at the constant driving rate of boundary phase, the

growth rate is independent of time and in this case we have m¼1,

2 or 3. On the other hand, for the diffusion-controlled crystal

growth, where the growth rate decreases with t�1/2, we have

m¼0.5, 1, 1.5.

From the obtained results, it can be concluded that the

apparent isothermal crystallization process is driven by the

interface-controlled crystal growth with constant nucleation rate

(p¼1), where we have growth of the crystals in three dimensions

(m¼3). These results are summarized in the overall value of niso
(nisoE4.00 (Table 1)).

4.1.2. Semi-quantitative X-ray investigation

The X-ray diffractograms are recorded in order to verify the

proposed model of the apparent isothermal crystallization of a-Fe

phase in the amorphous alloy.

Fig. 1. DSC scans recorded at different heating rates (b¼5, 10, 20, and 30 K min�1) for the amorphous Fe81B13Si4C2 alloy.

Fig. 2. Plots ln[� ln(1�a)] vs. � ln b (b in K min�1) at the different temperatures:

(’) 791 K, (J) 793 K, and (m) 795 K. Linear regression was used for fitting the

lines through the experimental points. The corresponding values of linear

correlation coefficients (r) are given in the inset.

Table 1

Values of the kinetic exponent, niso (niso¼n in Eqs. (1) and (2)) at three different

temperatures (T¼791, 793, and 795 K) for the investigated crystallization process

of a-Fe within the amorphous Fe81B13Si4C2 alloy.

Temperature T (K) Kinetic exponent

niso

791 3.92

793 4.08

795 4.07

Average value 4.00

B. AdnaXević et al. / Journal of Physics and Chemistry of Solids 71 (2010) 927–934930

������ � �

121



ARTICLE IN PRESS

Fig. 3 shows XRD patterns of the Fe81B13Si4C2 amorphous

ribbon annealed at different temperatures (298, 473, 573, 673,

823, 873, 973, and 1103 K).

At the diffractogram of non-annealed Fe81B13Si4C2 alloy, a

broad peak with a maximum at 2yE46.81 is observed, which is

characteristic for the amorphous materials. The annealing of the

sample at T¼473 K leads to the appearance of a sharp peak at

2yE83.81 (Fig. 3). The increase of annealing temperature through

the range of 473 KrTr823 K does not lead to the considerable

changes in the diffractograms, except for the decrease in intensity

(a.u.) of the peak at 2yE83.81.

In the diffractogram of annealed alloy at T¼873 K, a sharp

peak at 2y¼46.81 is observed, in contrast to diffractograms of the

same alloy annealed at lower temperatures. Further increase of

annealing temperature (873 KrTr1103 K) leads to an increase

in the intensity of the peak at 2yE46.81 and a decrease in the

intensity of the peak at 2yE83.81.

By a comparative semi-quantitative X-ray analysis, it can be

established that the broad peak at 2yE46.81 and the sharp peak

at 2yE83.81 belong to the a-Fe phase (JPC DS No. 066698).

Bearing in mind the disproportionate ratio of intensities of the

diffraction lines in the a-Fe phase, the sharp peak at 2yE83.81

can be assigned to the structurally deformed a-Fe crystalline

phase, whereas the broad peak at 2yE46.81 can be attributed to

the amorphous phase.

When the Scherrer’s formula for the crystallite size was

applied on the broad diffraction peak of a-Fe, it leads to a

conclusion that the non-annealed alloy already contains highly

disordered clusters of a-Fe with dimensions DhklE0.71 nm.

The values of micro-structural parameters of the investigated

alloy annealed at various temperatures are presented in Table 2.

The annealing of the alloy at temperatures Tr973 K does not

lead to significant change in the micro-structure of the crystals

formed, but their relative portion in the annealed alloy decreases.

The structurally deformed a-Fe (observed at T¼473 K) does not

change with the increase in the annealing temperature through

the range of 473 KrTr973 K. The portion of this phase in the

alloy increases until T¼823 K, when the newly formed crystal

phase appears (at 2y¼46.81). At T¼973 K, the dimensions of

the crystallites sharply decrease, whereas the micro-strains in the

crystallites significantly increase.

The micro-structural properties of the crystalline a-Fe

(at 2y¼46.81) formed at T¼873 K from the amorphous clusters

of Fe do not change with the increase of annealing temperature,

but their relative portion in the sample increase.

The established changes of micro-structural parameters ob-

served from diffractograms caused by thermal treatment in the

range 473 KrTr823 K, lead to the formation of structurally

heterogeneous and thermodynamically unstable multi-phase

system, with ultra-dispersed amorphous a-Fe phase and

poly-crystalline (three-dimensional) phase of the crystalline a-Fe.

The appearance of the sharp diffraction peak at 2y�46.81

(TZ873 K) together with the increase of its intensity and

decrease of the peak intensity at 2y�83.81 with an increase of

temperature, implies to an existence of re-crystallization of the

a-Fe phase.

At TZ873 K, the re-crystallization of the a-Fe phase is a

consequence of excess surface energy of the phase boundary of

the ultra-dispersed a-Fe. This leads to the spontaneous migration

of the interface (in order to decrease the surface energy), and an

increase of the dimension of clusters and crystallites of the re-

crystallized a-Fe phase. With an increase in temperature, the rate

of re-crystallization process increases too, which leads to: (a) an

increase of the diffraction peak at 2y¼46.81 and (b) an increase in

crystallite dimensions of the re-crystallized a-Fe phase, i.e.

decreases the intensity of the diffraction peak at 2y¼83.81.

The presented X-ray results confirm the above proposed

mechanism of the apparent isothermal crystallization, which

includes the formation of three-dimensional nuclei and their

growth at the constant rate.

4.1.3. JMA kinetic analysis

In order to check the possibility to apply the JMA model for the

non-isothermal crystallization process, the dependence of

ln[� ln(1�a)] vs. 1/T was investigated. Fig. 4 shows the

functional dependence of ln[� ln(1�a)] vs. 1/T at the different

heating rates for the non-isothermal crystallization process.

It can be seen from Fig. 4 that the dependence of ln[� ln(1�a)]

vs. 1/T does not represent a straight line in the entire conversion

range, and because of this fact we claim that the non-isothermal

crystallization process of a-Fe phase cannot be described by the

JMA kinetic model.

The existence of two clearly separated a regions (DaI and DaII),

where the dependence of ln[� ln(1�a)] vs. 1/T is a straight line,
Fig. 3. XRD patterns for the amorphous Fe81B13Si4C2 alloy annealed at (1) 298 K,

(2) 473 K, (3) 573 K, (4) 673 K, (5) 823 K, (6) 873 K, (7) 973 K and (8) 1103 K.

Table 2

Micro-structural parameters of the a-Fe phase formed within the amorphous

Fe81B13Si4C2 alloy annealed at the different temperatures.

Annealing temperature T (K) 2y¼46.81 2y¼83.81

Dhkl (nm) ehkl (%) Dhkl (nm) ehkl (%)

473 - - 13.97 23

573 - - 13.97 23

673 - - 13.97 23

823 11.3 35 13.97 23

873 11.3 35 13.97 23

973 11.3 35 13.97 23

1103 11.3 35 6.99 42
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unambiguously confirm that the JMA kinetic model cannot be

applied for physical description of the non-isothermal crystal-

lization of a-Fe phase within the Fe81B13Si4C2 amorphous alloy.

For determination of the parameter, m, the apparent activation

energy (Ea,c) estimated by the Kissinger method was used. The

value of Ea,c calculated by the Kissinger method (Eq. (11)) is given

in the footnote of Table 3.

Table 3 shows the corresponding regions of Da and values of

the parameter mI,II.

It can be observed from Table 3 that the conversion regions DaI
and DaII decrease with increase in heating rate, except at

30 K min�1. On the other hand, the value of the parameter m

increases with increase in the heating rate (b) from b¼5 to

10 K min�1 for DaI and DaII, followed by decreasing from b¼20 to

30 K min�1 for the same regions, respectively. The calculated

values of the parameter m, at all heating rates, indicate a complex

character of the non-isothermal crystallization mechanism. In the

range of 0.01rDar0.55, the non-isothermal crystallization of

a-Fe phase occurs under a unique mechanism, with m44.0,

which is characteristic for the crystallization processes with

interface-controlled growth and an increased nucleation rate. On

the other hand, for DaIIZ0.55, the values of m fall in the range of

2.2omo3.6. These values are typical for the crystallization

processes with diffusion-controlled growth, where all shapes

grow from the small dimensions with increased nucleation rate

(m42.5) [13].

4.1.4. Málek kinetic analysis

In order to determine the real kinetic model for the non-

isothermal crystallization of a-Fe phase within the Fe81B13Si4C2

amorphous alloy, the Málek’s procedure was used.

Figs. 5 and 6 show the y(a) and z(a) functions for the studied

crystallization process at the different heating rates. It can be

observed that the maximums at both curves are shifted to the

lower values of a (az
�
o0.63).

The normalized functions y(a) and z(a) are independent on the

heating rate (b), and both functions exhibit well-defined maxima,

located at exactly defined values of a (ay
� for the y(a) function and

az
� for the z(a) function, respectively) (Table 4).

It can be seen from Table 4 that the values of ay
� fall into the

range ay
�
A (0, az) (0.41ray

�
r0.42) and the values of az

� are

considerably below 0.63 (0.51raz
�
r0.55).

Considering the values of az
� which lies below a¼0.63, we

may with high assurance claim that the JMA kinetic model cannot

be applied for physical description of the non-isothermal crystal-

lization process of a-Fe phase. Such deviation from the JMA model

indicates an increased complexity of the crystallization process,

which can be caused by the several factors: (a) secondary

(surface) nucleation, (b) temperature distribution within the

sample, which is considerably affected by liberation of the heat

of crystallization, (c) in a homogeneous sample, nucleation and

Fig. 4. Functional dependence of ln[� ln(1�a)] vs. 1/T at the different heating

rates (b¼5, 10, 20, and 30 K min�1) for the non-isothermal crystallization process.

Linear regression analysis was applied to fit a line through two separated regions

of a values denoted by I and II (Table 3).

Table 3

Values of the non-isothermal parameter m, and the corresponding plot regions (DaI for region I and DaII for region II) calculated by Eq. (2) for the non-isothermal

crystallization process.

b (K min�1) Region Slope a m b
Da Linear correlation coefficient, r

5 I �180,863.057 4.3 0.009�0.570 �0.9996

II �110,610.057 2.6 0.570–0.999 �0.9987

10 I �239,417.099 5.7 0.003–0.550 �0.9997

II �152,373.508 3.6 0.550–0.999 �0.9984

20 I �217,267.686 5.1 0.003–0.460 �0.9999

II �150,836.308 3.6 0.460–0.999 �0.9987

30 I �188,965.819 4.5 0.002–0.630 �0.9995

II �91,804.593 2.2 0.630–0.999 �0.9964

a Slope from Fig. 4.
b Ea,c calculated from the Kissinger method [24] (Ea,c¼351.2712.0 kJ mol�1).

Fig. 5. Normalized y(a) function obtained from DSC data (Eq. (3)) by the non-

isothermal method at the different heating rates (b¼5, 10, 20, and 30 K min�1).
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growth rates vary with position, vacancy loss to the defect’s

interfacial energy, internal stress transformations with anisotro-

pic growth rates, impingement on the defects, inclusion and

interfaces.

From the established maxima of y(a) and z(a) functions, it can

be concluded that the kinetics of non-isothermal crystallization of

a-Fe phase within the amorphous alloy can be described by the

two-parameter autocatalytic Šesták–Berggren (SB) model [21].

The values of kinetic exponents (M and N) as well as the values

of ln A obtained from Eqs. (7) and (10) for the considered

crystallization process at different heating rates are shown in

Table 5.

The kinetic exponents M and N show slight variation with the

heating rate (b). The values ofM vary in the range 0.64rMr0.81,

with an average value of Mav¼0.72. The values of N vary in

the range 0.89rNr1.17, with an average value of Nav¼1.02. The

values of the pre-exponential factor (ln A) are independent on the

heating rate (b).

Fig. 7 shows the theoretical and experimental differential

master curves established using Eq. (12).

It can be seen from Fig. 7 that the Šesták–Berggren (SB) kinetic

model with values of the kinetic exponent’s established in Table 5

very well describes the investigated non-isothermal crystalliza-

tion process.

4.1.5. General kinetic consideration

Since the new nuclei nucleate on the surface of pre-existing

crystals, it can be expected that the crystal growth of each crystal

will effectively be halted when most of its surface is covered by

newly nucleated nuclei. If the nucleation rate per unit of surface,

Is, is assumed to be constant, this means that each product will

grow for an approximately fixed time interval, t, to attain an

approximately constant volume. Hence, the crystallization rate

can be approximated as

b
da

dT
¼ BIsSðTÞ ð15Þ

where S(T) is the surface area of the crystals, available for

nucleation at the temperature T, and B is a constant.

Before overlapping becomes important, S(T) will be propor-

tional to ar with rE2/3. Later, the available surface area will be

reduced by overlapping. To find the correct crystallization rate, it

is simply assumed that S(T) is proportional to ar(1�a)l, where l is

expected to be close to the unity. Finally, the rate equation can be

written in the following form:

b
da

dT
¼ BIsa

rð1�aÞl ð16Þ

The form of Eq. (16) corresponds to the form of SB equation

(Eq. (5)), what confirms that the Šesták–Berggren (SB) kinetic

model more really describes the non-isothermal crystallization of

a-Fe phase within the investigated Fe81B13Si4C2 amorphous alloy.

The average value of M parameter (Mav¼0.72, Table 5) is close to

the value of r¼0.67, while the average value of N parameter

(Nav¼1.02, Table 5) is closer to the value of l¼1.00.

From the experimental data, we conclude that the mechanism

of non-isothermal crystallization of a-Fe phase is different from

the mechanism of crystallization under the apparent isothermal

Table 4

Conversions in which y(a), z(a), and da/dT peaks exhibit maximum values (ay
� , az

� ,

and az, respectively) at the different heating rates (b) for the non-isothermal

crystallization process.

b (K min�1) ay
� az

� az

5 0.4170.01 0.5370.01 0.5370.01

10 0.4270.01 0.5170.01 0.5170.01

20 0.4270.01 0.5570.03 0.5570.03

30 0.4170.01 0.5270.01 0.5270.01

Table 5

Values of the kinetic exponents (M and N) and logarithms of the pre-exponential

factors (ln A), for the non-isothermal crystallization process of the a-Fe phase

within the amorphous Fe81B13Si4C2 alloy.

b (K min�1) M N ln A, A (min�1) a

5 0.7570.03 1.0870.10 52.8570.06

10 0.6670.05 0.9270.05 53.0370.10

20 0.6470.05 0.8970.07 52.9070.07

30 0.8170.10 1.1770.04 53.0270.10

Average value 0.7270.06 1.0270.07 52.9570.08

a ln A calculated from the intercept of Eq. (10).

Fig. 7. Comparison of theoretical differential master plots of f(a)/f(0.5) vs. a, with

the experimental master curve. The symbols correspond to the experimental data

determined using Eq. (12), with the apparent activation energy of Ea,c¼351.2 kJ

mol-1 at the different heating rates (b): (&) 5 K min�1; (J) 10 K min�1; (m)

20 K min�1, and (B) 30 K min�1. The solid lines represent theoretical differential

master plots for the Šesták–Berggren (SB) kinetic model with different values of

the kinetic exponents, M and N. The arrows are drawn as guides.

Fig. 6. Normalized z(a) function obtained from DSC data (Eq. (4)) by the non-

isothermal method at the different heating rates (b¼5, 10, 20, and 30 K min�1).
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conditions. The non-isothermal crystallization process can be

described by the two-parameter Šesták–Berggren (SB) model,

which involves the constant nucleation rate under the formation

of stable nuclei with secondary two-dimensional (surface)

nucleation, overlapped with the nuclei growth. The additional

secondary nucleation produces the value of M¼0.72, while the

overlap of the nuclei growth leads to the value of N¼1.02, it has

as a consequence retarding effect on the crystallization process.

5. Conclusions

The apparent isothermal crystallization of the a-Fe phase

within an amorphous Fe81B13Si4C2 alloy can be well described by

the JMA kinetic model (niso¼4.00). For the apparent isothermal

crystallization process, we can define the following stages of the

process: the constant nucleation rate, the formation of three-

dimensional nuclei, and the constant rate of nuclei growth. On the

other hand, the non-isothermal crystallization of the a-Fe phase

can be better described by the two-parameter Šesták–Berggren

(SB) kinetic model, with the kinetic exponents M¼0.72 and

N¼1.02. The non-isothermal crystallization involves the constant

nucleation rate under the formation of stable nuclei with an

additional secondary two-dimensional (surface) nucleation and

overlapping of the growth nuclei on account of the non-

isothermal activation.
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Correlation between hardness of amorphous Fe75Ni2Si8B13C2 alloy and thermally induced structural

transformations has been investigated by measuring microhardness in a series of samples heated at

different temperatures from 25 to 1000 �C. The alloy has a relatively high hardness in the amorphous

state, due to its chemical composition involving silicon, boron and carbon. As the alloy begins to crys-

tallize, microhardness increased and reached a plateau in 500e650 �C temperature region, due to

formation composite structure involving the small nanocrystals of a-Fe(Si) and Fe2B phases dispersed in

the amorphous matrix. After treatment at higher temperatures, the nanocomposite structure is replaced

by a more granulated structure, leading to decline in microhardness.

1. Introduction

Iron-based amorphous alloys have been a focus of considerable

scientific interest in recent times. Their main features are homoge-

nous and isotropic structure and isotropic properties. Their good soft

magnetic properties are mainly determined by magneto-elastic and

annealing-induced anisotropies [1], and they are also characterized

by high corrosion resistance and good mechanical properties [2],

making them suitable for use in a variety of applications, such as

power devices [3,4], information handling technology, magnetic

sensors [5] and anti-theft security systems [6]. Addition of metalloid

amorphizers like B, Si, P or C and the substitution of Fe by Co or Ni (or

a mixture of both) enhance their glass forming ability [7,8], while

elevated temperature or prolonged performance could induce

a transformation into a crystalline state, which could lead to a loss of

their advantageous physical properties [9], limiting them to single-

use applications. On the other hand, the magnetic properties of

amorphous Fe-based alloys can improve significantly after crystal-

lization, if nanocrystalline phases are formed [10,11], producing

functional materials with targeted properties. Commercial soft

magnetic nanocrystalline materials have recently been successfully

obtained by crystallization of amorphous precursors [12]. These

materials are characterized by a microstructure of nanocrystals

embedded into an amorphous matrix, exhibiting superior soft

magnetic and mechanical properties to both amorphous and crys-

talline magnetic alloys.

There has been a lot of interest lately in the mechanical prop-

erties of iron-based amorphous alloys [13e15] and their hardness,

in particular. A study of iron-based alloy powders [16] revealed that

hardness of the alloy is at maximumwhen the sample is composed

of a mixture of crystalline nanoparticles and amorphous phase. The

authors attribute this, in part, to the fact that amorphous/crystal

interface has lower interfacial energy than crystal/crystal interface

[17] and this structure suppresses propagation of shear bands [18]

and cracks along these interfaces. Additionally, the dispersion of

the nanoparticles probably suppresses the deformation of the

amorphous phase through shear sliding. Recent theoretical studies

of iron-based binary systems predict existence of short-range

ordering in iron-based amorphous alloys [19]. A theoretical inves-

tigation of nanoscale phase separation in amorphous FeeB alloys

indicates that, in amorphous Fe-based alloys (Fe80B20 and Fe83B17),

Fe-pure regions are formed in parallel with Fe-rich regions (which

contain around 9% B) and B-rich regions [20]. Recently conducted

ab initio molecular dynamics simulations [21] of liquid and amor-

phous Fe78Si9B13 alloys showed that FeeSi bonding should be

stronger than FeeB bonding and there should be no bonding states
* Corresponding author. Tel.: þ381 11 3336 689.
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in SieB pairs. Si and B tend to repulse each other, and the preferred

state of each of them is the onewhere they are surroundedwith Fe-

atoms. Thismeans that a-Fe(Si) solid-solution-like structure should

nucleate more easily from the amorphousmatrix than FeeB type of

crystal and act as a primary precipitate during the crystallization

process of FeeSieB based amorphous alloys.

The influence of structural transformations of amorphous alloys

on magnetic properties has been well studied [22e24]. A study of

heat induced structural transformations of Fe75Ni2Si8B13C2 amor-

phous alloy [25] showed that the crystallized alloy exhibited lower

electrical resistivity and better magnetic susceptibility than the

amorphous alloy. The study of kinetics of crystallization showed

that the crystallization process of the alloy is a complex one,

involving three distinct steps, which were separated and evaluated

individually [26]. As part of multidisciplinary investigation of

thermally induced structural transformations in iron-based amor-

phous alloys, we now report on the effect of thermal treatment on

mechanical properties, specifically, microhardness, of Fe75Ni2-
Si8B13C2 alloy and the correlation between the changes in alloy

microstructure and the change in microhardness.

2. Experimental

Fe75Ni2Si8B13C2 amorphous alloy was prepared in form of

ribbons, 2 cmwide and 35 mm thick, using the standard procedure

of rapid quenching of a melt on a rotating disc (melt spinning

method). These ribbons were thermally treated at different

temperatures (up to 1000 �C) for 30 min and then left to cool down

to room temperature. The temperatures for thermal treatment

were chosen based on the thermal stability of alloy [25].

X-ray diffraction spectra were acquired on X-Pert powder

diffractometer (PANalytical, Netherlands) using CuKa radiation in

Bragg-Bentano geometry at 40 kV and 30 mA. This instrument is

equipped with a secondary graphite monochromator, automatic

divergence slits and a scintillation counter. The collection of data

was performed with 0.05� step in diffraction angle and the

collection time of 30 s per step. Analysis of XRD spectra was per-

formed using Rietveld refinement method (Fig. 1b) and single peak

refinement approach, with TOPAS v.3.0 general profile and struc-

ture analysis software [27]. Microstrain was determined using

WilliamseHall method [28].

Vickers microhardness tests were performed using MHT-10

(Anton Paar, Austria) microhardness tester, with loads of 0.4 N

and loading time of 10 s, with up to seven measurements per-

formed on each individual sample. The microhardness for each

samplewas calculated as the average value of these measurements.

SEM images were obtained using XL 30 ESEM-FEG (Environ-

mental Scanning Microscope with Field Emission Gun, by FEI,

Netherlands), with 20 kV acceleration voltage, at magnifications of

3,500� and 20,000�.

3. Results and discussion

3.1. The structure as-prepared alloy

X-ray diffraction (XRD) spectrum (Fig. 1a) of as-prepared

Fe75Ni2Si8B13C2 amorphous alloy at room temperature shows

a strong spead halo in 2q range of 40e50� and a weaker one in

75e85� range. The two spread halos in the XRD spectrum of as-

prepared Fe75Ni2Si8B13C2 amorphous alloy indicate the presence

of a degree of short-range crystalline ordering. Using the Scherrer

equation, the size of the short-range order domains was estimated

to be around 1.7 nm, while Rietveld refinement estimate was

1.8 nm. Their structure, based on the position of the two spread

halos, appears to correspond to a-Fe(Si) and Fe2B phases.

3.2. Structural transformations induced by thermal treatment

XRD spectra of the samples treated at different temperatures

show that the alloy begun to crystallize after heating at 450 �C, with

the first well-defined diffraction peak appearing on top of the

spread halo, around 45�. Therefore, the first crystalline phase to

Fig. 1. a) XRD spectra of Fe75Ni2Si8B13C2 amorphous alloy after thermal treatment at

different temperatures (inset: sample treated at 550 �C; o e a-Fe(Si); x e Fe2B; þ e

Fe3B); b) Rietveld refinement of the sample treated at 1000 �C.

Table 1

Composition of Fe75Ni2Si8B13C2 amorphous alloy after thermal treatment at

different temperatures.

Temperature (�C) a-Fe(Si) Fe2B Fe3B Amorphous

Phase composition (mass%)

500 60 8.7 17.3 14

550 73 19 8

650 74 26

750 78 22

850 52 48

900 52 48

1000 45 55
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appear is a-Fe(Si) [JCPDS-PDF 06-0696], followed by Fe3B phase

[JCPDS-PDF 39-1316], and then Fe2B [JCPDS-PDF 72-1301]. After

treatment at 550 �C, the sample was crystalline and well formed

diffraction peaks corresponding to two stable crystalline phases, a-

Fe(Si) and Fe2B, and onemetastable, Fe3Bwere observed. The phase

composition (Table 1) shows that a-Fe(Si) phase is the dominant

crystalline phase up to 750 �C, while, after treatment at higher

temperatures, the phase content of a-Fe(Si) decreases. The mass

ratio of the other stable crystalline phase, Fe2B, is 25% after treat-

ment at temperatures up to 750 �C. After heating at higher

temperatures (850 �C), its content increases to 48%, and then to

54%, after heating a 1000 �C. The metastable phase Fe3B was

present only in the narrow temperature interval (500e550 �C). It

accounts for around 20 mass% of the sample at 500 �C and the

Table 2

Microstructural parameters of Fe75Ni2Si8B13C2 amorphous alloy after thermal

treatment at different temperatures.

Temperature (�C) a-Fe(Si) Fe2B Fe3B

Average crystal size (nm)

500 34 14 6

550 34 10 10

650 27 7

750 169 36

850 153 52

900 102 122

1000 87 108

Dislocation density

500 2.60 15.30 37.00

550 2.60 30.00 17.80

650 4.11 61.2

750 0.11 2.32

850 0.28 1.11

900 0.29 0.20

1000 0.40 0.26

Microstrain (%)

550 10.40

650 8.80

750 3.16

850 3.51

1000 4.14

Fig. 2. FIBeSEM images of Fe75Ni2Si8B13C2 amorphous alloy after heating at different temperatures.

Fig. 3. Average crystal size of different phases in Fe75Ni2Si8B13C2 amorphous alloy after

heating at different temperatures.
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decrease in the content of this phase is reflected in the increase in

both a-Fe(Si) and Fe2B phases.

The last to crystallize is Fe2B phase, which contains, stoichio-

metrically, around 8.8 mass% of boron, compared to 13mass% in as-

prepared alloy. Therefore, it is likely that the higher boron content

in the amorphous matrix acts as an inhibitor to the formation of

Fe2B. The phase composition (Table 1) shows a rapid increase in

phase content of Fe2B at lower temperatures coincides with a rapid

decrease in the phase content of Fe3B phase, indicating that the

favored process at lower heating temperatures is the formation of

Fe3B phase, which is then transformed to the more stable Fe2B

phase. FeeSi bonding has been predicted to be stronger than FeeB

bonding [20], meaning that a-Fe(Si) solid-solution-like structure

should nucleate more easily from the amorphous matrix, explain-

ing why a-Fe(Si) phase would nucleate before Fe2B.

3.3. The influence of thermal treatment on microstructure of alloy

In addition to structural transformations, thermal treatment

induces changes in the microstructure of the alloy, which can be

seen through analysis of XRD spectra (Table 2) and FIBeSEM images

(Fig. 2). According to FIBeSEM images, after treatment in

500e530 �C range the sample is composed mostly of small nano-

crystals embedded in amorphous matrix. Increase in heating

temperature leads to increase in the size of crystalline domains of

the sample. After treatment at 650 �C, the sample was composed of

nanocrystalline domains (100e150 nm) with some visible holes

dispersed between nanocrystals. After the sample was treated at

850 �C, the sample had a porous fully granulated structure with

much larger crystals (100e1000 nm). The porous structure is

created as a consequence of imperfect packing of the large crys-

tallites, and as the size of the crystallites increases, so does the size

of the holes and the degree of porosity. Additionally, smaller

nanocrystals were embedded at the grain boundaries of larger

ones, showing how Fe2B nanocrystals nucleated and grew out of

larger a-Fe(Si) nanocrystals.

Average crystal size diagram (Fig. 3) of different crystalline

phases shows different paths these phases go through during the

crystallization process. Concerning a-Fe(Si) phase, three distinct

stages of crystal growth can be distinguished: nucleation below

650 �C, followed by rapid growth of crystallites in 650e750 �C

temperature interval and then transformation into Fe2B after

treatment at temperatures above 750 �C. In addition, as Fe is being

incorporated into Fe2B, the mass percentage of Si in a-Fe(Si) crys-

tals increases.

After treatment at 650 �C, the change in unit cell volume of a-

Fe(Si) (Fig. 4) suggests a change in its crystal structure, where the

lattice is contracting to accommodate the increasing concentrationof

metalloid atoms. FeeSi phase diagram [29,30] shows that, after

treatment at 750 �C, a phase change occurs in this binary system

when Si mass content reaches about 7% and then again at about 15%.

Also, lattice constant in FexSi binary system changes relatively

continuously as a function of stoichiometric Fe content [25]. Using

this,we estimate that Simass content in a-Fe(Si) changed fromabout

7%, at the onset of crystallization, to about 9.5% after treatment at

750 �C. This indicates that the change in Si content in a-Fe(Si) is

responsible for the observed change in its crystal structure. The

change in crystal structure of a-Fe(Si) phase is accompanied by

a significantdecrease inmicrostrain anddislocationdensity (Table2).

Fig. 4. Change in the unit cell volume with change in phase content (a) and microstrain (b) of a-Fe(Si) with respect to heating temperature.

Fig. 5. Comparison of XRD spectra of samples heated at 850 �C and 1000 �C at lower 2q

showing the appearance of an amorphous phase.

V.A. Blagojevi�c et al. / Intermetallics 19 (2011) 1780e1785 1783

������ � ��

129



Fe2B phase also exhibits the nucleation stage below 650 �C,

followed by steady crystal growth in 650e750 �C interval, which is

accompanied by a sharp decrease in dislocation density. In

750e850 �C interval, Fe2B phase exhibited nucleation again, due to

decomposition of a-Fe(Si), and this secondary nucleation occurred

in parallel with crystal growth. This was followed, in 850e900 �C

interval, by faster crystal growth, while thermal treatment at

1000 �C caused additional decomposition of a-Fe(Si) phase and

subsequent further nucleation of Fe2B. The step-wise nature of Fe2B

crystallization, where its phase content increases in sharp steps,

rather than gradually, can be explained as a consequence of high

boronmass percentage in the as-prepared alloy (13 mass%). Since it

is much higher than the mass percentage of boron in crystalline

Fe2B (8.8 mass%), the percentage of boron in the remainder of the

sample would be increased after Fe2B crystallized, which would act

to inhibit nucleation of Fe2B. Therefore, Fe2B would probably

nucleate only where the local conditions were favorable. After Fe2B

phase content increased further (treatment at 1000 �C), the a-Fe(Si)

crystal structure began to regain an amorphous character (Fig. 5).

This was accompanied by increase in dislocation densities and

microstrain.

3.4. Influence of structural changes on microhardness

The change in microhardness with respect to heating tempera-

ture (Figs. 3 and 6) can be separated into three distinct stages: initial

increase (up to 503 �C), followed bya region of stablemicrohardness

(503e650 �C) and then by a rapid decrease (above 650 �C). Micro-

hardness of the samples increased, in the first stage, from 917HV

after heating at 300 �C to 1199HV after heating at 503 �C, Fig. 3,

which can be attributed to the formation of a nanocomposite of

small nanocrystals dispersed in amorphous matrix, which signifi-

cantly increases microhardness, due to the fact that the dominant

type of interface in the alloy is crystal/amorphous, as opposed to

crystal/crystal in a completely crystalline alloy.

Microhardness remained stable after treatment at temperatures

between 503 and 650 �C, because the previously formed nano-

composite structure is preserved, as the nanocrystal size remained

below 40 nm, even though there was a significant change in the

composition of the alloy. The third stage involves rapid decrease in

microhardness (from 1199 to 746HV), as a consequence of the fast

growth of the formed nanocrystals, formation of larger crystals of

a-Fe(Si) and Fe2B phase, as observed in FIBeSEM images (Fig. 2),

and a granulated structure with observable pores. As the average

crystal size increased, crystal/crystal interfaces became dominant

and microhardness decreased, due to increased interfacial energy

and more successful propagation of shear bands and cracks along

these interfaces. It is worth noting that the decrease in micro-

hardness occurred in spite of increased phase content of Fe2B phase

(which has very high hardness), indicating that the change in

microstructure is the main contributing factor to the change of

microhardness of Fe75Ni2Si8B13C2 amorphous alloy.

4. Conclusion

Fe75Ni2Si8B13C2 amorphous alloy undergoes a series of struc-

tural transformations after treatment at different temperatures in

350e1000 �C range. As-prepared alloy at room temperature has

a structure that can be best described as short-range domains of

crystalline ordering in an amorphous matrix. Microhardness is

unexpectedly high, at 917HV, due to chemical composition

involving high percentage of boron, silicon and carbon and the

appearance of short-range crystalline domains. The crystallization

begun after treatment at 450 �C, with formation of a-Fe(Si), fol-

lowed by formation of metastable Fe3B phase and then Fe2B.

Crystallization significantly increased microhardness, to 1199HV,

through formation of a nanocomposite of nanocrystals dispersed in

the amorphous matrix, with dominant crystal/amorphous inter-

faces. Average crystal size of the formed nanocrystals remains

relatively stable in 500e650 �C interval, resulting in stable micro-

structure, and, consequently, microhardness. The fast decline in

microhardness, after thermal treatment at 750 �C and above, is

caused by growth of, a-Fe(Si) and Fe2B nanocrystals, and creation of

a porous microstructure, with dominant crystal/crystal interfaces,

which are more susceptible to propagation of shear bands and

cracks.
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Influence of Microstructure on Microhardness
of Fe81Si4B13C2 Amorphous Alloy after Thermal Treatment

DRAGICA M. MINIĆ, VLADIMIR A. BLAGOJEVIĆ, DUŠAN M. MINIĆ,

ALEKSANDRA GAVRILOVIĆ, LIDIJA RAFAILOVIĆ, and TOMAŠ ŽAK

The influence of microstructure, and its changes, on microhardness of the amorphous
Fe81Si4B13C2 alloy after thermal treatment at different temperatures from 298 K to 973 K
(25 �C to 700 �C) was studied. The as-prepared alloy ribbon containing a small amount of
crystalline phases, as well as domains of short-range crystalline ordering embedded in the
amorphous matrix, exhibits unexpectedly high microhardness, mostly due to its composition.
After thermal treatment above 723 K (450 �C), the alloy samples begin to crystallize, creating a
nanocomposite structure involving nanocrystals embedded in an amorphous matrix, leading to
an increase in microhardness. Further growth of the nanocrystals, as the heating temperature
was increased to 973 K (700 �C), caused the change from nanocomposite structure into a more
granulated and porous structure, with a dominant type of interface changing from amorphous/
crystal to crystal/crystal, leading to a decrease in microhardness.

DOI: 10.1007/s11661-011-0795-8

I. INTRODUCTION

IRON-BASED amorphous alloys have been the
focus of considerable scientific interest in recent times,
both from fundamental and practical points of view.[1,2]

Commercial soft magnetic nanocrystalline materials
were recently successfully obtained by crystallization
of amorphous precursors.[3,4] Materials such as this are
characterized by a microstructure of nanocrystals
embedded into an amorphous matrix, exhibiting supe-
rior soft magnetic and mechanical properties to both
amorphous and crystalline magnetic alloys.[5,6] The
theoretical investigation of nanoscale phase separation
in small Fe80B20 and Fe83B17 clusters predicts formation
of Fe-pure regions, Fe-rich regions (which contain
around 9 pct B), and B-rich regions.[7]

While amorphous alloys can be multifunctional and
used as corrosion-[8] and wear-resistant coatings, the
ability to use them to manufacture bulk components has
stimulated new interest in their mechanical proper-
ties.[9,10] The effect of boron, carbon, and silicon on the
hardness of iron alloys has been well documented.[11–13]

Recent investigation of microhardness in boronizing
layers of Fe-powder compacts[11] showed that, when
iron particles are doped with boron through sintering of

iron powders at temperatures above 1273 K (1000 �C),
the surface structure of the particles exhibits three
distinct areas, going from the surface down inside the
particle layer: the surface boride zone is followed by a
transition zone of diminishing boron content and then,
finally, the iron matrix without any boron. A study of
the effect of carbon on the hardness of borided iron
layers[13] showed that the addition of up to 0.4 mass pct
of carbon improves the microhardness in FeB and Fe2B
types of phases, by creating a more regular interface of
the borided layer and improving its compactness. This
study also showed that significant substitution of boron
with carbon is impossible in these phases.
A recent study of iron-based alloy powders[14] sug-

gests that dense packing of crystalline nanoparticles in
an amorphous matrix is responsible for the increase in
microhardness, when compared to completely amor-
phous or crystalline material of the same composition.
The amorphous/crystal interface has lower interfacial
energy than the crystal/crystal interface, and this struc-
ture suppresses propagation of shear bands and cracks
along these interfaces.[15] Finally, the dispersion of the
nanoparticles probably suppresses the deformation of
the amorphous phase through shear sliding. Recent
studies of bulk metallic glasses and amorphous alloy
ribbons showed that the increase in time of thermal
treatment at the crystallization temperature increased
the hardness of these partially crystallized materials,
which was correlated with the increase in volume
fraction of crystalline phases.[16,17]

The Fe81Si4B13C2 amorphous alloy was investigated
to a significant degree[18–21] with respect to phase
transformations and kinetics of crystallization[22,23] and
the effect of these transformations on magnetic and
electric properties.[24] However, the mechanical proper-
ties of this alloy and the influence of thermally induced
structural transformations on these properties were not
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previously studied in detail. As a part of a multidisci-
plinary study of thermally induced structural transfor-
mations of iron-based amorphous alloys and their
correlations with the properties of these alloys, we have
been investigating the correlations between thermally
induced structural transformations of Fe81Si4B13C2

amorphous alloy and its mechanical properties, specif-
ically, microhardness.

II. EXPERIMENTAL

The Fe81Si4B13C2 amorphous alloy was prepared in
the form of ribbon, 2-cm wide and 35-lm thick, using
the standard procedure of rapid quenching of a melt on
a rotating disc (melt spinning method). The samples of
ribbon were heated, in a quartz ampoule in vacuum, at
different temperatures [up to 973 K (700 �C)] for
30 minutes and then left to cool to room temperature,
before investigating their properties.

The X-ray diffraction (XRD) patterns were recorded
on an X’Pert PROMPD diffractometer from PANalyt-
ical with Co Ka radiation operated at 40 kV and 30 mA.
For routine characterization, diffraction data were
collected in the range of 2h Bragg angles (15 to
135 deg, step 0.0081). All XRD measurements were
performed on the contact side (also known as matte or
fishy) of the ribbon samples at ambient temperature.
The data were then recalculated to Cu Ka wavelength.
For the qualitative determination of phase composition
of the crystallized alloy samples, the JCPDS-PDF
database was used. For a quantitative analysis and
determination of crystallite size, the TOPAS V3 general
profile and structure analysis software for powder
diffraction data was used (BrukerAXS, general profile
and structure analysis software for powder diffraction
data, Karlsruhe, 2005). Dislocation density was ob-
tained from the Rietveld analysis, while microstrain was
calculated using the Williamson–Hall method,[25] using
the XRD data. Lattice parameters obtained through
XRD spectra were used to calculate the unit cell
volumes, which were then compared to the standard
values in the JCPDS database.

Vickers microhardness tests were performed using an
MHT-10 (Anton Paar, Austria) microhardness tester,
with loads of 0.4 N and loading time of 10 seconds. Up to
seven measurements were performed on each individual
sample, using the average value ofmicrohardness for each
sample. The measurements were performed on the cross
section of the ribbons, rather than on any of the sides.

Focused ion beam scanning electron microscope
(FIB-SEM) images were obtained using an XL 30
environmental scanning microscope with field emission
gun (FEI, Eindhoven, Netherlands), with 10 kV accel-
eration voltage.

Differential scanning calorimetry (DSC) measure-
ments were conducted in a nitrogen atmosphere using
a DSC-50 analyzer (Shimadzu, Japan). Samples weigh-
ing several milligrams were heated in the DSC cell from
room temperature to 923 K (650 �C) in a stream of
nitrogen with a flow rate of 20 mL min�1 at a heating
rate of 5 K min�1.

III. RESULTS AND DISCUSSION

A. Structural Transformations

XRD spectra of the alloy ribbon samples (Figure 1),
as-prepared and after thermal treatment at different
temperatures, showed that thermal treatment caused a
series of structural transformations of the amorphous
alloy, leading to formation of more than one crystalline
phase. The as-prepared alloy already had a degree of
crystallinity caused by the presence of a-Fe phase
(JCPDS-PDF 06-0696), which corresponds to less than
5 pct mass of the samples.[24] In addition to a sharp
crystalline peak at 66 deg in the XRD spectra of the as-
prepared alloy, a broad spread halo around 45 deg,
corresponding to domains of short-range ordering in the
sample, was also observed. The position of the spread
halo corresponds to the approximate position of the
Fe3Si peak, and, using the Scherrer equation, we
estimated the size of these domains to be 1 to 1.5 nm.
The entire structure could best be described as a
combination of nanocrystals (a-Fe) and nanoclusters
(Fe3Si) embedded in an amorphous matrix. After the
samples are heated at temperatures ranging from 473 K
to 973 K (200 �C to 700 �C), additional crystalline
phases were observed: the stable Fe2B (JCPDS-PDF
72-1301) and Fe3Si (JCPDS-PDF 42-1329) phases and a
metastable Fe3B (JCPDS-PDF 39-1316) phase.
Analysis of the XRD spectra yielded a phase compo-

sition of the crystalline portion of the samples, disloca-
tion density, and microstrain (Table I) for individual
phases. a-Fe and Fe3Si could not be completely sepa-
rated for determination of individual phase content
because of the overlap of their peaks. However, the
dislocation density and microstrain were calculated
using individual peaks (66 and 98 deg for a-Fe; 31.5,
57, and 84 deg for Fe3Si), which could be assigned to
one of these phases only, rather than representing a
combination of overlapping peaks of both of these
phases. Joint mass percentage of a-Fe and Fe3Si varied
little after thermal treatment at different temperatures

Fig. 1—XRD spectra of Fe81Si4B13C2 amorphous alloy after heating
at different temperatures.
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(84 to 88 pct), with one significant change being an
increase from 84 to 88 pct going from 773 K to 823 K
(500 �C to 550 �C). The phase content of Fe2B was
stable after treatment at lower temperatures and
increased slightly after the samples were treated at
873 K and 973 K (600 �C and 700 �C). The metastable
Fe3B phase showed two significant changes in phase
content: it dropped from 7.75 to 3.75 pct going from
773 K to 823 K (500 �C to 550 �C), which is mirrored
by the increase in phase content of a-Fe/Fe3Si, and then
dropped from 3.88 pct to zero going from 873 K and
973 K (600 �C to 700 �C). The assignation of all peaks is
presented in Figure 2.

Crystal structures of a-Fe and Fe3Si are closely
related, as the Fe3Si crystal system is cubic, the same
as the a-Fe crystal system.[26,27] The Fe3Si lattice is
composed of four sublattices, three composed of iron
atoms and one of silicon atoms, and this leads to
doubling of the unit cell (when compared to a-Fe). The
Fe3Si lattice is also slightly distorted, so the value of its
lattice parameter is slightly higher than twice the value
of the lattice parameter of a-Fe. In consequence, the
XRD peak positions of these two phases are very close,
and sometimes this makes it impossible to separate them
precisely. In our system, the existence of both phases is
supported by the appearance of new peaks, for example,
at 31.5, 45, 57, and 84 deg, corresponding to Fe3Si after
thermal treatment at temperatures above 723 K

(450 �C) (Figure 1). The peak corresponding to a-Fe
(66 deg) is present in the as-prepared alloy and the
samples after thermal treatment. Additionally, we
observed that the peaks corresponding to these two
phases behave differently after thermal treatment at
different temperatures. a-Fe is characterized by the peak
around 66 deg, which shows relatively small changes in
intensity and width during the crystallization process.
The peaks belonging to Fe3Si, on the other hand, such
as the one around 31.5 deg, are missing in the XRD
spectra of the as-prepared alloy and show drastic
changes in intensity and width with an increase in
temperature. In the XRD spectrum of the sample
treated at 873 K (600 �C), stable crystalline phases,
a-Fe, Fe3Si, and Fe2B, as well as the metastable Fe3B
were identified (Figure 2). The obtained phase composi-
tion is presented in Table I. The results show that a-Fe
and Fe3Si combined make up 84 to 88 pct of the mass of
the samples, so it could be considered that the amorphous
matrix of the as-prepared alloy sample is, after thermal
treatment, replaced mostly by a-Fe/Fe3Si matrix.
The phase content of Fe3B, with an increase in

heating temperature, declines in two steps and disap-
pears completely after thermal treatment at 923 K
(650 �C). The first sharp decrease in percentage of
Fe3B [823 K (550 �C)] coincides with an increase in
percentage of combined a-Fe and Fe3Si. After thermal
treatment at 923 K (650 �C), Fe3B phase disappears
completely, and this coincides with the increase in phase
content of Fe2B. The phase content of Fe2B phase shows
an increase after treatment at temperatures above 823 K
(550 �C). In order to further explain the changes in
phase composition, unit cell volumes for individual
phases were determined using XRD data and were
compared with standard values in the JCPDS database
(Figure 3). This way, we were able to estimate the lattice
distortion caused by the presence of boron in a-Fe and
Fe3Si lattices. The diagram in Figure 3 shows the
absolute value of the change in unit cell volume. Our
findings show that, for a-Fe phase, the lattice volume

Table I. Phase Composition and Dislocation Density in the
Samples, Obtained by Analysis of XRD Data (for Phase
Composition, a-Fe and Fe3Si Represented as One Phase)

Temperature
[K (�C)] a-Fe Fe3Si Fe2B Fe3B

phase composition (pct mass of crystalline
phase)

773 (500) 83.99 8.25 7.76
823 (550) 87.99 8.26 3.75
873 (600) 86.26 9.86 3.88
973 (700) 86.98 13.02 —

average crystal size (nm)
298 26.2
473 (200) 24.6
723 (450) 19.7
773 (500) 26.7 22.3 49.3 16
823 (550) 32.1 35.4 90.6 46.4
873 (600) 38.6 51.6 97.7 56.6
973 (700) 44.6 71.9 107.5 —

dislocation density (1015 m�2)
298 4.37
473 (200) 4.96
723 (450) 7.73
773 (500) 4.21 6.03 1.23 11.72
823 (550) 2.91 2.39 0.37 1.39
873 (600) 2.01 1.13 0.31 0.94
973 (700) 1.51 0.58 0.26 —

microstrain (pct)
298 2.19
473 (200) 1.85
773 (450) 2.53
823 (550) 2.00 4.27
873 (600) 1.94 4.03
973 (700) 1.26 3.47

Fig. 2—XRD spectrum after thermal treatment at 873 K (600 �C)
with peak assignments (intensity scale is logarithmic for better peak
visibility).
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was smaller (lattice contraction) when compared to the
reference volume, while the lattice volume was greater
(lattice expansion) for Fe3Si phase, when compared to
the reference volume. The diagram shows that the
distortion of the unit cell of a-Fe was the greatest before
the crystallization started; it decreased during the
crystallization and remained relatively stable after treat-
ment at 773 K (500 �C) and higher temperatures. The

change in Fe3B percentage after treatment at 823 K
(550 �C) was accompanied by a decreased distortion of
the unit cell of both a-Fe and Fe3Si and an increase in
their combined phase content. This indicates that Fe3B
is transformed into these two phases. As Fe3Si showed
greater change, Fe3B probably transformed more to
Fe3Si than it did to a-Fe. Reduced lattice distortion in
these phases is probably due to the fact that the mass
percentage of boron in Fe3B (6.06 pct) is lower than the
mass percentage of boron in the as-prepared alloy
(13 pct). Therefore, transformation of Fe3B into Fe3Si
and a-Fe would lead to dilution of boron in the a-Fe/
Fe3Si matrix. The change in unit cell volumes of Fe3Si
and a-Fe showed an increase at higher heating temper-
atures, and it is possible that the distortion of the lattice
in a-Fe and Fe3Si is caused by the increasing occurrence
of crystal/crystal interfaces between a-Fe and Fe3Si on
one side and Fe2B on the other.
FIB-SEM images (Figure 4) show that the cross

section of the ribbon sample looks homogenous after
the alloy sample is treated at 473 K (200 �C). After
treatment at 773 K (500 �C), we observe that some
crystalline domains were formed in the amorphous
matrix. These domains are mostly small and are well
dispersed in the amorphous matrix, and holes are clearly
present in the structure (Figure 4(b)), making it porous.
After treatment at 873 K (600 �C), we observed further
growth of the crystalline domains and the increase in the
frequency and size of holes in the alloy sample. After
treatment at 973 K (700 �C), the sample exhibited a
fully granulated structure with a significant number of

Fig. 3—Relative difference in unit cell volume in a-Fe and Fe3Si
crystal phases (compared to standard values) and change in phase
content of two boron phases, Fe2B and Fe3B, with respect to heating
temperature.

Fig. 4—FIB-SEM images of Fe81Si4B13C2 amorphous alloy after thermal treatment at different temperatures: (a) 473 K (–200 �C), (b) 773 K
(–500 �C), (c) 873 K (–600 �C), and (d) 973 K (–700 �C).
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holes. The size of the crystalline domains of all observed
crystalline phases in the FIB-SEM image is greater than
in the samples treated at lower temperatures.

B. Evolution Of Microstructure

Based on the XRD data, the average crystal size
(Table I) of the individual phases in the samples was
determined using Rietveld refinement. After the onset of
crystallization, the average crystal size of all the phases
increased as the samples were thermally treated at
temperatures between 773 K and 973 K (500 �C and
700 �C). a-Fe phase showed slower growth than the
other phases. When comparing the crystal growths of
the two boron-containing phases, Fe2B and Fe3B, we
found that they showed the same trend of increase with
the increase in heating temperature.

Using these data, the dislocation density and micro-
strain in the samples, with respect to the heating
temperature, were calculated (Table I). The dislocation
densities of all phases showed a decrease from the point
of the beginning of crystallization at 723 K (450 �C) as
the heating temperature was increased. Overall, the
dislocation density was much lower in Fe2B than in
either a-Fe or Fe3Si. Microstrain was calculated only for
a-Fe and Fe3Si, as they comprise the majority of the
sample mass. In Fe3Si, microstrain showed a decrease as
the heating temperature was increased, while micro-
strain in a-Fe remained stable throughout the entire
region of heating temperatures, showing a slight
decrease at higher heating temperatures.

a-Fe showed a decrease in the average crystal size at
the onset of crystallization, after thermal treatment at
723 K (450 �C), while both its dislocation density and
microstrain increased, when compared to the sample
treated at 473 K (200 �C). This is indicative of the
crystallization of the amorphous matrix around the a-Fe
nanocrystals, and it is possible that the surface of these
nanocrystals served as nucleation sites for the other
phases crystallizing out of the amorphous matrix. This
would explain the decrease in average crystal size and
the increased strain, as the amorphous/crystal interfaces
are replaced by the crystal/crystal interfaces. It would
also explain why the a-Fe phase grew slower than the
others, as nanocrystals of this phase would have a higher
probability of being surrounded by crystalline phases
rather than the amorphous matrix.

C. Influence of the Structural Transformations on
Microhardness

Microhardness was measured on the cross section of
the alloy ribbon samples, rather than on any of the sides,
giving a good measure of the average properties of the
alloy samples. This was done due to extreme brittleness
of the ribbon samples after crystallization. In order to
clearly show the influence of the change in microstruc-
ture, induced by thermal treatment, on microhardness,
we presented the microhardness data in combination
with DSC data and structural parameters (Figure 5).

In terms of microstructure, the as-prepared alloy con-
tains a small percentage (less than 5 pct) of crystalline

a-Fe phase in form of nanocrystals dispersed in the
amorphous matrix (Figure 1) and small domains (1 to
1.5 nm in size) of short-range crystalline ordering. This
structure can be best described as nanocrystals and

Fig. 5—(a) Microhardness and DSC curve of Fe81Si4B13C2 amor-
phous alloy. (b) Average crystal size and microhardness in
Fe81Si4B13C2 amorphous alloy after heating at different tempera-
tures. (c) Microhardness and phase composition with respect to heat-
ing temperature.
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nanoclusters embedded in the amorphous matrix. It
combines with chemical composition, involving a sig-
nificant percentage of boron, silicon, and carbon, all of
which are known to increase hardness in iron alloys,[11–13]

to produce high hardness of the as-prepared alloy
sample (909 HV).

The change of microhardness with respect to heating
temperature showed three distinct temperature regions
with completely different behavior. Before the onset of
crystallization around 723 K (450 �C), microhardness
exhibited slight growth, from 909 to 931 HV, which
corresponds to lattice relaxation, as shown by the broad
exothermic peaks in the 473 K to 673 K (200 �C to
400 �C) region in the differential scanning calorimeter
(Figure 4(a)). In the second region, after thermal treat-
ment at 723 K (450 �C), it increased to 951 HV and then
to 1250 HV, after thermal treatment at 773 K (500 �C).
This corresponds to crystallization involving the forma-
tion of disordered Fe3Si crystal phase [around 673 K
(450 �C)], stable crystalline phases Fe3Si, Fe2B, and a-
Fe, and metastable Fe3B [exothermic peak around
785 K (512 �C)]. In the last temperature region, after
the sample was treated at 973 K (700 �C), micro-
hardness decreased to 908 HV, as a consequence of
further crystal growth, leading to the change in the
nature of the interfaces. These results are in good
agreement with the studies of hardness in partially
crystallized amorphous alloys, which show that the
increase in hardness can be correlated with the increase
in volume fraction of crystalline phases.[16,17]

These changes in microhardness can be correlated
with the change in microstructure, induced by thermal
treatment, through evolution of the average crystal size
of the crystalline phases in the alloy (Figure 5(b)). The
average crystal size is shown to have a significant
influence on the change in microhardness. When the
formed nanocrystals are relatively small (below 50 nm),
microhardness remains high, while the appearance of
larger nanocrystals (over 100 nm) leads to a sharp
decrease in microhardness. After thermal treatment at
temperatures from 473 K to 973 K (200 �C to 700 �C),
the alloy structure gradually transformed from a rela-
tively homogeneous to a granulated structure with
larger crystalline domains (Figure 4). This is consistent
with creation, at the beginning of the crystallization, of a
nanocomposite of small nanocrystals dispersed in amor-
phous matrix, which significantly increases micro-
hardness, due to the fact that the dominant type of
interface in the alloy is crystal/amorphous, as opposed
to crystal/crystal in a completely crystalline alloy. As the
average crystal size increased, crystal/crystal interfaces
became dominant and microhardness decreased, due to
increased interfacial energy and more successful prop-
agation of shear bands and cracks along these inter-
faces.[15] During the course of the observed structural
transformations, the overall composition of the alloy did
not change drastically, while microhardness showed
significant fluctuation. This means that the changes of
microhardness in our alloy were caused primarily by
changes in its microstructure, rather than changes in its
composition, with the main factor being the change in
the average crystal size and creation of a granulated

structure, as opposed to nanocrystals embedded in the
amorphous matrix (Figure 5(c)). The granulated struc-
ture, in addition to containing larger crystals and more
crystal/crystal interfaces, is also much more porous than
the original nanocomposite crystal/amorphous structure
of the as-prepared alloy (Figure 4).

IV. CONCLUSIONS

In summary, the Fe81Si4B13C2 amorphous alloy
undergoes a series of structural transformations after
thermal treatment at different temperatures from 473 K
to 973 K (200 �C to 700 �C). The as-prepared alloy
showed some degree of crystallinity (less than 5 pct) at
room temperature and contained a-Fe crystalline phase
and domains of short-range crystalline ordering of 1 to
1.5 nm in size. The microhardness of the alloy was
determined primarily by its microstructure, rather than
the change in its composition as a result of thermal
treatment. The as-prepared alloy sample exhibits an
unexpectedly high hardness (909 HV), which can be
attributed to the high percentage of boron, silicon, and
carbon, and its composite structure containing nano-
crystals and small crystalline domains dispersed in the
amorphous matrix. Before the onset of crystallization, a
process of lattice relaxation [473 K to 673 K (200 �C to
400 �C)] caused a slight increase in microhardness. After
the onset of crystallization at 723 K (450 �C), the
thermal treatment induced formation of nanocrystals
20 to 50 nm in size, resulting in a high microhardness of
1250 HV. The microstructure at this point has the
advantage of having dominant crystal/amorphous inter-
faces rather than crystal/crystal interfaces, leading to
increased hardness. Finally, further crystal growth led to
significant granulation and a decrease in microhardness
to 908 HV, as the nanocrystal size increased to 50 to
150 nm. This was the consequence of the increased
contribution of crystal/crystal interfaces and creation of
a porous granulated structure, as opposed to nanocrys-
tals embedded in the amorphous matrix.

REFERENCES

1. A.L. Greer: Curr. Opin. Solid State Mater., 1997, vol. 2, pp. 412–
16.

2. D.M. Minic, A.M. Maricic, R.Z. Dimitrijevic, and M.M. Ristic:
J. Alloys Compd., 2007, vol. 430, pp. 241–45.

3. J. Bednarcik, R. Nicula, M. Stir, and E. Bukel: J. Magn. Magn.
Mater., 2007, vol. 316, pp. e823–e826.

4. M. Stoica, R. Li, S. Roth, J. Eckert, G. Vaughan, and A.R.
Yavari: Metall. Mater. Trans. A, 2011, vol. 42A, pp. 1476–80.

5. A. Shamimi Nouri, Y. Liu, and J.J. Lewandowski: Metall. Mater.
Trans. A, 2009, vol. 40A, pp. 1314–23.

6. P. Wesseling, B.C. Ko, L.O. Vatamanu, G.J. Shiflet, and J.J. Le-
wandowski: Metall. Mater. Trans. A, 2008, vol. 39A, pp. 1935–41.

7. M. Aykol, A.O. Mekhrabov, and M.V. Akdeniz: Acta Mater.,
2009, vol. 57, pp. 171–81.

8. H.B. Fan, W. Zheng, G.Y. Wang, P.K. Liaw, and J. Shen: Metall.
Mater. Trans. A, 2011, vol. 42A, pp. 1524–33.

9. D.V. Louzguine-Luzgin, A. Vinogradov, S. Li, A. Kawashima, G.
Xie, A.R. Yavari, and A. Inoue: Metall. Mater. Trans. A, 2011,
vol. 42A, pp. 1504–10.

METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 42A, DECEMBER 2011—4111

������ � �

137



10. J.J. Kruzic: Metall. Mater. Trans. A, 2011, vol. 42A, pp. 1516–23.
11. X. Dong, J. Hu, Z. Huang, H. Wang, R. Gao, and Z. Guo: Sci.

Sinter., 2009, vol. 41, pp. 199–207.
12. G. Azimi and M. Shamanian: J. Mater. Sci., 2010, vol. 45,

pp. 842–49.
13. C. Badini, C. Gianoglio, and G. Pradelli: Surf. Coat. Technol.,

1987, vol. 30, pp. 157–70.
14. J. Qin, T. Gu, L. Yang, and X. Bian: Appl. Phys. Lett., 2007,

vol. 90, pp. 201909-1–201909-3.
15. S. Stankov, M. Miglierini, A.I. Chumakov, I. Sergueev, Y.Z. Yue,

B. Sepiol, P. Svec, L. Hu, and R. Ruffer: Phys. Rev. B, 2010,
vol. 82, p. 144301.

16. J. Basu, N. Nagendra, Y. Li, and U. Ramamurty: Philos. Mag.,
2003, vol. 83, pp. 1747–60.

17. C.K. Huang and J.J. Lewandowski:Metall. Mater. Trans. A, 2010,
vol. 41A, pp. 2269–75.

18. D.S. dos Santos and D.R. dos Santos: J. Non-Cryst. Solids, 2002,
vol. 304, pp. 56–63.

19. D.S. Dos Santos and R.S. De Biasi: J. Alloys Compd., 2002, vol.
335, pp. 266–69.

20. W. Pon-On and P. Winotai: J. Magn. Magn. Mater., 2008,
vol. 320, pp. 81–90.
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a Faculty of Physical Chemistry, University of Belgrade, Belgrade, Serbia
b Kontrola LLC, Austin, TX, USA
c CEST, Centre of Electrochemical Surface Technology, Wiener Neustadt, Austria

a r t i c l e i n f o

Article history:

Received 13 November 2010

Received in revised form 2 March 2011

Accepted 3 March 2011

Available online 10 March 2011

Keywords:

Metallic glasses

Nanostructured materials

Composite materials

X-ray diffraction

Microhardness

a b s t r a c t

Effect of heat treatment on mechanical behavior of Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy was investigated

by measuring microhardness. It was shown that the as-prepared amorphous alloy has an unexpectedly

high microhardness. This can be attributed not only to boron dispersed in the alloy, but also to the struc-

ture which exhibits aspects of a nanocomposite of nanoparticles dispersed in an amorphous matrix. As

the alloy crystallizes at temperatures above 540 ◦C, microhardness decreases continuously as a func-

tion of heating temperature. This is attributed to separation of boron out of the amorphous matrix into

nanocrystals of Fe2B phase. Further decrease in microhardness is attributed to crystallite growth with the

accompanying change in the dominant nature of the interfaces from amorphous/crystal to crystal/crystal,

and creation of a porous structure. When the crystallization is complete, the alloy exhibits microhardness

close to that of a hypothetical mixture of �-Fe and Fe2B phases of the same composition.

1. Introduction

Iron-based amorphous alloys have been a subject of con-

siderable scientific interest, because of their soft ferromagnetic

properties (saturation magnetization, high permeability, low coer-

civity and loss), high corrosion resistance and good mechanical

properties [1,2]. This makes them suitable for use in a variety of

applications [3–6], but their application as structural materials

has been limited by high cooling rates required to avoid crys-

tallization and their tendency to oxidize. Magnetic properties of

amorphous Fe-based alloys could deteriorate after crystallization,

or, if nanocrystalline phases are formed, they may be improved

[7–10], producing functional materials with targeted properties.

Commercial soft magnetic nanocrystalline materials, exhibiting

superior soft magnetic and mechanical properties, have recently

been successfully obtained by crystallization of amorphous pre-

cursors. These materials are characterized by a microstructure

of nanocrystals dispersed in an amorphous matrix. Recent theo-

retical studies of iron-based binary systems predict existence of

short-range ordering in iron-based amorphous alloys. Theoretical

investigation of nanoscale phase separation in small Fe80B20 and

Fe83B17 clusters [11] predicts formation of Fe-pure regions, Fe-rich

regions (which contain around 9% B) and B-rich regions. Addition-

∗ Corresponding author. Tel.: +381 11 3336 689; fax: +381 11 2187 133.

E-mail addresses: dminic@ffh.bg.ac.rs, drminic@gmail.com (D.M. Minić).

ally, Lass et al. [12] predicted presence of short-range chemical

ordering in Fe-based binary systems and found that predicted coor-

dination numbers for Fe–P and Fe–B alloys were in good agreement

with experimental results.

Thermal stability of these alloys and its correlation with elec-

trical and magnetic properties have been a focus of some interest

[13–16], but there has not been much discussion of the correlation

of thermal stability with mechanical properties. Mechanical prop-

erties of iron-based amorphous alloys [17,18] have been studied in

some detail lately, but there have been very few studies that discuss

the correlation of microstructure or phase composition of these

alloys with their mechanical properties. Recent study of rapidly

quenched iron alloy with 6.5% Si [19] found that rapid quenching

resulted in smaller grain size in the alloy samples than conventional

casting and decreased microhardness. The authors attributed this

to suppression of first-order phase transformation in crystalline

iron. Recent studies of hardness of iron-based alloy powders [20]

revealed that, when going from crystalline towards amorphous

sample, hardness reaches a maximum when the sample is com-

posed of a mix of crystalline nanoparticles and amorphous phase,

and then begins to decrease as the amorphous content of the sam-

ple is further increased. The authors attribute this effect to dense

packing of crystalline nanoparticles, which have substantial hard-

ness, because of relative lack of defects, in an amorphous matrix.

Amorphous/crystal interface has lower interfacial energy than

crystal/crystal interface [21] and this structure suppresses prop-

agation of shear bands and cracks along these interfaces. Finally,

0925-8388/$ – see front matter © 2011 Elsevier B.V. All rights reserved.
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the dispersion of the nanoparticles probably suppresses the defor-

mation of the amorphous phase through shear sliding. Because

of these mechanisms, the nanocomposites of crystalline nanopar-

ticles and amorphous phase should have higher microhardness

than either pure crystalline or pure amorphous phase. A recent

study investigated the relationship between thermophysical and

mechanical properties of amorphous alloys [22] in order to develop

a generalized picture of shear band propagation. Investigation of

microhardness in boronizing layers of Fe-powder compacts [23]

showed that, when iron particles are doped with boron through sin-

tering of iron powders at temperatures above 1000 ◦C, the surface

structure of the particles exhibits three distinct areas, going from

the surface down into the layer: surface boride zone is followed by

a transition zone of diminishing boron content and then, finally,

the iron matrix without any boron. Microhardness of the surface

boride layer is 1487–2066 HV, depending on its thickness—as the

thickness of the layer increases, so does microhardness. Average

microhardness of the transition layer is 855 HV.

Our previous study of different aspects of structural transforma-

tions of Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy focused on thermal

stability [24] and the correlation of structural transformations

with electrical and magnetic properties [25,26]. The focus of this

research has been the relationship between structural transforma-

tions of the alloy and its mechanical properties, in particular the

microhardness. In particular, we discussed in detail the influence

of changes in microstructure, as well as phase composition of the

alloy, over 25–850 ◦C temperature range.

2. Experimental

Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy samples were prepared in form of ribbon,

2 cm wide and 35 �m thick, using the standard procedure of rapid quenching of a

melt on a rotating disc (melt spinning method). The ribbon samples were thermally

treated, under vacuum in quartz ampoules, at different temperatures (up to 850 ◦C)

for 1 h and then left to cool down to room temperature, before investigating their

properties.

X-ray diffraction spectra were acquired on X-Pert powder diffractometer (PAN-

alytical, Netherlands) using CuK� radiation in Bragg-Bentano geometry at 40 kV

and 30 mA. This instrument is equipped with a secondary graphite monochroma-

tor, automatic divergence slits and a scintillation counter. The collection of data was

performed with 0.05◦ step in diffraction angle and the collection time of 30 s per

step. Analysis of XRD spectra was performed using Rietveld refinement method and

single peak refinement approach, with TOPAS v.3.0 general profile and structure

analysis software [27]. Dislocation density was obtained from the Rietveld analysis,

while microstrain was calculated using Williamson-Hall method [28], using the XRD

data.

Vickers microhardness tests were performed using MHT-10 (Anton Paar,

Austria) microhardness tester, with loads of 0.4 N and loading time of 10 s. Up to

seven measurements were performed on each individual sample and used to deter-

mine the average value of microhardness for each sample. Surface-to-volume ratio

of the crystallites was estimated using the average crystal size of individual crystal

phases, by approximating that all the crystallites were spherical in shape. The cal-

culated surface-to-volume ratio represents an estimate of total surface-to-volume

ratio for crystalline phases in alloy samples.

SEM images were obtained using XL 30 ESEM-FEG (Environmental Scanning

Microscope with Field Emission Gun, by FEI, Netherlands), with 20 kV acceleration

voltage, at magnifications of 3500× and 20,000×.

3. Results

X-ray diffraction (XRD) spectra (Fig. 1) of Fe89.8Ni1.5Si5.2B3C0.5

alloy at room temperature showed a relatively strong broad peak

around 44◦ and another, much smaller and also broad peak around

80◦. XRD spectra of the alloy after thermal treatment at different

temperatures (Fig. 2) showed that the alloy begun to crystallize

when the temperature reached around 480 ◦C, and around 540 ◦C

sharp peaks of �-Fe(Si) crystalline phase were already present in

the spectra. This phase was a result of high tendency of Si to dis-

solve in Fe. Before crystallization, around 300 ◦C, the broad peaks

present at room temperature decreased in intensity, giving way to

a broad signal that could be attributed to the amorphous part of

Fig. 1. XRD spectra of Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy on preparation and

before the onset of crystallization.

the sample. A meta-stable minor phase Fe15B2Si3 was present only

at 540 ◦C, and disappears at higher temperatures. XRD spectra at

570 ◦C and above showed formation of Fe2B crystalline phase. As

the alloy samples were treated at higher temperatures, the degree

of crystallinity of the alloy increased quickly, until the heating tem-

perature of 650 ◦C, and slowly after that. Phase composition of the

alloy (Table 1) shows that, at temperatures above 500 ◦C, �-Fe(Si)

was the dominant crystalline phase, reaching about 77% of the total

mass of the sample after thermal treatment at 850 ◦C. Fe2B began to

crystallize at 570 ◦C and accounted for about 20% of the mass of the

sample at 850 ◦C. Meta-stable phase Fe15B2Si3 was present only

after treatment at 540 ◦C, at around 3 mass%. Amorphous phase

content was determined as the difference of the sum of the contents

of crystalline phases to 100 mass%. When Fe89.8Ni1.5Si5.2B3C0.5 alloy

was thermally treated at 850 ◦C for 7 h, the final composition of the

alloy was 61% �-Fe(Si) and 39% Fe2B phase. In molar percentages,

this translates as 77.5 mol% �-Fe(Si) and 22.5 mol% Fe2B.

SEM images (Fig. 3) of Fe89.8Ni1.5Si5.2B3C0.5 alloy surface showed

homogenous amorphous surface before thermal treatment (Fig. 3a)

Fig. 2. XRD spectra of Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy after thermal treatment

at different temperatures, after the onset of crystallization (inset, o—a-Fe(Si) and

x—Fe2B).
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Fig. 3. SEM images of Fe89.8Ni1.5Si5.2B3C0.5 alloy before thermal treatment (a) and after (b: 650 ◦C, c: 750 ◦C, and d: 850 ◦C).

and granulated surface due to gradual crystallization after the ther-

mal treatment (Fig. 3b–d). The crystallization occurred, initially,

through growth of a large number of smaller crystals (Fig. 3b) up to

650 ◦C, followed by the growth of larger crystals at 750 ◦C (Fig. 3c).

After the alloy was thermally treated at 850 ◦C (Fig. 3d), the forma-

tion of a much more homogenous surface, compared to the sample

thermally treated at 750 ◦C, was observed.

Average crystal size at different temperatures was determined

using Rietveld analysis of XRD spectra.

The dependence of crystal size with respect to temperature

(Fig. 4) showed that the crystal size of Fe2B decreased initially,

going from 570 to 590 ◦C, and then increased continuously above

590 ◦C. �-Fe(Si) crystalline phase showed rapid growth in two

temperature regions: 590–650 ◦C and above 750 ◦C. In the regions

below 590 ◦C and 650–750 ◦C, �-Fe(Si) phase crystals grew very

slowly—29–32 nm and 57–60 nm, in the respective temperature

regions. When the sample was thermally treated at 850 ◦C for

7 h, the average crystalline size of �-Fe(Si) increased from 101 to

123 nm, while that of Fe2B increased from 119 to 178 nm.

As part of detail study of the microstructure of the alloy samples,

we calculated dislocation density and microstrain using the XRD

data. Dislocation density (Table 1) in Fe2B showed sharp increase

going from 570 ◦C to 590 ◦C, followed by steep decline above this

temperature. In �-Fe(Si) phase, dislocation density showed a steady

decrease through the entire heating process, relatively slow in the

Table 1

Phase composition and dislocation density of individual crystal phases in alloy sam-

ples thermally treated at different temperatures.

Temperature (◦C) �-Fe(Si) Fe2B Fe15B2Si3 Amorphous

Phase composition (mass%)

540 38 – 2 60

570 46 7 – 43

590 52 12 – 36

650 73 17 – 10

750 72 19 – 9

850 77 20 – 3

Dislocation density (1014 m−2)

540 35.7 –

570 33.3 117

590 29.3 208

650 9.23 23.1

750 8.33 7.32

850 2.94 2.12

initial temperature region, below 590 ◦C, and more pronounced at

650 ◦C. The decrease slowed down again above 650 ◦C. After ther-

mal treatment at 850 ◦C, the dislocation density in Fe2B became

lower than that in �-Fe(Si) nanocrystals. After thermal treatment at

850 ◦C for 7 h, the dislocation density declined even further, again,

more in Fe2B than in �-Fe(Si) nanocrystals.

Microstrain in the alloy (Fig. 4) decreased after the alloy was

thermally treated at temperatures below 650 ◦C and after ther-

mal treatment at 850 ◦C and increased going from 650 ◦C to 750 ◦C.

After thermal treatment at 850 ◦C for 7 h, microstrain declined even

further, when compared with samples heated for 1 h, to 1.8%.

Microhardness (Fig. 5) of as-prepared alloy was 926 HV, and

declined to 884 HV, after the sample was thermally treated at 300 ◦C

and to 846 HV after treatment at 540 ◦C. After further thermal treat-

ment at temperatures above 540 ◦C, it decreased to a minimum of

612 HV after thermal treatment at 850 ◦C. After the sample was

thermally treated for 7 h at 850 ◦C, microhardness was determined

to be 689 HV.

Fig. 4. Change in microstrain of Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy on thermal

treatment.
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Fig. 5. Change in microhardness of Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy on thermal

treatment with (a) surface-to-volume ratio and (b) average crystal size.

4. Discussion

4.1. Thermally induced structural transformations

X-ray diffraction spectrum (Fig. 1) of the alloy at room tem-

perature showed two broad peaks: around 44◦ and around 80◦.

These positions correspond to the positions of most intense peaks

of the two crystalline phases: �-Fe(Si) and Fe2B, respectively [ICDD

PDF 00-036-4899 and 00-036-1332]. This indicates that the as-

prepared alloy was not completely amorphous and had some

crystalline character, probably in form of short-range crystalline

ordering, with characteristics of the two crystalline phases that

appear after the samples are heated. This is in agreement with

theoretical investigations of iron–boron systems [11], which pre-

dicts formation of Fe-pure regions in parallel with Fe-rich regions

(which contain around 9% B, compared to 8.88% B in Fe2B) and

B-rich regions. Since our alloy contained much smaller Fe-to-B

ratio than these clusters (around 30:1, compared to 4:1 and 5:1,

respectively), it is possible that the two peaks belonging to �-

Fe(Si) and Fe2B correspond to Fe-pure regions and Fe-rich regions

described above. The overall alloy structure at room temperature

could be described as a very fine nanocomposite of small nan-

oclusters dispersed in the amorphous matrix. After the alloy was

thermally treated to 300 ◦C, another broad peak appeared, cen-

tered around 25◦, which could be attributed to the amorphous

content of the sample. Its absence at room temperature indicates

that it appears as a result of disordering of the as-prepared alloy

structure due to thermal treatment. It also gives us an indication

that the as-prepared alloy structure seems to be much more orga-

nized than one would expect from a completely amorphous sample.

The XRD spectra of the samples thermally treated at 540 ◦C and

above showed crystallization of two stable crystalline phases (�-

Fe(Si) and Fe2B) and a meta-stable Fe15B2Si3 phase, which only

appeared at 540 ◦C, suggesting that the meta-stable phase was an

intermediate phase in the initial stage of crystallization of Fe2B.

Phase composition (Table 1) showed that most of the crystalliza-

tion occurred below 650 ◦C as the percentage of amorphous content

dropped from 60 mass% to 10 mass%, going from 540 to 650 ◦C, with

�-Fe(Si) being the dominant crystalline phase. After that �-Fe(Si)

phase content decreased slightly at 750 ◦C and increased again

at 850 ◦C. This behavior between 650 ◦C and 850 ◦C was reflected

in the amorphous content of the sample, which, after the sharp

decline, dropped from 10% to 9% going from 650 ◦C to 750 ◦C and

then to 3% going to 850 ◦C. When the sample was thermally treated

for 7 h at 850 ◦C, the phase mass content was 61% �-Fe(Si) and 39%

Fe2B, indicating that the crystallization was complete at this point,

since amorphous phase was completely gone and mass percent-

age of Fe2B corresponded to the boron content of the as-prepared

alloy.

SEM images (Fig. 3) showed smooth surface in amorphous sam-

ple at room temperature and then the presence of smaller and

lager crystals after thermal treatment at 650 ◦C and 750 ◦C, respec-

tively. After thermal treatment at 850 ◦C the sample showed much

smoother surface than at 750 ◦C, indicating that the surface had

reformed and the individual crystals had probably reoriented and

merged together.

4.2. Evolution of microstructure

In order to conduct a more detailed analysis of the microstruc-

ture, we determined average crystal size, dislocation density and

microstrain for each crystal phase. These parameters could offer

further insight into causes of structural transformations and their

influence on the mechanical properties of alloy samples. The depen-

dence of average crystal size (Fig. 5b) of the dominant phase

on the heating temperature showed two major increases—below

650 ◦C and above 750 ◦C, mirroring the phase composition change

(Table 1). Nucleation was the dominant process below 600 ◦C,

as indicated by relatively stable crystal size and high disloca-

tion density (Table 1). After treatment at 650 ◦C, crystal growth

was accelerated—the crystal size increased rapidly and dislocation

density and microstrain decreased, indicating that larger crys-

tals were formed. After that, the crystalline size remained almost

stable, mass percentage of �-Fe(Si) crystalline phase declined,

dislocation density showed a slight decrease and microstrain

increased. These indicate that a nanocomposite of nanocrys-

tals in an amorphous matrix had been formed, with amorphous

matrix occupying the space between nanocrystals. The nanocrys-

tals grew until the system reached a point where the difference

in interfacial energy of existing amorphous/crystal interface and

crystal/crystal interface forced the crystalline phase to reorga-

nize through recrystallization in order to accommodate further

growth.

The in-depth analysis of the XRD spectra supported this, indi-

cating that significant change in aspect ratio of �-Fe(Si) crystallites

occurred in this temperature region, manifesting itself as a change

in the ratio of full-widths at half-maxima of peaks corresponding

to (1 0 0) and (2 1 1) crystalline planes. Judging by this, the crys-

tallites formed at 650 ◦C exhibited more symmetrical shape than
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those formed at 750 ◦C. The asymmetrical shape of the larger crys-

tallites was a result of rapid growth. The average crystal size almost

doubled going from 750 ◦C to 850 ◦C, as the crystal shape changed

to a more symmetrical one and the sample surface becomes much

smoother. Dislocation density and microstrain declined, indicat-

ing that �-Fe(Si) crystals had formed with better defined crystal

facets, which were accommodated by the increased size of the

crystals. Mass percentage of �-Fe(Si) in the sample increased from

72% to 77%, while amorphous phase content declined from 9% to

3%.

Fe2B started to crystallize around 570 ◦C, with average crys-

tal size of 16 nm, when it accounted for around 7% of the total

mass. When the sample was heated at 590 ◦C, the mass percent-

age of Fe2B increased to 12%, while average crystal size decreased

to 12 nm. Dislocation density in Fe2B increased (Table 1), going

from 570 to 590 ◦C, which reflected the decrease in average crys-

tal size (Fig. 5b). Fe2B crystals could be initially formed as one

of the products of decomposition of the meta-stable Fe15Si3B2

phase. The initial nucleation was followed by very rapid crys-

tal growth above 590 ◦C, as the average crystal size increased

from 12 to 36 nm, going from 590 ◦C to 650 ◦C. The phase con-

tent percentage increased from 12% to 17%, and dislocation density

declined rapidly. SEM image of sample heated at 650 ◦C (Fig. 3b)

showed a large number of small nanoparticles on the surface

of the alloy, indicating that Fe2B phase probably separated as

individual crystals from the alloy at this point. The crystal size

continued to increase (64 nm at 750 ◦C and 119 nm at 850 ◦C),

while the mass percentage of the Fe2B phase remained rela-

tively stable (19% at 750 ◦C and 20% at 850 ◦C). This indicated

that the rapid growth of Fe2B, up to this point, was mostly at

the expense of the amorphous phase, while the growth above

650 ◦C probably happened through merging of smaller crystals

or their dissolution and incorporation into larger crystals. This is

supported by continued sharp decline in dislocation density. SEM

images of samples heated at 750 ◦C and 850 ◦C (Fig. 3c and d)

show a contrasting image: at 750 ◦C the surface had a large num-

ber of nanoparticles on the surface, consistent with the growth

of nanocrystals going from 650 ◦C to 750 ◦C; at 850 ◦C the sur-

face was much smoother and the nanoparticles visible seemed

to be merged with the surface of the alloy. This indicates that,

as the heating temperature was increased and Fe2B phase sep-

arated out from the alloy, the structure of the alloy changed

to accommodate for the incorporation of these crystals back

into the alloy. This is supported by the changes in the micros-

train of the alloy ribbon (Fig. 4), which showed a decrease at

850 ◦C, after an increase at 750 ◦C. After the sample was thermally

treated for 7 h at 850 ◦C, boron completely separated into Fe2B

phase.

4.3. Influence of structural changes on mechanical properties

The influence of microstructural changes studied here on

mechanical properties of the alloy was investigated by measuring

microhardness of alloy samples, thermally treated at different tem-

peratures. Microhardness (Fig. 5) of the as-prepared alloy at room

temperature was 924 HV, which is unexpectedly high. After the

alloy was thermally treated at 300 ◦C for an hour, it exhibited a

lower degree of ordering and this was accompanied by a decrease

in microhardness, to 884 HV. At the early stage of crystallization

of the alloy, at 540 ◦C, the microhardness declined further, to 846

HV. This value corresponds well to microhardness of intermedi-

ate layer found in crystalline boron doped iron powders [23]. The

increased microhardness of as-prepared alloy can be attributed to

the fact that the alloy exhibits some degree of ordering, similar

to nanocomposites of nanoparticles dispersed in an amorphous

matrix. Nanocomposites of nanocrystals dispersed in an amor-

Fig. 6. SEM of the cross-section of alloy sample treated at 850 ◦C for 7 h.

phous matrix have been shown to perform better in microhardness

tests than either pure crystalline or amorphous phases of the same

material. Therefore, since the as-prepared alloy at room temper-

ature exhibited a higher degree of ordering than after thermal

treatment and before the onset of crystallization, it is expected that

this ordering resulted in higher microhardness.

At higher temperatures, above 540 ◦C, microhardness showed

a sharp decline, which is consistent with the loss of boron from

the amorphous matrix due to crystallization. Further decline in

microhardness (Fig. 5) was caused by the growth of the crystal-

lites, through two contributing factors: increase of crystal/crystal

interfaces, as opposed to amorphous/crystal, and creation of more

porous structure in the alloy samples (Fig. 6). Crystal/crystal inter-

faces are more susceptible to propagation of shear bands and

cracks along these interfaces than amorphous/crystal, resulting in

diminished microhardness. The alloy sample which was thermally

treated for 1 h at 850 ◦C exhibited the lowest value of microhard-

ness at 612 HV. Prolonged thermal treatment at 850 ◦C (7 h), led

to an increase in microhardness to 689 HV. Therefore, microhard-

ness increased in spite of very porous structure of the alloy sample,

as can be seen on SEM of its cross-section (Fig. 6). This could be

attributed to several factors: higher percentage of Fe2B phase in

the latter sample (39 mass% as compared to 20 mass%) and loss of

crystal/crystal interfaces through sintering of the crystalline grains.

In consequence, this very porous structure of the sample treated at

850 ◦C for 7 h, exhibited much better mechanical properties when

compared to the sample treated at the same temperature for 1 h.

In order to compare the properties of our alloy sample treated

at 850 ◦C for 7 h, with the properties of the respective constituents

in their respective molar fractions, we estimated hardness of such

hypothetical mixture, based on the literature data for the individ-

ual component phases. �-Fe phase on its own has a microhardness

of about 250 HV [29] and the iron-boride phase has much higher

microhardness of up to 2066 HV. When the alloy was thermally

treated at 850 ◦C for 7 h, the crystallization was complete and rel-

ative molar ratio of the two phases was 3.44:1 in favor of �-Fe(Si).

If we use the microhardness of pure �-Fe (since the amount of Si is

relatively small and its addition only increases hardness of �-Fe),

the projected lower limit of average value for 3.44:1 mixture of �-

Fe(Si) and Fe2B would be around 660 HV, which is very close to 689

HV, microhardness of alloy sample treated at 850 ◦C for 7 h. This

indicates that, after our alloy fully crystallized, Fe2B crystallites are

dispersed in �-Fe(Si) nanocrystalline matrix in a relatively homoge-

nous manner, so that the alloy exhibited, at the macroscopic level,

mechanical properties that could be attributed to a hypothetical

mixture of these two phases.
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5. Conclusions

Here we present the examination of structural transformations
of Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy induced by thermal treat-
ment and the effect of these transformations on its mechanical
properties (microhardness in particular). Microhardness of as-
prepared amorphous alloy was unexpectedly high, 924 HV, because
the alloy exhibited a degree of ordering which could correspond to a
structure involving nanoclusters dispersed in an amorphous matrix
containing boron, which increased microhardness of the alloy. The
crystallization process was characterized by gradual separation
of two crystalline phases: �-Fe(Si) and Fe2B, and was completed
when the sample is thermally treated at 850 ◦C for 7 h, with dis-
tribution of mass being 61% of �-Fe(Si) and 39% of Fe2B. During
the crystallization process, we observed a continuous decline in
the microhardness, starting from 570 ◦C, corresponding to gradual
separation of boron out of the amorphous alloy into the separate
Fe2B crystalline phase and formation of nanocrystalline granulated
structure. This led us to conclude that the presence of boron was
the major contributor to the microhardness of the amorphous alloy.
Further growth of Fe2B nanocrystals at higher temperatures led to
additional decline in microhardness, because the dominant type
of interface changed from amorphous/crystal to crystal/crystal.
Microhardness of fully crystallized mixture of �-Fe(Si) and Fe2B
was close to a calculated average value of microhardness for the
mixture of the same molar ratios of �-Fe and Fe2B phases.
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a b s t r a c t

Ribbon-shaped amorphous samples with the stoichiometric composition Fe73.5Cu1Nb3Si15.5B7 prepared

by the melt spinning process were annealed at temperatures ranging from 693 K to 1123 K for 1 h under

vacuum. In the early annealing stage, the alloy undergoes a specific nucleation process where Cu clusters

precipitate from an amorphous matrix. Further heating initiates the partial crystallization of alloy form-

ing the �-Fe–Si nanocrystallites. Subsequent Vickers hardness tests showed high values depending on

the annealing temperature. It was found that the hardening process includes two stages. This behavior

correlates well with results of density dislocation calculations. A crystallite size of 10 nm for the �-Fe–Si

particles correlated very well with a maximum hardness of the material.

1. Introduction

Ribbon shaped amorphous alloys are commonly produced by

rapid cooling from the melt. Thermally induced crystallization of

amorphous alloys often leads to the evolution of nanocrystalline

microstructures, which give rise to excellent physical, chemical and

mechanical properties. The microstructure is strongly affected by

the annealing temperature and annealing conditions, thus a study

of its evolution and the understanding mechanisms of nanocrys-

tallization can provide insight for tailoring a functional material of

desired properties.

The soft magnetic amorphous alloys have been widely studied

for their superior magnetic properties and potential application in

power electronic components [1–4]. These materials have many

technical advantages over traditional soft magnetic iron alloys:

very high permeability, high saturation induction, low coercitiv-

ity field strengths, low magnetic reversal losses, low eddy current

losses and high Curie temperature [8].

The Fe-based glassy alloys such as Finemet®

(Fe73.5Cu1Nb3Si13.5B9) and (Fe73.5Cu1Nb3Si15.5B7) Vitroperm®

contain small amounts of Cu immiscible with Fe and Nb. Cu and

Nb, in spite their small content, significantly affects the crystalliza-

∗ Corresponding author. Tel.: +381 11 3336 689.

E-mail addresses: dminic@ffh.bg.ac.rs, drminic@gmail.com (D.M. Minić).

tion process and are responsible for the nanocrystalline structure

of these alloys and their desirable soft magnetic properties. Thus,

the role of Nb and Cu in nanocrystallization is of great interest.

Almost 10 years ago, Ayers et al. [5] found from Extended X-ray

Absorption Fine Structure (EXAFS) measurements that Cu clusters

were formed in the Fe–Nb–Cu–Si–B alloys of very similar atomic

mass compositions during the heat treatment in an early stage of

the crystallization process. There was some evidence that these

clusters are present even in the as-prepared amorphous alloy.

Further heating initiates the formation of �-Fe–Si nanocrystals

in intimate contact with Cu clusters. As the �-Fe–Si nanocrystals

grow, they expel Cu into the phase boundary space. Hono et al.

[6,7] suggest a very similar model of Cu clustering in the early

stage of crystallization in the Fe–Nb–Cu–Si–B alloys. According to

these authors, the initial amorphous phase is a chemically uniform

amorphous solid solution. During annealing, Cu clusters are formed

in a fully amorphous matrix. Subsequently, the concentration of

Cu in the clusters increased. Finally, the FCC–Cu particles were

present in direct contact with the �-Fe–Si grains, but not entirely

enveloped within the �-Fe–Si grains.

The objective of this work was a detailed study of the Cu clus-

ter formation and the crystallization process of the amorphous

Fe73.5Cu1Nb3Si15.5B7 alloy in the temperature range of 693–1123 K,

especially the understanding of the mechanism of development of

the nanostructure and how this nanostructure relates to mechani-

cal properties.

 doi:10.1016/j.jallcom.2010.11.118
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Fig. 1. DSC of as prepared alloy at heating rate 7 K min−1 .

2. Experimental procedures

The amorphous samples with a stoichiometric composition Fe73.5Cu1Nb3Si15.5B7

were prepared by rapid cooling of a melt on a rotating disc. The final product was

alloy ribbon, 2.5 cm wide and 35 �m thick. The chemical composition of the alloy

was examined using energy dispersive X-ray spectroscopy (EDX). Quenched rib-

bon samples were sealed in quartz tubes under technical vacuum and isothermally

annealed for 1 h.

Thermal stability of the samples of alloy was studied by differential scanning

calorimetry (DSC) using a DSC-204 C device (Netzsch, Germany) in the temperature

range of 400–970 K under Ar atmosphere at a constant heating rate of 7 K min−1 .

A slow heating rate increased sensitivity for detection of smaller exothermic and

endothermic changes in DSC.

XRD experiments were performed using an X-Pert powder diffractometer (PAN-

alytical, Netherlands) using Cu K� radiation in Bragg–Brentano geometry at 40 kV

and 30 mA. The device is equipped with a secondary graphite monochromator,

automatic divergence slits, and a scintillation counter. The measurements were

conducted in step scan mode at intervals of 0.05◦ 2� with a measuring time of

30 s/step.

The TOPAS V3 general profile and structure analysis software for X-ray powder

diffraction data was used for the Rietveld refinement [9].

The Vickers microhardness tests were performed with a microhardness tester

MHT-10 (Anton Paar, Austria) with loads of 40 p and 10 s enforcing time. The mean

value of seven measurements was used.

The focused ion beam (FIB) technique (Quanta 200, 3D device, FEI Netherlands)

was used for cross section preparation. The Ga* ion beam was focused perpendicu-

larly to the surface. An ion current of between 7.1 nA and 0.3 nA was used for cutting

of, and between 10 pA and 30 pA for imaging.

Electron backscatter diffraction (EBSD) device also known as a backscattered

Kikuchi diffraction (BKD), attached to a Philips XL30 environmental scanning elec-

tron microscope (ESEM) was used to verify the phase identification of the Cu grains.

3. Results and discussion

DSC analysis of the Fe73.5Cu1Nb3Si15.5B7 alloy, at a slow heating

rate (7 K min−1), reveals a series of stepwise structural transfor-

mations consisting of endothermic peaks and more pronounced

exothermic peaks in the broad temperature range of 400–970 K (cf.

Fig. 1).

The broad exothermic maximum in the range of 400–500 K

is attributed to the structural relaxation processes. These pro-

cesses are followed by the Curie temperature around Tc = 550 K,

and by the glass transition at temperature Tg = 740 K. Study of

Tc during relaxation combined with some structural data may

lead to a better understanding of the process of clustering in the

amorphous phase preceding the nanocrystalline structure forma-

tion. The process of crystallization involves three well-defined

broad asymmetric exothermic peaks (Tk1 = 800 K, Tk2 = 896 K and

Tk3 = 966 K) indicating a stepwise process of the structural trans-

formations/crystallization of the alloy.

Fig. 2. FIB images of the cross sections of the samples at different stages of annealing:

(a) for early annealing stage at 693 K, (b) 753 K, and (c) for the highest annealing

temperature 1123 K (1 h dwell each).

XRD investigations of the as prepared Fe73.5Cu1Nb3Si15.5B7 alloy

confirmed the absence of long range ordering [2]. The FIB imaging

conducted in combination with EDX and EBSD analysis confirmed

the presence of Cu clusters and the formation of �-Fe–Si in the

early stages of annealing. Fig. 2a shows that small, embedded Cu
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Fig. 3. Cross section prepared using FIB technique (30 kV, 30 pA) of the specimen

heated at 1123 K for 24 h.

clusters are already present in the amorphous matrix at 693 K. The

Cu clusters as can be seen in the FIB image are present in the form

of small, bright, spherical particles distributed randomly along the

cross section of the sample. The randomly distributed dark shaded

regions (Fig. 2b) correspond to the �-Fe–Si phase.

XRD analysis of the sample annealed at 753 K confirmed that,

besides the amorphous fraction of the material, a crystalline �-

Fe–Si phase (FCC structure) was also present as the �-Fe3Si phase

(entry PDF 03-065-0146 in ICDD database). Our previous study

[2], explains microstructural transformations upon annealing in

more detail. It was found that structural composition remained

unchanged up to 873 K, when formation of the crystalline phase

FeCu4 (ICDD-PDF 03-065-7002) started. At 923 K, slow dissolution

of B and Nb atoms into the Fe matrix led to the formation of two new

phases: Fe16Nb6Si7 (ICDD-PDF 00-053-0459) and Fe2B (ICDD-PDF

00-036-1332). Annealing at 973 K gave rise to two phases in trace

amounts: Fe5Si3 (ICDD-PDF 03-065-3593) and Nb5Si3 (ICDD-PDF

03-065-2785).

As it can be seen from Fig. 2b and c the Cu clusters grow at the

expense of smaller Cu clusters.

The typical structure of the Fe73.5Cu1Nb3Si15.5B7 alloy, ther-

mally treated at 1123 K for 24 h, as resolved from the FIB image

(Fig. 3), consists of small, equi-axial grains with a homogeneous

distribution (1 �m in size and less). EDX analysis showed that the

bright twin-grain in the upper part of the sample surface is Cu

enriched.

Since the investigated sample was thermally treated at a com-

paratively high temperature for quite a long time it is very likely

that the Cu clusters, which were not associated with the FCC �-

Fe–Si crystallites in the beginning, grow at the expense of the

smaller Cu clusters. This process, called “Ostwald ripening”, is the

reason for such high purity of Cu grains. The applied EBSD anal-

ysis enabled the phase identification (Fig. 4) and confirmed that

randomly distributed Cu enriched grains (bright spots in the micro-

graph) have FCC structure.

XRD analysis (Fig. 5) shows that heating of the

Fe73.5Cu1Nb3Si15.5B7 alloy at 1123 K for 24 h resulted in a for-

mation of the following phases: Fe3Si, FeCu4, Fe16Nb6Si7, Fe2B,

Fe5Si3, and Nb5Si3. It should be noted that even the relatively large

Cu crystallites could not be detected by XRD analysis due to their

low amount, on average, in the material (around 1 at.%).

Fig. 4. The EBSD image from a Cu grain (corresponding Kikuchi lines).

The Fe–Cu–Nb–Si–B metallic glasses are known to be hard but

very brittle materials (Vickers hardness higher than 800 HV) [8].

This is a result of a large number of dislocations accompanied by a

reduction in ductility.

XRD data of alloys annealed in the temperature range of

273–1123 K showed that samples with the optimum properties

consisted of a nanocrystalline ferromagnetic �-Fe–Si solid phase

(volume fraction 60–65%) with an average grain size of 10 nm

embedded in an amorphous matrix. The increased formation of

�-Fe–Si nanocrystallites from the amorphous phase in the tem-

perature range of 753–873 K reduces the content of �-Fe and Si in

the remaining relaxed amorphous matrix. This evidently leads to

an increase in hardness (cf. Fig. 6). Furthermore, the particle size

of �-Fe–Si nanocrystallites is comparable to, or smaller than, the

thickness of the shear deformation band. For this reason, shear

deformation becomes more difficult in the mixed phase alloy con-

sisting of nanoscale �-Fe–Si embedded in an amorphous matrix,

Fig. 5. XRD pattern of Fe73.5Cu1Nb3Si15.5B7 alloy sample heated 24 h at 1123 K.
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Fig. 6. Vickers microhardness of Fe73.5Cu1Nb3Si15.5B7 alloy displayed as a function
of the annealing temperature and the crystallite size of �-Fe3Si phase. The measured
values of Vickers microhardness are denoted with a square symbol while the crys-
tallite size values as obtained from the Rietveld refinement are denoted with a ball
symbol.

than in a single amorphous phase, making the alloy becomes
stronger. A homogeneous dispersion of rigid particles free of defects
may act as an effective barrier against deformation of the amor-
phous matrix. The hardening behavior can be dominated by the
shear deformation mechanism when Dhkl < ı, where ı is an opti-
mal value [10,11]. In the second stage (Dhkl > ı, T > 873 K) when the
hardness of the alloy starts to decrease, the hardening behavior is
determined by the dislocation density. The corresponding values
are presented in Table 4 in our previous work in this journal [2]. It
was found, that the microhardness decreases with increased crys-
tallite size (Dhkl > 10 nm). The optimum crystallite size of �-Fe–Si
particles is 10 nm, the optimum annealing temperature is 873 K.

4. Conclusions

In the early annealing stage, the amorphous alloy
Fe73.5Cu1Nb3Si15.5B7 undergoes a specific nucleation process
where Cu clusters precipitate from the amorphous matrix. Fur-
ther heating initiates partial crystallization through formation of

�-Fe–Si nanocrystallites in intimate contact with Cu clusters. The
presence of Cu clusters and formation of �-Fe–Si nanocrystallites
at early annealing stages is shown using FIB imaging. The Kikuchi
lines analysis confirmed randomly distributed Cu enriched grains
with FCC structure. It was found that the hardening process
consists of two stages. For T < 873 K and Dhkl < 10 nm, the hardening
behavior is controlled by a shear deformation mechanism in the
amorphous matrix. The nanoscale �-Fe–Si particles homoge-
neously dispersed in the amorphous matrix act as an effective
resistance to suppress shear sliding of the amorphous matrix. For
T > 873 K and Dhkl > 10 nm, the hardening behavior is dominated by
the dislocations movement, which in conjunction with appearance
of the other crystalline phases upon annealing leads to the decrease
of hardness with increase of crystallite size Dhkl. The optimum
crystallite size of �-Fe–Si particle is 10 nm.
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a b s t r a c t

As a result of the preparation process of Fe81Si4B13C2 amorphous alloy ribbon, a difference has been

observed between the opposite sides of the ribbon in microstructure and surface morphology. Influence of

these differences on thermally induced structural transformations was studied. Thermal treatment below

600 ◦C had a significant influence on the evolution of the microstructure, as well as phase composition of

individual sides of the ribbon. Treatment at higher temperatures caused the microstructural differences

between two sides to decrease significantly. Phase composition of the alloy samples showed the opposite

trend: the differences observed were the greatest in the fully crystallized alloy, after treatment at 700 ◦C.

These differences are the result of different numbers of nucleation sites for Fe2B phase on respective sides

of the ribbon, leading to 30% difference in its content on different sides in the fully crystallized alloy.

1. Introduction

Iron-based amorphous alloys have been a focus of consider-

able scientific interest in recent times, both from fundamental and

practical point of view. Their main features are homogenous and

isotropic structure and isotropic physical and mechanical proper-

ties. Their good soft magnetic properties [1] are mainly determined

by magneto-elastic and annealing-induced microstructure [2], and

they are also characterized by high corrosion resistance and good

mechanical properties [3], making them suitable for use in a variety

of applications [4,5]. There is some evidence that vacuum anneal-

ing, by provoking crystallization and surface reformation, improves

corrosion resistance in iron-based amorphous alloys [6] and com-

mercial soft magnetic nanocrystalline materials have recently been

successfully obtained by crystallization of amorphous precursors

[7]. Processes of crystallization [8,9] and amorphization [10] in

iron based amorphous alloys have been studied in some detail,

as well as how they are affected by mechanical treatment [11].

These materials are characterized by a microstructure of nanocrys-

tals embedded into an amorphous matrix, exhibiting superior soft

magnetic [12–14] and mechanical properties to both amorphous

and crystalline magnetic alloys. The presence of metalloid atoms,

in addition to improving glass forming ability of iron-based alloys,

∗ Corresponding author. Tel.: +381 11 3336 689.

E-mail addresses: dminic@ffh.bg.ac.rs, dminic2003@yahoo.com,

drminic@gmail.com (D.M. Minić).

typically enhances their hardness [15], while suppression of surface

crystallization enhances magnetic properties [16].

As a part of a multidisciplinary study of thermally induced

structural transformations of iron-based amorphous alloys and

the correlations with their properties, we have been investigating

Fe81Si4B13C2 amorphous alloy. A kinetic study of its crystallization

indicates a complex process, with overlapping steps of nucleation

and crystal growth [17,18]. The growth of �-Fe crystallites is three-

dimensional [19], while nucleation occurs at a constant rate. It

was also found that structural changes have a significant effect on

magnetic and electrical properties of the alloy [20–22]. Mechanical

properties were influenced mostly by changes in microstructure

caused by thermal treatment [23], while changes in phase com-

position of the alloy after thermal treatment had no observable

influence on the change of the mechanical properties. All of these

studies treated macroscopic properties of Fe81Si4B13C2 amorphous

alloy and correlated them with thermally induced changes in struc-

ture and composition.

When compared to bulk metallic glasses, amorphous alloy rib-

bons produced by rapid quenching of the melt represent a specific

challenge. It is known that the preparation process creates some

structural inhomogeneities, which are mostly pronounced on the

ribbon surface, and different sides of the ribbon exhibit different

properties, like reflectivity. However, there have been no studies,

to the best of our knowledge, focused on the differences in com-

position and microstructure of the two sides and their potential

consequences on thermally induced structural transformations of

this alloy. Since we have established the importance of the ther-

mally induced microstructural changes to the change in properties

doi:10.1016/j.matchemphys.2011.08.018
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Fig. 1. XRD spectra of as-prepared Fe81Si4B13C2 amorphous alloy.

of the alloy, the next logical step was to investigate how these

microstructural changes are affected by inhomogeneities produced

by the preparation process of the amorphous alloy.

2. Experimental

Fe81Si4B13C2 amorphous alloy was prepared in the form of ribbon, 2 cm wide

and 35 �m thick, using the standard procedure of rapid quenching of a melt on a

rotating disc (melt spinning method). The samples of ribbon were heated, in a quartz

ampoule in vacuum, at different temperatures (up to 700 ◦C) for 30 min and then

left to cool down to room temperature, before investigating their properties.

The X-ray diffraction (XRD) patterns were recorded on an X’Pert PROMPD

diffractometer from PANalytical with CoK� radiation operated at 40 kVand 30 mA.

For routine characterization, diffraction data were collected in the range of 2�

Bragg angles (15–135◦ , step 0.0081). All XRD measurements were performed on

the contact side (also known as matte or fishy) of the ribbon samples at ambient

temperature. For the qualitative determination of phase composition of the crystal-

lized alloy samples the JCPDS-PDF database was used. For a quantitative analysis and

determination of crystallite size the TOPAS V3 general profile and structure analysis

software for powder diffraction data was used [24]. Dislocation density was obtained

from the Rietveld analysis, while microstrain was calculated using Williamson–Hall

method [25], using the XRD data. Lattice parameters obtained through XRD spec-

tra were used to calculate the unit cell volumes, which were then compared to the

standard values in JCPDS database.

SEM images were obtained using XL 30 ESEM-FEG (Environmental Scanning

Microscope with Field Emission Gun, by FEI, Netherlands), with 10 kV acceleration

voltage.

Fig. 3. Peak assignments to individual phases in Fe81Si4B13C2 amorphous alloy

sample after treatment at 700 ◦C (indexed planes were used for calculation of pref-

erential orientation).

3. Results and discussion

During the preparation process of the amorphous alloy ribbon,

one of the sides is in direct contact with the cooled rotating disc

(fishy or matte side), while the other is in inert atmosphere (shiny

side). As a result, free surface experiences slightly slower cooling

rate and has a stronger tendency to crystallize. The consequence

is that the two sides of the ribbon show an easily observable dif-

ference in reflectivity, surface morphology and microstructure, as

can be seen in X-ray diffraction (XRD) spectra (Figs. 1–3) as well

as SEM images (Fig. 4) of the samples of the as-prepared alloy and

thermally treated samples.

XRD spectra of the alloy ribbon, Figs. 1 and 2, show that there

is a significant difference between the two sides of the ribbon in

the as-prepared, as well as thermally treated alloy samples. The

as-prepared alloy already exhibits a degree of crystallinity, which

was estimated, according to Mössbauer spectra, to be equivalent

to around 5% of the total number of Fe-atoms [20]. XRD data are

limited to the depth of several microns of each side of the ribbon,

considering the capabilities of XRD as a method. XRD spectra of

matte and shiny side of as-prepared alloy (Fig. 1) both show a broad

spread halo around 53◦, corresponding to domains of short-range

Fig. 2. XRD spectra of Fe81Si4B13C2 amorphous alloy after thermal treatment.
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Fig. 4. SEM images of both sides of Fe81Si4B13C2 amorphous alloy samples (a, b: as-prepared; c, d: 500 ◦C; e, f: 700 ◦C).

ordering in the sample. The position of the spread halo corresponds

to approximate position of Fe3Si peak and, using the Scherrer equa-

tion, we estimated the size of these domains to be 1–1.5 nm on

both sides of the ribbon. In addition, XRD spectra of the two sides

show a different number of sharp crystalline peaks, which have dif-

ferent respective intensities depending on the side. This indicates

that the two sides have significantly different phase composition,

microstructure and preferred crystallite orientation. Crystalline

peaks on the shiny side appear at positions around 37◦, 69◦ and 78◦,

while the matte side exhibits only the peak around 78◦. Shiny side

appears to be more crystalline than matte side, with intensity of

peak around 78◦ being about 8 times higher (Fig. 1). The nanocrys-

talline phase can be identified as �-Fe [JCPDS-PDF 06-0696] on

matte side and a mixture of �-Fe and Fe3Si [JCPDS-PDF 42-1239]

on shiny side, with �-Fe being the major component. The entire

structure could best be described as a combination of a small num-

ber of nanocrystals and short-range ordered domains dispersed in

an amorphous matrix, which determines physical properties of the

alloy [20–23].

The appearance of domains of short-range ordering in

Fe81B13Si4C2 amorphous alloy is in agreement with recent

theoretical studies of iron-based binary systems, which predict

existence of short-range ordering in iron-based amorphous alloys

[26]. Crystal structures of �-Fe and Fe3Si are closely related, with

both of them being a cubic system. However, Fe3Si lattice is com-

posed of four sub-lattices: three composed of iron atoms and one

of silicon atoms. Therefore, Fe3Si unit cell is approximately dou-

ble the size of the unit cell of �-Fe: lattice constant is 5.6533 Å in

Fe3Si [JCPDS-PDF 42-1239], compared to 2.8664 Å in �-Fe [JCPDS-

PDF 06-0696]. The similarities in their crystal structure can create

favorable conditions for nucleation of Fe3Si on the surface of �-Fe

and can make it difficult to distinguish one from another for the

purposes of quantitative analysis of the XRD spectra.

X-ray diffraction (XRD) spectra of the alloy ribbon samples

(Fig. 2) show that thermal treatment (200–700 ◦C) caused a series

of structural transformations of the amorphous alloy, involving

the formation of multiple crystalline phases. The short-range

crystalline ordering observed in as-prepared alloy gives way to

long-range crystal structure, which is manifested by disappear-

ance of broad spread halo around 53◦. Differences between the

two sides of the ribbon have some effect on the crystallization pro-

cess after thermal treatment, as exhibited in differences in phase
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D.M. Minić et al. / Materials Chemistry and Physics 130 (2011) 980–985 983

Table 1

Phase composition obtained by analysis of XRD data, with overall mass percentage of boron in Fe2B and Fe3B.

Temperature (◦C) �-Fe + Fe3Si(%) Fe2B(%) Fe3B(%) B(%) �-Fe + Fe3Si(%) Fe2B(%) Fe3B(%) B(%)

Matte Shiny

500 83.99 8.25 7.76 1.20 83.36 5.67 10.98 1.17

550 87.99 8.26 3.75 0.96 88.37 8.11 3.53 0.93

600 86.26 9.86 3.88 1.11 89.36 7.55 3.09 0.85

700 86.98 13.02 – 1.15 90.43 9.57 – 0.85

compositions and microstructural parameters of the two sides. This

can be observed, particularly, in different behavior of the peaks

around 37◦ and 78◦ on different sides of the ribbon after thermal

treatment. The peak around 37◦ exhibits much greater increase

in intensity on shiny side than on matte, while peak around 78◦

exhibits significant fluctuations in intensity on shiny side, while

exhibiting steady increase in intensity on matte side, indicating

differences in microstructure of individual sides. The crystalline

phases that were observed on both sides, after thermal treat-

ment, were the stable �-Fe, Fe3Si and Fe2B, as well as metastable

Fe3B (Table 1). Peak assignments of individual phases for the fully

crystallized alloy are given in Fig. 3. Thermal treatment at higher

temperatures caused rapid crystal growth and disappearance of

metastable Fe3B phase. After thermal treatment at 700 ◦C, the alloy

ribbon sample was fully crystallized and composed of interdis-

persed nanocrystals of three crystalline phases: �-Fe, Fe3Si and

Fe2B.

Rietveld analysis of XRD spectra yielded phase composition of

the crystalline portion of the samples (Table 1). Individual phase

contributions of �-Fe and Fe3Si could not be completely separated,

because of the overlap of their peaks, so we have determined their

joint phase contribution. Table 1 also includes total contribution of

boron calculated from the mass content of two boron-containing

phases. The phase composition of as-prepared alloy shows that

shiny side has higher percentage of metastable Fe3B phase, but

lower percentage of the stable Fe2B phase. The phase content of

Fe3B declines in two steps, with increase in heating temperature,

to disappear completely after thermal treatment at 650 ◦C. The first

sharp decrease in percentage of Fe3B (550 ◦C) coincides with an

increase in percentage of combined �-Fe and Fe3Si. After thermal

treatment at 650 ◦C, Fe3B phase disappears completely, and this

coincides with an increase in phase content of Fe2B. After heating at

700 ◦C, the final phase composition shows that matte side contains

30% more of crystalline Fe2B than the shiny side, indicating that the

differences in the final phase composition are a direct consequence

of different structural inhomogeneities in the as-prepared alloy.

3.1. Surface morphology

Having already observed a significant difference in reflectivity

and established a difference in microstructure between individual

sides of the ribbon, surface morphology of each side was further

investigated using SEM and the analysis of preferential crystal-

lite orientation from XRD spectra. SEM images (Fig. 4) show the

surface on each side, which changes after thermal treatment at dif-

ferent temperatures. Matte side appears to have a higher degree

of roughness than shiny side. Surface changed from slight rough-

ness in as-prepared alloy to observable granulation on both sides

after treatment at 700 ◦C. Twin structure, involving regions of dif-

ferent degrees of surface granulation, present on both sides after

treatment at 700 ◦C, is more visible on the shiny side and the grains

on the matte side are more dispersed. The shiny side shows much

clearer border between the two regions of different degrees of gran-

ulation.

Different ratios of relative intensities of individual peaks in XRD

spectra of thermally treated alloy samples, depending on the side

of the ribbon, create an opportunity to study the preferential ori-

entation of crystallites of individual phases to the depth of several

microns. The analysis of crystallite orientation, based on the relative

intensities of peaks corresponding to different crystalline planes,

on the two sides of the ribbon for Fe3Si and �-Fe crystallites is pre-

sented in Fig. 5. In the as-prepared alloy, Fe3Si and �-Fe crystallites

on the shiny side are oriented preferentially parallel to (1 0 0) direc-

tion, while those on the matte side are not. This could be the reason

for the observed higher reflectivity of the shiny side of the ribbon.

After thermal treatment at 550 ◦C, the degree of preferential ori-

entation on the shiny side increases significantly in both �-Fe and

Fe3Si phase. On the matte side, we also see an increase in preferen-

tial orientation of both phases, albeit to a much lesser degree. All of

these suggest asymmetric growth of the crystallites in this region of

temperatures. After treatment at higher temperatures, the degree

of preferential orientation on shiny side decreased, although, the

degree of orientation of Fe3Si remained relatively high. On the

matte side, preferential orientation becomes almost non-existent.

This suggests that the crystallites were growing in a more symmet-

rical manner in this region of temperatures. This could be the reason

for decreased difference in texture of the surface, as observed in

SEM images (Fig. 4).

3.2. Analysis of the microstructure

In order to complement the analysis of surface morphology,

structural transformations can also be observed through changes

in the microstructural parameters of the alloy ribbon samples

after thermal treatment. Microstructural parameters (average crys-

tal size, dislocation density and microstrain) were determined

using Rietveld analysis of XRD spectra (Table 2, Fig. 6), using

changes in positions and full-widths at half-maxima of the peaks

of individual phases. The evolution of average crystal sizes for

the respective phases shows that while there is some differ-

ence between shiny and matte side of the ribbon at the onset of

crystallization, those differences become almost negligible after

heating at 700 ◦C. On closer examination, Fe3Si and �-Fe phases

have lower crystal sizes on the matte side, at heating tempera-

tures of 500 ◦C and below, and then grow faster than they do on

the shiny side. As a consequence, crystal sizes of Fe3Si and �-

Fe, respectively, at the end of crystallization are almost the same

on both sides of the ribbon. The evolution of average crystal size

of Fe2B shows the same trend of smaller initial crystal size and

then faster crystal growth on the matte side, with increase in

temperature. Metastable Fe3B phase shows the same trend with

regards to growth, except, it had a higher average crystal size

on the matte side, after the sample was treated at 500 ◦C. After

treatment at 700 ◦C, we observed that the average crystal size of

Fe2B was slightly larger on the shiny side, even though its phase

content on the matte side was 30% higher. This indicates that, dur-

ing crystallization, a larger number of nuclei of Fe2B are formed

on the matte side, leading, at the end of crystallization, to larger

number of smaller crystallites. On shiny side, smaller number of

nuclei means that boron incorporated back onto �-Fe/Fe3Si. This

is supported by changes in boron content of two boron-containing

phases (Table 1), which shows that, after treatment at 600 ◦C, boron
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Fig. 5. Preferred crystallite orientation in Fe3Si (left) and �-Fe (right), normalized to respective peak ratios in the reference powder diffraction spectra.

Table 2

Microstructural parameters of the alloy samples after thermal treatment.

Temperature(◦C) �-Fe Fe3Si Fe2B Fe3B �-Fe Fe3Si Fe2B Fe3B

Matte Shiny

Average crystal size (nm)

25 26.2 – – – 36.9 – – –

200 24.6 – – – 36.5 – – –

450 19.7 – – – 32.9 – – –

500 26.7 22.3 49.3 16 33.1 35.1 37.3 15.8

550 32.1 35.4 90.6 46.4 36.4 45.6 82.7 44.8

600 38.6 51.6 97.7 56.6 39.0 52.7 111.1 67.7

700 44.6 71.9 107.5 – 44.9 67.5 133.5 –

Dislocation density (1015 m−2)

25 4.37 – – – 2.2 – – –

200 4.96 – – – 2.25 – – –

450 7.73 – – – 2.77 – – –

500 4.21 6.03 1.23 11.72 2.74 2.43 2.16 12.02

550 2.91 2.39 0.37 1.39 2.26 1.44 0.44 1.50

600 2.01 1.13 0.31 0.94 1.97 1.08 0.24 0.66

700 1.51 0.58 0.26 – 1.49 0.66 0.17 –

Fig. 6. Thermally induced changes to microstrain (left) and unit cell volume (right) in Fe3Si and �-Fe phases.
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content on matte side increased, while boron content on the shiny

side decreased.

Change in dislocation density (Table 2) shows that matte side

exhibited, in general, higher dislocation density in as-prepared

alloy and after thermal treatment. The differences diminished with

increase in heating temperature and, after treatment at 700 ◦C, the

two sides of the alloy ribbon exhibited very similar dislocation den-

sities. The maximum in dislocation density is observed, on both

sides, after annealing at 450 ◦C. This indicates that the probable

cause of this is the onset of crystallization and nucleation of Fe3Si

on the surface of �-Fe crystals.

Microstrain in �-Fe and Fe3Si phases changes differently,

depending on the side of the ribbon (Fig. 6 left). In the as-prepared

alloy and before the onset of crystallization, microstrain of �-Fe

on the matte side is higher than on the shiny side. In the early

stage of crystallization, microstrain on both sides increases during

nucleation stage of the crystallization process. After thermal treat-

ment at higher temperatures, a difference in change in microstrain

on the two sides of the ribbon can easily be observed, in both �-

Fe and Fe3Si phases. On shiny side, microstrain decreases faster

with increase in heating temperature than on the matte side, after

treatment up to 600 ◦C. After the sample was treated at 700 ◦C,

microstrain decreased quickly on the matte side and reached simi-

lar value to the microstrain on the shiny side. Differences in �-Fe are

less pronounced than in Fe3Si, because, at the onset of crystalliza-

tion, �-Fe already had formed larger crystals. All of these indicate

that the growth of crystallites of both �-Fe and Fe3Si depends on

the initial microstructure of respective sides of the ribbon. Only

after the thermal treatment at 700 ◦C, the two sides of the ribbon

became similar. The changes in microstrain can be correlated to the

decrease in preferential orientation of crystallites (Fig. 5) and the

increase in average crystal size (Table 2).

The trends observed in changes of microstructural parameters

have also been observed in change of the unit cell volume for �-Fe

and Fe3Si phases (Fig. 6 right). The change of the unit cell vol-

ume was positive for �-Fe and negative for Fe3Si phase. �-Fe phase

showed somewhat different behavior on different sides of the rib-

bon before the onset of crystallization, but afterwards, it behaved

very similarly on both sides. Fe3Si showed different trends in the

early stage of crystallization, but, after treatment at higher temper-

atures, unit cell volume of crystallites on both sides of the ribbon

decreased. The decrease was faster on shiny side, especially going

from 550 to 600 ◦C. This indicates that thermal treatment improved

ordering of atoms in Fe3Si lattice.

4. Conclusion

The preparation process of amorphous alloy ribbons, involv-

ing rapid quenching of the melt, had a significant influence on

the microstructure, causing a degree of inhomogeneity, which

manifested as the differences between individual sides of the

ribbon. These were reflected on thermally induced structural

transformations of the alloy, resulting in different microstruc-

tural characteristics and composition of individual sides of alloy

ribbon. Detailed analysis of XRD spectra of both sides showed

that different sides of the as-prepared ribbon exhibited differ-

ences in degree of crystallinity, crystallite orientation and surface

morphology. Behavior of each individual side was observed after

thermal treatment at temperatures in 200–700 ◦C range as the

amorphous alloy undergoes a series of structural transformations.

Differences in preferential crystallite orientation and surface mor-

phology increased after thermal treatment at temperatures below

600 ◦C and decreased after thermal treatment at higher temper-

atures to become negligible in the fully crystallized alloy. The

behavior after treatment below 600 ◦C is a consequence of initial

differences in microstructure of the two sides of as-prepared alloy.

On the other hand, the difference in phase composition was the

greatest after thermal treatment at 700 ◦C, with matte side hav-

ing 30% more Fe2B phase than the shiny side. The differences in

the fully crystallized alloy are the consequence of different number

of nucleation sites for Fe2B on matte and shiny side, respectively,

caused by the inhomogeneity of the as-prepared alloy ribbon.
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a b s t r a c t

The kinetics of structural transformations of the Fe75Ni2Si8B13C2 amorphous alloy under non-isothermal

conditions was studied. It was shown that the amorphous alloy was stable up to 723 K, when multi-

step structural transformations start, involving formation of stable �-Fe(Si) and Fe2B crystalline phases,

and a metastable Fe15Si3B2 phase, their growth and the decomposition of the metastable phase into

the two stable phases. Peakfit software was used to resolve the overlapping peaks corresponding to

different crystallization steps, at different heating rates. The kinetic parameters corresponding to each of

the steps were evaluated and kinetic triplet for every single step was established (g(˛) = [−ln(1 − ˛)]1/3,

Ea = 375.1 ± 0.8 kJ/mol and ln A = 56.2 ± 1.0 for step 1; Ea = 341.6 ± 0.5 kJ/mol and ln A = 49.3 ± 0.5 for step

2). The effects of structural transformations on the established kinetic model were discussed in detail.

1. Introduction

Metallic glasses are kinetically and thermodynamically

metastable materials. They are usually stable at room tem-

perature and transform to more stable crystal forms at higher

temperatures [1]. Due to their excellent soft magnetic properties,

such as high saturation magnetization, high permeability, low

coercivity and loss, these materials are used in many different

applications, such as power devices, information technology,

magnetic sensors, anti-theft security systems [2,3]. The change in

structure can lead to change in their technologically important

properties, such as the heat capacity, electrical resistivity, volume

and magnetic properties [4–7]. This can, sometimes, improve

their performance, but it can also deteriorate it, making them

suitable for single-use only. This makes it important to study

kinetics of phase transformations induced by thermal treatment

of amorphous alloys.

Our research of Fe-based amorphous alloys showed that, at high

temperatures, thermally treated amorphous alloys undergo single-

or multi-step processes of structural phase transformations. The

kinetics of these processes was investigated in detail [8,9]. We

also studied the structural transformations of the Fe75Ni2Si8B13C2

amorphous alloy under non-isothermal as well as under isother-

∗ Corresponding author. Tel.: +381 11 3336 689.

E-mail addresses: dminic@ffh.bg.ac.rs, drminic@gmail.com (D.M. Minić).

mal conditions [10]. These studies showed that the Fe75Ni2Si8B13C2

amorphous alloy was stable up to the temperature of 723 K when

multi-step structural transformations began. The primary crystal-

lization already started at 723 K with formation of �-Fe(Si) phase

in the amorphous matrix. At higher temperatures (between 780

and 800 K) we detected the presence of the boron–iron–silicon

phase (B2Fe15Si3) as well as the iron–boron (Fe2B) phase. Above

870 K only two phases, Fe3Si and Fe2B, were detected. The present

paper is concerned with the study the non-isothermal mechanism

and kinetics of multi-step processes of structural transformations

of Fe75Ni2Si8B13C2 amorphous alloy in 293–1273 K temperature

range, with particular emphasis on correlation of structural trans-

formations and the kinetic parameters.

2. Experimental procedure

2.1. Materials and techniques

The ribbon-shaped samples of Fe75Ni2Si8B13C2 amorphous alloy

(2 cm wide and 35 �m thick) were obtained using the standard

procedure of rapid quenching of the melt on a rotating disc (melt-

spinning method).

The thermal stability of the alloy as well as its structural trans-

formations have been investigated by the differential scanning

calorimetry (DSC) in a nitrogen atmosphere using a DSC-50 ana-

lyzer (Shimadzu, Japan). In this case, samples weighing several

milligrams were heated in the DSC cell from room temperature

doi:10.1016/j.tca.2011.02.040
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84 D.G. Minić et al. / Thermochimica Acta 519 (2011) 83–89

to 973 K in a stream of nitrogen with a flow rate of 20 ml min−1

at different heating rates. The overlapping exo-peak was resolved

using Peakfit software version 4.11 [11,12]. The peak resolution was

conducted using a combination of Gaussian and Lorentzian func-

tions. Only the fitted peaks with correlation factor R2 > 0.995 were

accepted as a good fit.

2.2. Solid-state kinetic analysis

All kinetic analyses of solid-state transformations are based on

a single-step kinetic equation:

d˛

dt
= k(T)f (˛) (1)

where k(T) is the rate constant, t is the time, T is the temperature, ˛ is

the fractional extent of reaction (rate conversion), and f(˛) is a con-

version function (kinetic model) which depends on the particular

reaction model.

The temperature dependence of the rate conversion is intro-

duced by replacing k(T) with the Arrhenius equation, which gives

the relation:

d˛

dt
= A exp

(

−
E

RT

)

f (˛) (2)

where A (pre-exponential factor) and E (activation energy) are the

Arrhenius parameters and R is the gas constant.

Kinetic description of solid state transformations usually

includes a kinetic triplet, involving Arrhenius parameters (activa-

tion energy, E and pre-exponential factor, A) as well as an algebraic

expression of the conversion function, f(˛) describing the depen-

dence of the reaction rate on the conversion degree, ˛.

In solid state reactions, the constant value of activation energy

can be expected only for a single-step reaction and E in Eq. (2)

becomes an apparent quantity (Ea), based on a quasi-single-step

reaction. In non-isothermal measurements at constant heating rate,

ˇ, Eq. (2) transforms to:

ˇ
d˛

dT
= A exp

(

−
Ea

RT

)

f (˛) (3)

where d˛/dt ≡ ˇ(d˛/dT).

The rate conversion d˛/dt is proportional to the measured spe-

cific heat flow ˚, normalized per sample mass (W g−1):

d˛

dt
=

�

�H
(4)

where �H corresponds to the total enthalpy change associated

with the solid-state transformations. The fractional extent of

reaction ˛ can easily be obtained by partial integration of non-

isothermal thermal analysis curve.

3. Results and discussion

3.1. Thermal behavior and structural transformations induced by

thermal treatment

As-prepared Fe75Ni2Si8B13C2 alloy is stable up to a tempera-

ture of 723 K when the multi-step crystallization begins, exhibiting

overlapping crystallization peaks in DSC (Fig. 1), between 790 and

900 K, depending on the heating rate [10].

The appearance of such overlapping peaks in the process of crys-

tallization of amorphous alloys could be provoked by several stages

of crystallization of compounds involving different constituents,

produced during a reaction, or by crystallization of compounds

involving same constituents in several different stoichiometries.

The overlapping peaks can also indicate that the nucleation and

growth of crystals take place simultaneously. In overlapping peaks,

there are intervals where the experimental data corresponds only

Fig. 1. DSC curves of alloy at different heating rates.

to the summed values of multiple individual steps, rather than to

any individual step in particular. If the overlap is negligible (the sec-

ond step begins as first one is almost finished) this can be ignored,

but when the degree of overlap is significant (in simultaneous

steps) it is necessary to resolve the complex peaks.

The resolution of the complex peaks yielded two well separated

peaks for heating rate 5 K min−1 and three for the higher heating

rates (Fig. 2).

Fig. 2a and b shows the experimental (dashed lines) and resolved

DSC curves (solid lines) at heating rates 5 and 10 K min−1, respec-

tively. The changes in intensities and characteristic temperatures

with the heating rate indicate that the heating rate has a signifi-

cant influence on the crystallization process. As the heating rate is

increased, the intensities of all DSC peaks increase and they shift to

higher temperatures, indicating thermal activation of the observed

steps of the crystallization process. The ratios of peak intensities

and the intervals between the peaks change with the increasing

heating rate, as the activation energies of individual crystallization

steps are different.

The overall activation energy of different crystallization steps,

as well as the pre-exponential factors under linear heating condi-

tions were determined by the Kissinger’s, as well as the Ozawa’s

peak methods, based on the dependence of exothermic peak tem-

perature Tp on heating rate ˇ [13,14], Table 1. When compared to

our previous study of this system, conducted using Kissinger’s and

Ozawa’s methods on unresolved peaks [10], the values obtained

for resolved peaks are slightly lower, but they are within the range

of experimental error of those data. The resolution of peaks, how-

ever, resulted in much lower experimental error, when compared

to analysis of unresolved peaks.

The high values of the apparent activation energy of crystal-

lization of amorphous alloy indicate primarily the high complexity

of these processes, as well as the fact that a lot of atoms are

involved in an elementary step of structural reorganization. The

errors were determined as a root-square deviation multiplied on

Student’s coefficient for the probability of 0.95.

3.2. Determination of kinetic triplets

In order to establish kinetic description of the crystallization

process, we applied “the model free”, as well as “the model fitting”

method. The fraction extent of reaction, ˛, at any temperature, T, for

all crystallization steps was obtained as ˛ = ST/S, where S is the total

area of the exothermal curve between the temperature Ti, where

the crystallization is just beginning, and the temperature Tf, where

the crystallization is completed. ST is the area between the initial
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Fig. 2. The resolved DSC peaks for heating rates (a) 5 K min−1 and (b) 10 K min−1 .

temperature and a generic temperature, T, ranging between Ti and

Tf.

3.2.1. Model free approach

The model-free approach, also known as “isoconversion

method”, requires determination of the temperature T˛ at which

an equivalent stage of the reaction occurs for various heating rates.

The widely accepted procedure, giving the influence of fractional

extent of reaction, ˛, on the values of kinetic parameters, is the

Flynn–Wall–Ozawa’s (FWO) method [15,16] in the form:

ln ˇ = ln

(

AEa,˛

Rg(˛)

)

− 1.0518
Ea,˛

RT˛
(5)

where g(˛) is the integral form of the conversion function f(˛), and

defined as g(˛) =
∫

(d˛)/(f(˛)).

In accordance with Eq. (5), the dependence of ln ˇ on 1/T allows

us to determine apparent activation energy, even without the

knowledge of the correct conversion function. The values of the

apparent activation energies, calculated from the slope of this

dependence, and intercepts, are shown in Fig. 3 as a function of

the conversion degree. It can be observed that, for the first two

crystallization steps, the determined apparent activation energies,

as well as intercepts of obtained dependences, are practically con-

stant in ˛ range of 0.3–0.8 indicating a single step processes. The

continuous decrease in the dependences of the third step indicates

a complex process, which could not be considered as a single step

[17]. Accordingly, it is not possible to determine the unique kinetic

triplet for this step. The same shape of obtained dependences sug-

gests that the apparent activation energy as well as the intercepts

depend in the same way on the fraction extent of the considered

processes.

3.2.2. Model fitting approach

Taking into account that the first two crystallization steps can

be treated as single step processes, we used model fitting method,

applying the Coats–Redfern method [18] for different forms of

conversion functions for solid state reactions, to determine the

kinetic triplets for the first two crystallization steps. The criterion

for choosing the right conversion function was the linearity cor-

relation factor, R2, of dependence f(˛) = f(1/T) at different heating

rates for individual steps, Table 2.

Although all correlation coefficients R2 (Table 2) are very close

to 1, the Arrhenius parameters for applied heating rates are highly

variable, exhibiting strong dependence on the selected conver-

sion function. This means that, under non-isothermal conditions,

˛ = f(T) curves and Coats–Redfern’s method do not permit us to

determine the true kinetic parameters as well as the correct con-

version function. This is due to the fact that kinetic curves contain

information about the temperature and conversion components in

non-separate form. In order to find the true conversion functions

for first and second step of crystallization, we have chosen the val-

ues of apparent activation energies determined using Kissinger’s

method and applied some additional criteria, such as the indepen-

dence of the activation parameters on the heating rate [19], master

plot method [20] and analysis of two new functions defined by

Málek [21–23].

In order to determine which of the conversion functions pre-

sented in Table 2 best corresponds to the first and the second

crystallization step, we first applied the criterion of the inde-

pendence of activation parameters on the heating rates on the

conversion functions. According to this criterion [19], for the correct

proposed conversion function, the following should be true:

ln

(

ˇg(˛)

T2

)

= ln

(

AR

Ea

)

−
Ea

RT
(6)

where g(˛) is the integral form of kinetic model, defined as:

g(˛) =

∫ ˛

0

d˛

f (˛)
=

ZEa

Rˇ
p(x); p(x) =

∫ x

0

exp(−x)

x2
dx; x =

Ea

RT

Using Eq. (6) for different conversion functions, Table 2, we tested

the applicability of the criterion of the independence of acti-

Table 1

Kinetic parameters for the three crystallization steps determined by Kissinger and Ozawa methods.

Overall values Step 1 Step 2 Step 3

Kissinger Ozawa Kissinger Ozawa Kissinger Ozawa

Ea [kJ mol−1] 375.1 ± 0.8 388.7 ± 0.8 341.6 ± 0.5 355.4 ± 0.5 330 ± 10 344.7 ± 10

ln A 56.2 ± 1.0 49.1 ± 0.1 49.3 ± 0.5 43.4 ± 0.5 47 ± 12 41 ± 12

R 0.999 0.999 0.999 0.999 0.972 0.974
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Fig. 3. Dependence of apparent activation energies Ea (a) and intercepts (b) on the conversion degree for different crystallization steps.

vation parameters on the heating rate. As a result, Fig. 4c, we

obtained satisfactory linearity only for JMA model in the form

g(˛) =[− ln(1 − ˛)]1/n where n = 3 for both steps of crystallization

occurring as single-step processes is the most satisfactory.

Further verification of the applicability of this conversion func-

tion was conducted using Málek’s [21–23] and master plot [20]

methods. In order to apply Malek’s method, we tested our exper-

imental data using two special functions, y(˛) and z(˛). For JMA

model, y(˛) and z(˛) functions have a convex shape, the max-

imum values being designated as ˛∗
y and ˛∗

z, respectively. For

practical reasons these functions are usually normalized within

[0,1] range. In non-isothermal conditions, these functions are

Table 2

Apparent parameters obtained by using the Coats–Redfern equation for different kinetic models at different heating rates.

Conversion

function

J

ˇ = 5 ◦C min−1 ˇ = 10 ◦C min−1 ˇ = 20 ◦C min−1 ˇ = 40 ◦C min−1

ln A (min−1) Ea (kJ mol−1) R2 ln A (min−1) Ea

(kJ mol−1)

R2 ln A

(min−1)

Ea

(kJ mol−1)

R2 ln A

(min−1)

Ea

(kJ mol−1)

R2

Peak 1 P4 37.5 261.2 0.984 33.4 233.2 0.986 33.9 234.5 0.981 21.3 148.9 0.982

P3 50.9 349.1 0.984 45.4 312.1 0.986 45.7 313.9 0.982 29.1 201.0 0.983

P2 76.9 535.8 0.985 69.8 479.9 0.987 70.7 482.7 0.982 45.4 311.6 0.984

A3/2 128.2 859.0 0.994 112.8 761.9 0.990 114.6 778.8 0.991 72.0 492.1 0.987

A2 96.3 647.5 0.991 84.8 573.9 0.990 86.3 586.7 0.991 54.1 369.4 0.987

A3 62.9 426.8 0.991 55.4 377.7 0.990 56.6 386.1 0.991 35.2 241.4 0.986

A4 46.2 317.1 0.990 40.7 280.2 0.990 41.8 286.5 0.991 25.8 177.8 0.986

R1 161.9 1085.0 0.985 143.9 973.3 0.987 143.6 979.0 0.983 92.8 637.1 0.984

R2 185.1 1242.6 0.985 164.4 1114.1 0.994 164.2 1122.2 0.991 105.9 730.2 0.992

R3 193.7 1301.7 0.993 171.9 1166.9 0.996 171.7 1176.0 0.993 110.6 765.1 0.994

D1 326.5 2183.4 0.985 290.0 1960.2 0.987 288.7 1971.7 0.983 186.8 1288.1 0.985

D2 355.5 2379.3 0.990 315.6 2135.2 0.992 314.4 2149.7 0.988 203.2 1403.8 0.990

D3 389.6 2614.6 0.995 345.5 2345.3 0.996 344.5 2363.7 0.993 222.1 1542.9 0.994

D4 348.7 2343.2 0.993 306.9 2101.9 0.994 308.3 2117.9 0.992 198.6 1381.9 0.992

F1 195.9 1308.4 0.995 172.3 1161.3 0.990 174.6 1187.0 0.991 122.5 837.8 0.987

Peak 2 P4 39.1 275.6 0.979 32.1 227.8 0.980 33.6 236.8 0.982 22.3 158.4 0.987

P3 53.0 368.1 0.980 43.6 305.0 0.981 45.4 317.0 0.983 30.4 213.6 0.988

P2 82.4 564.8 0.980 67.8 469.3 0.982 70.2 487.5 0.983 47.3 330.9 0.988

A3/2 132.3 899.2 0.989 109.2 749.0 0.989 114.2 789.7 0.992 76.0 529.2 0.991

A2 99.4 678.0 0.989 82.0 564.1 0.989 86.0 594.8 0.992 57.1 397.4 0.991

A3 65.0 447.0 0.988 53.5 371.1 0.989 56.4 391.5 0.992 37.2 260.0 0.990

A4 47.7 332.2 0.988 39.3 275.2 0.988 41.6 290.4 0.991 27.3 191.7 0.990

R1 168.1 1143.1 0.981 138.6 952.3 0.982 142.6 988.8 0.984 96.6 676.0 0.989

R2 192.5 1310.6 0.990 158.5 1091.5 0.990 163.0 1133.3 0.992 110.1 773.8 0.995

R3 201.5 1373.5 0.992 165.8 1143.8 0.993 170.5 1187.4 0.994 115.0 810.5 0.996

D1 339.0 2299.8 0.981 279.4 1918.3 0.982 286.7 1991.6 0.984 194.4 1366.0 0.989

D2 369.4 2507.9 0.987 304.2 2091.3 0.988 312.2 2171.2 0.989 211.3 1487.7 0.993

D3 405.2 2758.3 0.992 333.4 2299.4 0.993 342.0 2386.8 0.994 230.9 1633.7 0.997

D4 362.6 2471.2 0.990 298.3 2059.9 0.991 306.2 2139.0 0.994 206.6 1463.8 0.995

F1 202.1 1369.5 0.989 166.8 1142.0 0.989 174.0 1203.6 0.992 116.0 809.0 0.991
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Fig. 4. Independence of activation parameters on the heating rates for different forms of JMA model, for the first and second crystallization peak.

defined as follows:

y(˛) =

(

d˛

dt

)

exp

(

Ea

RT

)

= Af (˛) (7)

z(˛) ≈

(

d˛

dt

)

T2 (8)

The “fingerprint” of JMA model is that the value of ˛∗
z = 0.632 and

that the value of ˛∗
y is always lower than the value of ˛∗

z, under the

assumption that the crystal growth occurs only after the nucleation

has been finished.

The convex shape of the obtained normalized functions y(˛) and

z(˛) (Fig. 5), and their independence on the heating rate ˇ, show

that the proposed conversion function is correct for both crystal-

lization peaks. Both functions exhibit well defined maxima located

at an exactly defined values of ˛. However, the values of ˛∗
z are not

0.632, but 0.5, and the values of ˛∗
y are higher, at 0.6, instead of

lower than the values of ˛∗
z . As JMA model [24,25] can be applied

to non-isothermal conditions only under the assumption that the

nucleation is completed before the further crystalline growth, the

deviation from the model exhibited in our system indicates that

this condition is not met. However, the correct shape of the curves

indicates that JMA model approximates the reaction mechanism to

a very good degree.

Having determined the values of apparent activation energies

and the conversion functions for crystallization steps 1 and 2, the

experimental data were reconstructed numerically by applying the

“master plot” method [20]. According to this method, for a single-

step process, the following equation is easily derived from Eq. (2),

using a reference point at ˛ = 0.5:

d˛/dt

(d˛/dt)˛=0.5

exp(Ea/RT)

exp(Ea/RT0.5)
=

f (˛)

f (0.5)
(9)

where f(0.5) is constant for the selected conversion function.

Eq. (9) means that, for selected ˛, the experimentally

determined value of the reduced-generalized reaction rate in

the form ((d˛/dt)/(d˛/dt˛=0.5))(exp(E/RT)/exp(E/RT0.5)) and the-

oretically calculated value of f(˛)/f(0.5) are equal when the

correct conversion function, f(˛), is applied. Fig. 6 shows the-

oretical master plots of f(˛)/f(0.5) versus ˛, using selected

f(˛) functions listed in Table 2, together with experimental

plots ((d˛/dt)/(d˛/dt˛=0.5))(exp(E/RT)/exp(E/RT0.5)) for crystalliza-

tion steps 1 and 2.

The best agreement of the theoretical master curves with

the experimental master curves was achieved using g(˛) =

[−ln(1 − ˛)]1/n, where n = 3. The model is a very good approxima-

tion for the parts of the curves corresponding to lower ˛, while

parts of the curves corresponding to higher ˛ show a discrepancy
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Fig. 5. The normalized functions y(˛) and z(˛) for peaks 1 and 2.

with the experimental curves. This indicates that, while the model

seems to be perfectly valid for the initial part of the reaction, the

conditions of the reaction change half-way in such a way that the

JMA model is no longer a good description.

3.3. Correlation of established kinetic triplets and structural

transformations

Considering the results presented above, we investigated the

possible reasons for the deviation of the experimental curves from

Fig. 6. Theoretical (lines) and calculated (symbols) master curves in differential

form representing f(˛)/f(0.5) as a function of ˛ for different JMA conversion functions

labeled An (n = 3/2 to 4).

the theoretical model in the second part of the reaction in detailed

correlation of the structural transformations with the conditions

inherent in the application of JMA model. The system fits the

model well in the first half of the reaction, indicating that primary

nucleation is completed before the start of the crystal growth. If

nucleation is the cause of this deviation from JMA model, then it

must be secondary nucleation, starting at the point in the reaction

where the system begins to deviate from the model. This secondary

nucleation would proceed in parallel with crystal growth, inval-

idating the necessary condition for successful application of JMA

model. The validity of the JMA equation can be extended to non-

isothermal conditions if the entire nucleation process takes place

during the early stages of the transformation and becomes negligi-

ble afterwards [26,27].

According to our results [10], the first two peaks in DSC corre-

spond to the formation of stable crystal phases �-Fe(Si) and Fe2B,

while the third could be attributed to recrystallization of these

phases and further growth of crystallites. Using this data, we can

elucidate the following sequence of crystallization: first to crys-

tallize is �-Fe(Si) phase, followed by B2Fe15Si3 and Fe2B phase. In

addition, metastable B2Fe15Si3 phase subsequently decomposes to

yield the two stable crystalline phases, �-Fe(Si) and Fe2B.

The first peak in the DSC curve would correspond to formation

of crystalline �-Fe(Si) in the amorphous matrix, since it is the first

to be observed in the XRD spectra (after heating at 723 K). The crys-

tal structure of �-Fe(Si) can accommodate for some of the boron,

which destabilizes its lattice and acts as an inhibitor to the crystal-

lization process, causing this reaction to have the highest activation

energy and the lowest reaction rate (Table 1). B2Fe15Si3 stoichio-

metrically corresponds to 2×Fe3B plus 3×Fe3Si, and contains only

2.29 mass% of boron, compared to 13% in the as-prepared alloy, but

8.9 mass% of Si, compared to 8% in the as-prepared alloy. All this

indicates that B2Fe15Si3 would probably form around the clusters

of short-range crystalline ordering, as those regions probably con-
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tain the least amount of amorphizing boron. If this is the case, then

its enthalpy of formation would be very low, making it very hard

to notice in DSC (Fig. 1).

The second peak in DSC would correspond to crystallization of

Fe2B. This phase contains around 8.8 mass% of boron, compared

to 13% in the as-prepared alloy. The formation of this crystalline

phase would increase the concentration of boron in the amorphous

matrix, making the nucleation of Fe2B in the amorphous matrix

less favorable, meaning that it probably initially occurs through

decomposition of the metastable B2Fe15Si3 phase. The stoichiome-

try of B2Fe15Si3 phase indicates that it would probably decompose

to Fe3Si and Fe3B, where Fe3B could then easily be converted to

Fe2B by the excess boron in the amorphous matrix. This reaction

would have lower activation energy (Table 1), as it would decrease

the amount of boron in the surrounding amorphous matrix, and it

would create two types of nuclei: one for Fe2B phase and the other,

through Fe3Si, for �-Fe(Si) phase, providing a source of secondary

nucleation for �-Fe(Si).

The third peak in the DSC, which could not be described as a

single step process, would correspond to the processes of recrys-

tallization and growth which are observed after the samples have

been heated at higher temperatures, as �-Fe(Si) phase gradually

gives way to Fe2B. In this process, Fe2B nucleates in �-Fe(Si) crys-

talline matrix, which is probably caused by segregation of boron

and Si in �-Fe(Si), where Si-poor regions would allow for nucle-

ation of Fe2B. This process, as shown by a step-like growth of Fe2B

phase content in XRD spectra, is probably highly dependent on the

local composition and lattice structure and the nucleation would

happen gradually as favorable conditions are met in any particular

area of the sample. This would explain the lowest activation energy

of the process (Table 2) and its unusual dynamics (Fig. 5), as nucle-

ation and crystal growth would occur continuously and in parallel,

rather than separately and consecutively. In addition, this process

would provide secondary nucleation sites for further crystallization

of Fe2B phase. The secondary nucleation for both phases would

proceed in parallel with the crystal growth that occurs after the

primary nucleation and would invalidate the condition for valid-

ity of JMA equation in non-isothermal systems. This would explain

the good agreement of the experimental curves with theoretical

JMA curves in the first part of the reaction and their subsequent

divergence, as the latter part would correspond to the region of

secondary nucleation (Fig. 6).

4. Conclusions

Amorphous Fe75Ni2Si8B13C2 alloy undergoes multi-step struc-

tural transformations, after annealing in 790–860 K temperature

range, exhibiting two asymmetric overlapping exo-maximums

in DSC, which were resolved. With the increase in the heating

rate, the positions of these peaks shifted to higher tempera-

tures. The process of phase transformation involves formation of

stable iron-silicon (�-Fe(Si)) and iron–boron (Fe2B) phases, and

metastable iron–silicon–boron (B2Fe15Si3). The primary crystal-

lization starts with formation of �-Fe(Si) phase in the amorphous

matrix, followed by metastable B2Fe15Si3 and the iron–boron

(Fe2B) phase at temperatures above 780 K. The asymmetric

peaks were resolved giving three well-formed peaks corre-

sponding to different steps of the phase transformation. The

kinetic parameters corresponding to each step were evalu-

ated and kinetic triplets for the first two crystallization steps

were determined, yielding the conversion function in the form

g(˛) = [−ln(1 − ˛)]1/3, Ea = 375.1 ± 0.8 kJ/mol and ln A = 56.2 ± 1.0 for

step 1; Ea = 341.6 ± 0.5 kJ/mol and ln A = 49.3 ± 0.5 for step 2 of

structural transformation of the alloy. This established kinetic

model was confirmed by application of independence of activation

parameters on the heating rates criterion and master plot method,

using the established kinetic triplets. We have established that the

divergence between experimental and theoretical JMA curves is the

result of secondary nucleation processes for both stable crystalline

phases, which occurs in parallel with crystal growth. In addition,

the complexity of continuous process of crystal growth and nucle-

ation of Fe2B phase out of �-Fe(Si) matrix, which corresponds to

step 3 of the structural transformation of the alloy, makes it impos-

sible to describe as a single step process and, in consequence, to

determine its kinetic triplet.
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a b s t r a c t

Thermal stability and crystallization of the Fe81B12Si4C2 alloy were investigated in the temperature

range 25–700 1C by the XRD and Mössbauer analysis. It was shown that on heating the as-prepared

amorphous Fe81B12Si4C2 alloy undergoes thermal stabilization through a series of structural

transformations involving the process of stress-relieving (temperature range 200–400 1C), followed

by a loss of ferromagnetic properties (Curie temperature at 420 1C) and finally crystallization

(temperature range 450–530 1C). The process of crystallization begins by formation of two crystal

phases: Fe3B and subsequently Fe2B, as well as a solid solution a-Fe(Si). With increase in annealing

temperature, the completely crystallized alloy involved only two phases, Fe2B and solid solution

a-Fe(Si).

XRD patterns established a difference in phase composition and size of the formed crystallites

during crystallization depending on the side (fishy or shiny) of the ribbon. The first nuclei of the phase

a-Fe3Si were found on the shiny side by XRD after heat treatment even at 200 1C but the same phase on

the fishy side of ribbon was noticed after heat treatment at 450 1C. The largest difference between the

contact and free surface was found for the Fe2B phase crystallized by heating at 700 1C, showing the

largest size of crystallites of about 130 nm at 700 1C on the free (shiny) surface.

1. Introduction

Amorphous alloys are materials obtained by rapid quenching of

the melt at a cooling rate of about 105–106 K s�1 in conditions

where crystallization is suppressed [1]. The soft magnetic

amorphous alloys are based on the ferromagnetic elements Fe, Co

and Ni, containing the glass forming elements Si, B, C and P. The

most stable amorphous alloys contain about 80 at% of transition

metals (ferromagnetic component) and about 20 at% of metalloid

elements (glass forming component) [2]. From a practical point of

view, these materials, compared with the crystalline materials,

possess a series of advantages, such as magneto-crystalline

isotropy, high magnetic softness combined with high mechanical

hardness, high mechanical strength, low ribbon thickness and high

electrical resistivity, providing excellent soft magnetic material

properties for high frequency applications involving very low

losses [3–9]. The amorphous alloys are metastable materials and

elevated temperature as well as prolonged performance could

induce the process of change in their microstructure [10]. The new

formed microstructure involves nanocrystals about 10 nm in size

embedded in an amorphous matrix possessing soft magnetic

properties superior to the amorphous and conventional

crystalline magnetic alloys of the same composition [8,11].

However, crystallization of amorphous alloys can provoke the

formation of a number of metastable crystalline phases as well as

deterioration of their advanced properties, making them effective

for only a single use [9,12,13].

Therefore, knowledge of thermal stability, pressure effects,

surface effects, microstructure, kinetics of crystallization, as well

as composition effects is of great interest for technological

applications of amorphous and nanostructured materials [3].

In our previous papers [14–16], research of isothermal and

non-isothermal crystallization behavior, and kinetics and

mechanism of crystallization of a-Fe from the Fe81B13Si4C2

amorphous ribbon produced by melt-spinning were reported.

Based on the results of DSC and X-ray diffraction analysis (XRD),

and on the calculated crystallization parameters (m¼3; s¼1), we

concluded that primary crystallization of the a-Fe phase in an

amorphous matrix occurs through bulk nucleation and three-

dimensional growth of nuclei growing at a constant rate [14]. It

was established that the kinetic parameters of transformation did

not change with degree of crystallization a in the range 0.1–0.7.
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Also, it was established that primary crystallization of the a-Fe

phase from an amorphous alloy cannot be described by the

Johnson–Mehl–Avrami (JMA) model, which is usually used for the

description of crystallization involving a stage of nucleation, as

well as a stage of growth of nuclei. Rather it can be described by

the Šesták–Berggren autocatalytic model with the kinetic triplet

Ea¼349.4.0 kJ mol�1, ln A¼50.76 and f(a)¼a
0.72(1�a)1.02 [15].

By correlation of data of the DSC analysis and X-ray diffraction

techniques with measurements of electric and magnetic

properties very sensitive to structural changes we investigated

why the conditions for validity of the JMA model are not fulfilled.

It was found that a complex crystallization process involved at

least two overlapping steps, which appeared as one sharp slightly

asymmetrical crystallization peak on the DSC curve [16]. That

could mean that the entire nucleation process did not take place

during the early stage of the transformation and became

negligible afterward. In this case, the crystallization rate is not

defined just by temperature but also depends on previous thermal

history of the alloy. That could mean that the process of

crystallization is complex, involving crystallization of more than

one phases occurring almost at the same time. Therefore, for

better understanding of the process of crystallization of the

Fe81B13Si4C2 amorphous alloy in this paper we have correlated the

Mössbauer spectra with thermal and XRD analysis of both (shiny

and fishy) sides of the amorphous ribbon.

2. Experimental procedure

The ribbon shaped samples of the Fe81B13Si4C2 amorphous

alloy were obtained using the standard procedure of rapid

quenching of the melt on a rotating disc (melt-spinning). The

obtained ribbon was 2 cm wide and 35 mm thick.

The thermal stability of amorphous alloy was investigated by

differential scanning calorimetry (DSC) in a nitrogen atmosphere

using SHIMADZU DSC-50 analyzer. In this case, a sample weighing

several milligrams was heated in a DSC cell from room

temperature to 650 1C in a stream of nitrogen with nitrogen

flow rate of 20 ml min�1 and at the heating rate of 30 1C min�1.

The temperature induced processes were studied also using a

thermomagnetic scan, where the sample is heated, annealed and

then cooled in a vacuum furnace at a low magnetic field of

4 kA m�1 and its magnetic moment is monitored. Both heating and

cooling rates were 4 K min�1, and the dwell time at the maximum

temperature of 800 1C was 30 min. These results were used to

determine temperatures suitable for intermediate subsequent

annealing followed by Mössbauer and X-ray measurements.

Mössbauer spectra were taken in the standard transmission

geometry using a 57Co(Rh) source at room temperature. Calibra-

tion was done against the a-Fe foil data. For spectra fitting and

decomposition, the ‘‘CONFIT’’ program package was used [17].

The X-ray diffraction (XRD) patterns were recorded on an

X’Pert PRO MPD diffractometer from PANalytical with CoKa

radiation operated at 40 kV and 30 mA. For routine characteriza-

tion diffraction data was collected in the range of 2y Bragg angles

(15–1351, step 0.0081). All XRD measurements were done with

solid samples in the form of a ribbon at ambient temperature. For

the qualitative determination of phase composition of the

crystallized alloy samples the JCPDS-PDF database was used. For

a quantitative analysis and determination of crystallite size the

TOPAS V3 general profile and structure analysis software for

powder diffraction data was used (Bruker AXS, general profile and

structure analysis software for powder diffraction data, Karlsruhe,

2005). This software enables full handling of the instrument

geometry and the instrument profile parameters [18]. The quality

of refinement progress was controlled by monitoring the fit

parameter Rwp, goodness of fit (GOF) and the Durbin–Watson

factor.

3. Results and discussion

The thermal stability alloy was investigated by thermal

analysis using differential scanning calorimetry (DSC). Fig. 1

shows the continuous DSC curve obtained during heating at

heating rate b¼30 K min�1.

This DSC curve involves series of endo- and exo-peaks in the

temperature range 200–560 1C corresponding to a stepwise

process of thermal stabilization of alloy. The broad, poorly formed

peaks in the temperature range 200–400 1C, corresponding to the

stress-relieving transformation at the temperatures, are followed

by an endothermic hump at 420 1C corresponding to the Curie

temperature and a short super-cooled liquid region, and a sharp

exothermic crystallization peak at 539.8 1C. The enthalpy of

crystallization was found to be 87.25 J/g.

The appearance of the thermomagnetic curve (Fig. 2) reflects

changes in the material magnetic moment. It is sensitive to

Fig. 1. DSC curve of the as-prepared alloy at a heating rate of 30 1C min�1.

Fig. 2. Thermomagnetic curves for increasing (dotted line) and decreasing

(dashed line) temperatures; vertical arrows show the annealing temperatures

for Mössbauer and XRD measurements.
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changes in atomic magnetic characteristics caused by phase or

structural transitions. The most pronounced change represents the

Curie point (Tc¼420 1C), where magnetization of the appropriate

phase drops to almost zero, because the magnetic interaction

cannot resist thermal motion any more. The difference between

branches for rising and sinking temperatures demonstrates the

irreversibility of the whole thermal process. Annealing destroys

phases of the as-prepared material while during cooling new and

different structures are generated (see below), being characterized

by different critical temperatures. Annealing at the temperature

near 200 1C is sometimes called stress-relieving and usually

enhances properties of the amorphous material. The following

sequence of temperatures helps us to understand the process of

crystallization and constitution of its products.

The amorphous ribbon in the as-prepared state was also

repeatedly vacuum-annealed for 30 min at temperatures marked

on the graph with thermomagnetic curves (Fig. 2). In our further

investigations, the indicated temperatures of 200, 400, 450, 500,

550, 600 and 700 1C were chosen to examine main features of the

thermal process.

In Fig. 3, the spectra illustrate the capability through the

Mössbauer effect in distinguishing between individual iron

containing phases differing in their structure. Broad-line

components are typical for the amorphous volume of the as-

prepared sample, while the sharp lines characterize the

crystalline structure with well defined position of atoms. This

results from the thermally induced crystallization process during

annealing of the sample. Computer processing of Mössbauer

spectra (Fig. 3) yielded intensities I of components, their hyperfine

inductions Bhf, isomer shifts d and quadrupole splitting s [19].

The contents of the iron containing phases are given to be

proportional to the relative areas of the corresponding spectral

components (Table 1). However, the exact quantification of the

phase contents could be done only when possible differences in

values of the Lamb–Mössbauer factors were considered.

The tentative phase analysis showing the quantitative

behavior of the crystallization process (Table 1) is based

predominantly on Mössbauer results (Fig. 3). In the as-prepared

state there is the amorphous structure having a high-field and a

low-field component accompanied by a small amount of a-Fe(Si)

solid solution and a FeB phase. Moving along the temperature

axis, according to the sequence of XRD measurements, the

optimum amorphous structure is really near 200 1C, although

the Mössbauer spectroscopy shows an appearance of a small

amount of a-iron containing an intermediate phase of the

crystallization process at this temperature. Mössbauer phase

analysis reveals the a-Fe(Si) solid solution and the Fe2B phase to

be the most important final crystallization products. The amount

of iron atoms in paramagnetic positions is almost below the

sensitivity threshold. Besides a-iron, the next distinctive

intermediate phase is Fe3B, detected initially at 450 1C and

predominantly at 500 1C. The content of silicon in the a-Fe(Si)

solid solution seems to be about 9 at%, which is not far from the

value of 7 at% published in Ref. [20].

The simple qualitative data gained from XRD diffractograms

(Fig. 4) was very useful, and mutual consistency of Mössbauer and

XRD measurements was essential. The XRD patterns were able to

show the difference between the shiny (free) and lusterless fishy

(contact) surfaces of the ribbon. The known fact that the free

(shiny) surface has stronger tendency to crystallize because of its

Fig. 3. Mössbauer spectra of the as-prepared material (left) and of the material after final annealing at 700 1C (right), including components of iron containing phases.

LF and HF denote low- and high-field components of distributed spectra gained from the amorphous phase, respectively.

Table 1

Mössbauer tentative phase analysis (distribution of Mössbauer iron atoms among phases).

Annealing temperature

(1C/30 min)

Amorphous a-Fe(Si) Fe2B Fe3B FeB a-Fe Fe para

As-prepared alloy 0.95 0.03 – – 0.02 – –

200 0.94 0.02 – – 0.02 0.02 –

450 0.83 0.14 – 0.03 – – –

500 – 0.42 0.42 0.15 – – 0.01

550 – 0.52 0.47 – – – 0.01

600 – 0.54 0.45 – – – 0.01

700 – 0.55 0.44 – – – 0.01
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slightly slower cooling rate is evident in the results, and the

narrow temperature range of formation of two different phases in

similar amounts can be recognized.

The XRD measurement determined the difference in phase

composition during crystallization depending on the side (fishy or

shiny) of the ribbon (Fig. 4). The first nucleated phase, a-Fe3Si,

was found on the shiny side by XRD after heat treatment at 200 1C

(Fig. 5). The same phase on the fishy side of ribbon was detected

after the next step of crystallization (at 450 1C). The slower

crystallization of this phase on the fishy side is in agreement with

the mean coherent length, which is one-half the size at

temperatures up to 600 1C.

The mean coherent length (sometimes called crystalline size),

as derived from the Rietveld calculation, markedly increases

between the annealing steps at 500 and 700 1C for all important

phases. The highest value of about 130 nm at 700 1C is exhibited

by the Fe2B phase on the free (shiny) surface. For this phase and

this temperature, the largest difference between contact and free

surface can also be observed.

4. Conclusion

XRD pattern and Mössbauer tentative phase analysis revealed

the amorphous state of the as-prepared alloy. Heating the

as-prepared amorphous Fe81B12Si4C2 alloy causes it to undergo

the processes of stabilization through a series of structural

transformations involving the process of stress-relieving (tem-

perature range of 200–400 1C) followed by loss of ferromagnetic

properties at the Curie temperature (420 1C), and finally the

process of crystallization (temperature range of 450–530 1C). The

process of crystallization for the alloy annealed at 500 1C involves

the formation of two crystal phases: Fe3B (15%) and, originating

from it, Fe2B (42%) as well as a solid solution a-Fe(Si) (42%). With

increase in annealing temperature, the less stable Fe3B phase

disappeared, giving rise to the formation of a-Fe(Si), so the

completely crystallized alloy involves only two phases, Fe2B (44%)

and the solid solution a-Fe(Si) (55%). The percentage of phase is

taken from the relative areas of the corresponding Mössbauer

spectral components.

XRD patterns established the difference in phase composition

during crystallization depending on the side (fishy or shiny) of the

ribbon. The first nucleated phase, a-Fe3Si, was found on the shiny

side by XRD after heat treatment at 200 1C, but the same phase on

the fishy side of the ribbon was detected only after heat treatment

at 450 1C. The slower crystallization of this phase on the fishy side

is in agreement with one-half the size of the mean coherent

length at temperatures up to 600 1C. The largest difference

between the contact and free surface was found for the Fe2B

phase crystallized by heating at 700 1C, exhibiting the largest size

of crystallites of about 130 nm at 700 1C on the free (shiny)

surface.

Fig. 4. XRD spectra of the contact (left) and free surface (right). Scaling of intensity axis is the same for both graphs.

Fig. 5. Growth of crystallite size with temperature determined by line profile

analysis.
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a b s t r a c t

DSC and thermomagnetic measurements of Fe75Ni2Si8B13C2 amorphous alloy investigated in 298e973 K

temperature range show that alloy remains amorphous up to around 773 K, when it undergoes multi-

step structural transformation. As thermomagnetic measurements provided more complete informa-

tion, the alloy ribbon was successively annealed at temperatures chosen on the basis of these

measurements and its microstructure was investigated after each annealing cycle using X-ray diffraction

and SEM. XRD and microstructural analysis of the as-prepared and the annealed sample showed there is

no difference between shiny and matte side of the ribbon. Two stable, a-Fe(Si) and Fe2B, and one

metastable, Fe3B, crystalline phases were identified after annealing. Microstructural analysis showed that

Fe3B probably acts as an intermediate in the formation of Fe2B, which formed later than the other two

phases. Si and B in the alloy show a tendency to separate into different phases, exhibiting comple-

mentary fluctuations in concentration in chemical depth profile. Analysis of microstructure, combined

with chemical composition, showed that after the final annealing at 973 K, alloy ribbon is composed of

interdispersed nanocrystals of a-Fe(Si) and Fe2B less than 90 nm in size, with no observable larger

domains of either phase.

1. Introduction

Iron-based amorphous alloys have attracted considerable

scientific interest in recent times, because of their favorable phys-

ical properties. Their good soft magnetic properties are mainly

determined by magneto-elastic and annealing-induced anisot-

ropies [1], and they are also characterized by good mechanical

properties, high electrical resistivity and high corrosion resistance

[2]. Addition of metalloid amorphizers like B, Si, P or C and the

substitution of Fe by Co or Ni (or a mixture of both) enhance their

glass forming ability [3,4], while elevated temperature or pro-

longed performance could induce a transformation into a crystal-

line state, which could lead to a loss of their advantageous physical

properties [5], limiting them to single-use applications. On the

other hand, the magnetic properties of amorphous Fe-based alloys

can improve significantly after crystallization, if nanocrystalline

phases are formed [6,7], producing functional materials with

targeted properties. Commercial soft magnetic nanocrystalline

materials have recently been successfully obtained by crystalliza-

tion of amorphous precursors [8]. Thesematerials are characterized

by a microstructure of nanocrystals embedded into an amorphous

matrix, exhibiting superior soft magnetic and mechanical proper-

ties to both amorphous and macro-crystalline magnetic alloys. This

has led to extensive study of their thermal stability, magnetic and

electrical properties [9e11]. A theoretical investigation of nano-

scale phase separation in amorphous FeeB alloys indicates that, in

amorphous Fe-based alloys (Fe80B20 and Fe83B17), Fe-pure regions

are formed in parallel with Fe-rich regions (which contain around

9% B) and B-rich regions [12]. Recently conducted ab initio molec-

ular dynamics simulations [13] of liquid and amorphous Fe78Si9B13
alloys showed that FeeSi bonding should be stronger than FeeB

bonding and there should be no bonding states in SieB pairs. Si

and B tend to repulse each other, and the preferred state of each of

them is the one where they are surrounded with Fe-atoms. This

means that a-Fe(Si) solid solution-like structure should nucleate

more easily from the amorphous matrix than FeeB type of crystal

and act as a primary precipitate during the crystallization process of

FeeSieB based amorphous alloys.
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E-mail address: dminic@ffh.bg.ac.rs (D.M. Mini�c).

Contents lists available at SciVerse ScienceDirect

Intermetallics

journal homepage: www.elsevier .com/locate/ intermet

 doi:10.1016/j.intermet.2012.02.016

Intermetallics 25 (2012) 75e79

������ �

167



As a part of a multidisciplinary study of microstructural and

functional properties of amorphous alloys and their dependence on

thermal treatment, our study of thermally induced structural

transformations of Fe75Ni2Si8B13C2 amorphous alloy [14] showed

significant effects on the electrical and magnetic properties of the

alloy [15]. The crystallized alloy exhibited lower electrical resis-

tivity and better magnetic susceptibility than the amorphous alloy.

The study of kinetics of crystallization showed that the crystalli-

zation process of the alloy is a complex one, involving three distinct

steps, which were separated and evaluated individually [16]. Here

we investigated possible differences between two sides of the alloy

ribbon, followed by a study of its microstructure and chemical

composition after successive annealing cycles.

2. Experimental procedure

Fe75Ni2Si8B13C2 amorphous alloy was prepared in form of

a ribbon, 2 cmwide and 35 mm thick, using the standard procedure

of rapid quenching of a melt on a rotating disc (melt spinning

method). The thermal stability of the alloy had been investigated by

the differential scanning calorimetry (DSC) in a nitrogen atmo-

sphere using a DSC-50 analyzer (Shimadzu, Japan). In this case,

sample weighing several milligrams was heated in the DSC cell

from room temperature to 823 K in a stream of nitrogen with

a flowing rate of 20 mlmin�1 at a heating rate of 5 Kmin�1.

Thermomagnetic scan was used to study temperature-induced

processes. The experiment was localized on the EG&G Vibrating

Sample Magnetometer in an evacuated furnace. In this process the

sample is heated, annealed and finally cooled in a vacuum furnace

at weakmagnetic field of 4 kAm�1while its magnetic moment was

monitored. Both heating and cooling rates were 4 Kmin�1 with the

dwell time of 30 min at the maximum temperature of 1073 K. The

obtained results were used to determine temperatures suitable for

intermediate subsequent annealing followed by X-ray diffraction

(XRD) measurements (473, 673, 698, 748, 823, 873, and 973 K).

XRD patterns were recorded on an X’Pert Pro MPD diffractom-

eter from PANalytical with Co Ka radiation operated at 40 kV and

30 mA. For the routine characterization diffraction data was

collected in the range of 2q Bragg angles (15e135�, step 0.08�). All

XRD measurements were done on solid samples in the form of

a ribbon at room temperature. The qualitative analysis of the XRD

patterns was performed with the X’Pert High Score Plus software

and PDF-2 database [17,18]. For the quantitative analysis the ICSD

database was used and the Rietveld refinement yielded the weight

fraction F (wt%) and the mean crystallite size dXRD (nm) for an

identified phase [19]. Microstrain ( 3) was calculated using

WilliamsoneHall method [20].

The surface morphology of the annealed sample was observed

using the scanning electronmicroscope (SEM) Lyra 3 XMU TESCAN.

Chemical homogeneity and compositionwere examined using JEOL

JSM 6460 SEMwith an Oxford Instruments INCA Energy analyzer or

using Mira 3 TESCAN SEM equipped with a Bruker Company

QUANTAX energy-dispersive X-ray analyzer (EDX) with Xflash

detector. Energy resolution was 123 eV or better. Ion beam trim-

ming introduces carbon contamination; therefore, results for

carbonwere omitted from elemental analysis of alloy sample cross-

section.

3. Results and discussion

3.1. Thermal stability and structural transformations of the alloy

Thermal stability of as-prepared Fe75Ni2Si8B13C2 alloy was

studied using DSC and thermomagnetic measurements (Fig. 1). DSC

indicates that the alloy remains amorphous up to about 773 K after

which it undergoes multi-step crystallization process, which

manifests itself in two clearly observable overlapping peaks. At the

heating rate of 5 Kmin�1, peak maxima were Tk1¼802 K and

Tk2¼ 817 K.

Thermomagnetic measurements provide additional informa-

tion, in addition to crystallization, on different structural trans-

formations that the alloy undergoes during thermal treatment in

298e1073 K temperature range. All structural transformations

occurring in this temperature range provoke changes in the

material’s magnetic moment, represented by a series of the sharp

rises and drops on the thermomagnetic curve. In order to better

analyze this, thermomagnetic curve is shown in derivative form

(Fig. 1). The annealing at the temperature near 473 K usually

slightly enhances properties of the amorphous material through

stress-relieving processes [21], which can be difficult to observe

using DSC and thermomagnetic measurements. The most

pronounced change in magnetic moment represents the Curie

point (Tc¼ 698 K), the temperature where the magnetization of

appropriate phase falls almost to zero because the magnetic

interaction cannot resist thermal motion any more. In the region of

crystallization, above 773 K, thermomagnetic curve correlates well

with DSC data. The crystallization of the alloy is marked by the

increase in the magnetic moment of the alloy in step-wise manner,

with Tk1¼801 K and Tk2¼ 809 K, at heating rate 4 Kmin�1. A group

of small peaks in 900e960 K range corresponds to Curie temper-

atures of nanocrystals of a-Fe(Si) and Fe2B phases (see thermo-

magnetic curve, Fig.1 inset). Individual peaks in the group probably

correspond to Curie temperatures of nanocrystals of different sizes

[22]. The final small peak around 1000 K corresponds to phase

transition in a-Fe(Si) and transformation of a-Fe(Si) to Fe2B [23].

The temperatures marked by arrows on thermomagnetic curve are

chosen for further study using XRD, in order to better understand

structural transformations as well as the constitution of its

products.

3.2. Effect of annealing on microstructure

During the preparation process of the amorphous alloy ribbon,

one of the sides is in direct contact with the cooled rotating disc

(fishy or matte side), while the free side is in inert atmosphere

(shiny side). As a result, free surface experiences slightly slower

cooling rate which might result in a difference in properties,

depending on the heating temperature [24,25]. The consequence is

Fig. 1. DSC curve of alloy at heating rate 5 Kmin�1 and derivative magnetic moment

curve during heating cycle at heating rate of 4 Kmin�1 (inset: thermomagnetic curve

during heating cycle).
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that the two sides of the ribbon show an easily observable differ-

ence in reflectivity. In order to determine whether there is a struc-

tural difference between the two sides of the alloy ribbon, we have

investigated both sides.

X-ray diffractograms (Fig. 2) of both sides of the alloy ribbon

illustrate the microstructure and its evolution after successive

annealing cycles at different temperatures, including indexing for

the observed phases. Comparison of these spectra indicates that

there is no significant difference between the two sides of the alloy

ribbon in both, the number and position of the peaks, as well as

their relative intensities. As expected, microstructural analysis of

both sides of the ribbon, based on these spectra, also indicates that

there is no significant difference between them, both in the as-

prepared alloy and during annealing. Therefore, only one set of

microstructural data (for shiny side) is presented here, and the

results of the quantitative XRD analysis for the alloy at different

stages of thermal treatment are presented in Table 1.

As-prepared alloy exhibits broad peaks around 52� and 100�,

corresponding to domains of short-range crystalline ordering.

Using Rietveld refinement and DebyeeScherrer equation, we esti-

mated their size to be 1.3e1.5 nm in the sample of as-prepared alloy

and samples annealed at temperatures of up to 698 K. Crystalliza-

tion is observed after annealing at 748 K, with formation of a-Fe(Si)

and Fe3B crystalline phases. After annealing at 823 K, Fe2B crys-

talline phase is observed, too. For the fitting of the diffractograms of

the alloy annealed at temperature of 748 K and above, the a-Fe(Si),

Fe3B and Fe2B phases were used. The XRD lines of tetragonal Fe3B

(PDF #33-644, space group I-4, lattice parameters:

a¼ b¼ 0.863 nm, c¼ 0.429 nm) were identified in the XRD pattern

of the samples annealed at 748 and 773 K only. Because no entry

was available for Fe3B compound in the ICSD database, the ICSD

#43365 for Fe3P (space group I-4, lattice parameters:

a¼ b¼ 0.9107 nm, c¼ 0.446 nm) was modified so as to obtain the

ICSD file for the tetragonal Fe3B. This file was then used for the

Rietveld refinement procedure.

a-Fe(Si) phase was the most abundant crystalline phase, with

the phase content of over 70 mass% of crystalline phases at every

annealing temperature above crystallization point. Gradual

decrease of dislocation density (r) and microstrain ( 3) of a-Fe(Si)

phase (Table 2) with increase in annealing temperature indicates

that it grows in a relatively continuous manner during annealing at

successively higher temperatures. This is also reflected in the

gradual increase of its average crystal size (Table 1). Based on

Rietveld refinement, the alloy remained nanostructured even after

annealing at 973 K. The fitted lattice parameter value of 0.2851 nm

for a-Fe(Si) indicates that it contained about 10 at% Si [26].

Two boron containing phases exhibit very different evolution of

microstructural parameters (Table 2). Fe3B exhibited relatively high

degree of microstrain and its dislocation density remained rela-

tively constant even after annealing at 823 K. Its average crystal size

remains relatively constant, reflecting the metastable nature of this

phase. Fe2B phase also exhibited high degree of microstrain and

relatively high dislocation density after annealing at temperatures

of 873 K and below, while its average crystal size remained rela-

tively constant. This is in contrast to the increase in phase content of

Fe2B, which was observed at the same time (Table 1). After the

disappearance of Fe3B and additional annealing at 973 K, there was

a sudden decrease in both microstrain and dislocation density of

Fe2B, which coincided with the increase in average crystal size of

this phase. Thiswas caused by the fact that Fe3B phasewas acting as

an intermediate in the formation of Fe2B phase. Phase content of

Fe2B did not change significantly after annealing at 973 K, indi-

cating that the observed crystal growth happened through

recrystallization. Having all this in mind, the conclusion would be

that the initial nucleation of Fe3B was followed by its trans-

formation to Fe2B, providing nucleation sites for this phase. This

remained the dominant process until Fe3B was completely

consumed, after annealing at 873 K, and was only then followed by

crystal growth through recrystallization of Fe2B phase, which lead

to a sharp decrease in microstrain and dislocation density.

3.3. Morphological and chemical analysis

SEM micrographs of as-prepared alloy sample and sample

successively annealed at temperatures up to 973K are shown in

Figs. 3 and 4. SEM of the surface of as-prepared alloy (Fig. 3a) shows

a relatively uniform surface. EDX analysis of the chemical compo-

sition on the surface, conducted on points marked on SEM image,

shows very uniform distribution of Ni and Si, while concentrations

of other elements vary. Presence of small amounts of oxygen can be

contributed to sample’s exposure to air during handling and

Fig. 2. X-ray diffractograms for the contact (left) and free surface (right) showing the process of crystallization (inset left: sample annealed at 748 K showing peaks assigned to a-Fe

and Fe3B; inset right: sample annealed at 973 K showing peaks assigned to a-Fe and Fe2B).

Table 1

XRD phase analysis (phase content F in wt%, average crystal size dXRD in nm).

Annealing

temperature

Amorphous a-Fe(Si) #103624 Fe3B Fe2B #391328

F (wt%) F

(wt%)

dXRD
(nm)

F

(wt%)

dXRD
(nm)

F

(wt%)

dXRD
(nm)

As-prepared

alloy

100 e e e e e e

473 K/30 min 100 e e e e e e

673 K/30 min 100 e e e e e e

698 K/30 min 100 e e e e e e

748 K/30 min 34 48 18 18 25 e e

823 K/30 min e 71 27 15 28 14 19

873 K/30 min e 76 49 e e 24 22

973 K/30 min e 77 83 e e 23 58
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preparation. SEMof the surface of the alloy successively annealed at

temperatures up to 973 K shows granulated and porous structure

(Fig. 3b). The surface morphology of this sample at lower magni-

fication (Fig. 4) also shows areas exhibiting broken and flaky

surface, which can be caused by corrosion of the alloy. EDX

elemental analysis indicates that these regions (Table 3, points 5

and 6) contain much higher oxygen (47 at%) and silicon (14 at%)

concentrations, while oxygen concentration in the surrounding

areas is an order of magnitude lower and roughly what would be

expected (8 at%). Corrosion products were determined to be SiO2

and magnetite.

Elemental analysis of the surface of the alloy (Table 3) reveals

that the surface of the alloy undergoes partial oxidation during

successive annealing cycles, but that oxidation is limited to spots,

which are easily observable (Fig. 3c). Looking at the relative ratios

of the five constituent elements in the as-prepared and annealed

alloy sample, the uniform distribution of Si and Ni observed in the

as-prepared sample cannot be observed in the annealed sample. In

general, the surface became much more inhomogeneous after

annealing, in terms of chemical composition. A significant decrease

in boron concentration and an increase in silicon concentration are

observed in some surface areas of the annealed sample. Increase in

silicon concentration can be explained by formation of SiO2 on the

surface due to corrosion and its separation out of the alloy matrix

onto the surface. Surface concentration of iron is almost the same as

in the as-prepared alloy, if we exclude corroded regions of the

sample with exceptionally low concentration of iron.

Chemical composition of the annealed alloy was also deter-

mined using a chemical depth profile of elements, gained from the

ion beam trimmed perpendicular cut (Fig. 4a), showing alloy’s

chemical composition depending on the depth in the sample

(Fig. 4b). This showed the oxygen-rich surface layer with a thick-

ness of approximately 300 nm and almost constant content of

nickel and silicon. Iron and boron content varies significantly with

depth, although the sum of mass percentages of iron and boron

remains almost constant. This suggests coexistence of two iron

phases: a-Fe(Si) and Fe2B, in a granulated structure, which is

consistent with the XRD findings. Grain sizes appear to be

approximately 100 nm, as indicated by the changes in the chemical

depth profile of these elements. The low and mostly constant

content of Ni could indicate that it is present in the solid solution

and it does not form any other phases. Content of Si is the lowest

near the surface, and then increases and stabilizes about 600 nm

from the surface. From that point on, Si content is relatively

constant, showing small fluctuations where a decrease corresponds

to an increase in concentration of B. The low concentration of Si

near the surface, in this case, is caused by leeching of Si by oxygen

during corrosion, creating products on the surface, which were

Table 2

Microstructural parameters of crystalline phases for different annealing tempera-

tures (dislocation density (r), microstrain ( 3)).

Temperature

(K)

a-Fe(Si) Fe3B Fe2B

r �1015 3(%) r �1015 3(%) r �1015 3(%)

748 9.26 6.61 4.80 13.40 e e

823 4.11 3.86 3.83 10.30 8.31 15.60

873 1.25 2.70 e e 6.20 10.60

973 0.44 1.76 e e 0.89 2.65

Fig. 3. SEM images of as-prepared alloy sample (a), after final annealing at 973 K (b) and the SEM image of the typical area with high content of SiO2 as one of the products of

corrosion (c).

Fig. 4. SEM image of ion beam trimmed perpendicular cut of annealed alloy sample (a)

and a chemical depth profile as gained from this cut (b).
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trimmed during sample preparation. Decrease in surface boron

concentration observed by EDX (Table 3) can be explained by

formation of Fe2B phase and it is consistent with the chemical

depth profile of B, where we see that the formed grains of Fe2B

appear to form about 500 nm below the surface of the alloy.

All of these data indicate that, after annealing at 973 K, only two

major crystalline phases remain and they appear to be inter-

dispersed in form of nanocrystals less than 90 nm in size. Therewas

no formation of larger domains of either crystalline phase, while Ni,

judging from its constant content in the chemical depth profile,

appears to form a solid solution with iron and ironeboron phases.

Si also forms a solid solution with iron, but it appears that this

solution has a limited Si concentration, with excess Si probably

depositing on the surface of the grains or intercalating into Fe2B

phase. This creates an illusion of relatively constant concentration

of Si in the chemical depth profile, although systematic fluctuations

in concentration are clearly visible. Fluctuations in content of B are

reciprocated in the change in Si concentration, although the fluc-

tuations in concentration of Si are much smaller than those in

concentration of B. This separation of phases containing B and Si

is predicted by the theoretical simulations of FeeSieB systems,

too [13].

4. Conclusion

Structure of Fe75Ni2Si8B13C2 amorphous alloy was investigated

in 298e973 K temperature range using thermomagnetic and DSC

measurements. The alloy is shown to remain amorphous until

around 773 K when it undergoes a step-wise structural trans-

formation. Both methods are shown to be in excellent agreement

around crystallization region temperatures. Temperatures for

successive annealing cycles of alloy samples were chosen based on

thermomagnetic measurements. XRD and microstructural analysis

of the as-prepared and the annealed sample showed there is no

difference between shiny and matte side of the ribbon. It also

showed that Fe3B phase probably acts as an intermediate in the

formation of Fe2B phase, and that, during annealing, nucleation is

the dominant process until Fe3B is completely consumed, which is

followed by crystal growth through recrystallization. Chemical

depth profile showed that, after annealing at 973 K, the alloy is

composed of two crystalline phases, a-Fe(Si) and Fe2B, in form of

interdespersed nanocrystals less around 90 nm in size, in a porous

granulated structure. Corrosion of the annealed alloy sample is

shown to leech Si out of the surface layer of the alloy, creating oxide

products on the surface. Additionally, it was observed that fluctu-

ations in content of boron and silicon in the depth chemical profile

indicate separation of silicon and boron containing phases as pre-

dicted by theoretical studies.
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Table 3

EDX elemental analysis of the surface of as-prepared and annealed alloy samples (in

at%) (* mean values are corrected for presence of oxygen and impurities introduced

through sample handling and measurement).

B C O Si Fe Ni

As-prepared

1 4.8 20.2 1.9 7.4 66.1 1.5

2 11.9 7.1 1.9 7.2 72.7 1.2

3 11.0 10.0 3.2 7.0 70.5 1.4

4 14.7 12.0 3.3 6.8 65.5 1.0

5 24.8 13.9 2.0 5.7 54.7 0.9

6 18.0 17.1 6.7 5.9 58.1 0.9

7 21.7 7.1 2.7 6.6 63.2 1.3

8 0.0 6.4 2.5 8.4 83.7 1.4

9 13.6 20.7 5.1 8.3 56.6 0.9

3.3

Mean* 13.4 12.7 7.0 65.7 1.2

Annealed

1 8.3 3.9 11.8 14.7 60.7 0.6

2 16.4 5.7 12.8 10.8 52.9 1.4

3 13.0 3.6 12.7 11.9 57.8 0.9

4 2.9 24.3 47.2 4.7 20.4 0.4

5 6.2 7.2 36.9 14.7 34.6 0.5

6 2.3 6.5 65.6 13.0 12.5 0.0

7 6.5 7.3 6.7 8.4 70.0 1.3

8 7.2 7.6 5.2 8.6 70.8 0.6

24.9

Mean* 9.9 13.4 16.3 59.4 0.9
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a b s t r a c t

This paper investigates the effect of structural changes preceding crystallization on functional properties 
of ribbon-shaped Fe73.5Cu1Nb3Si15.5B7 amorphous alloy during annealing process in temperature range of 
25 �C to 450  �C. It has been shown that this alloy is stable up to 500 �C when the stepwise crystallization 
starts. This process is preceded by structural relaxation process, including Curie temperature and the 
supercooled liquid region. The influence of these changes on magnetic properties of the alloy was 
investigated using thermomagnetic measurements, while their effect on the change in electron density 
of states at Fermi level was investigated by measuring thermoelectromotive force. It is also shown that 
magnetic susceptibility of this alloy can be increased by up to 40%, after successive annealing cycles at 
different temperatures. The measurements of electrical resistivity change in isothermal conditions in 
supercooled liquid region had been used to determine kinetic parameters of electrical conductivity. It has 
been shown that this process occurs in two stages: the first is kinetically controlled, whereas the second 
is diffusion controlled, occurring with activation energy of 139.4 J/mol K and 184.1 J/mol K, respectively. 

1. Introduction

Iron-based amorphous alloys have attracted considerable

scientific interest in recent times. Their good soft magnetic prop-

erties are mainly determined by magneto-elastic and annealing-

induced anisotropies [1], and they are also characterized by good

mechanical properties, high electrical resistivity and high corrosion

resistance [2]. These properties make them suitable for use in

a variety of applications, such as power devices [3,4], information

handling technology [5], magnetic sensors [6] and anti-theft

security systems [7]. This has lead to extensive study of their

structural, magnetic and electrical properties [8e10]. Following the

work of Inoue [11] who produced bulk metallic glasses in quater-

nary Fe-B-Si-Nb system, a great interest has been shown in deriv-

atives of this system created by extending the elemental scale to

(Fe,Co,Ni)-Nb-B-Si-(Cu) systems [12]. These alloys are thermody-

namically meta-stable and, on annealing, undergo stabilization

through structural transformations, involving, among others,

structural relaxation and crystallization. In addition, it is well

known that many of these systems exhibit a large supercooled

liquid region prior to the onset of crystallization [13,14]. Super-

cooled liquid has high resistance to crystallization, indicating

extremely good glass-forming ability of the alloy.

Fe73.5Cu1Nb3Si15.5B7 amorphous alloy and its magnetic and

electrical properties have been studied in some detail. Allia et al.

found that evolution of nanocrystalline phase in Fe73.5Cu1Nb3-
Si15.5B7 amorphous alloy during isothermal measurements was

proportional to the measured variations in the electrical resistance

[15]. Polak et al. proposed a mathematical model describing

changes in magnetic properties of Fe73.5Cu1Nb3Si15.5B7 amorphous

alloy during structural relaxation and crystallization [16], esti-

mating the distribution function of the magnetization vectors and

the dimension of long-range stresses in the nanocrystalline state.

Miguel et al. determined time-temperature dependence of Curie

temperature in Fe73.5Cu1Nb3Si15.5B7 amorphous alloy [17],

observing that short-time annealing caused separation into two

phases with different chemical compositions, resulting in two

values of Curie temperature for each annealed sample. Hakim et al.

observed enhancement of Curie temperature for Fe73.5Cu1Ta3-
Si13.5B9 amorphous samples annealed below crystallization

temperature due to structural relaxation, and a decrease in Curie* Corresponding author. Tel.: þ381 11 3336 689; fax: þ381 11 2187 133.
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temperature for samples annealed above crystallization tempera-

ture [18]. Tiwary et al. suggested that structural relaxation of the

amorphous matrix in amorphous alloys occurs through viscous

flow and not through diffusion at temperatures well below crys-

tallization temperature [19].

Our previous work investigated thermal stability and crystalli-

zation [20], mechanical [21] and magnetic and electric properties

[22] of Fe73.5Cu1Nb3Si15.5B7 amorphous alloy. As a part of multi-

disciplinary investigation of influence of thermal treatment on

Fe73.5Cu1Nb3Si15.5B7 amorphous alloy, here we studied the effects

of structural transformations, in the temperature region prior to

crystallization, on the functional properties of this alloy.

2. Experimental

Fe73.5Cu1Nb3Si15.5B7 amorphous alloy was prepared in form of

ribbon, 2 cm wide and 35 microns thick, using the standard

procedure of rapid quenching of a melt on a rotating disc (melt

spinning method). Differential scanning calorimetry (DSC)

measurement was performed using Netzsch DSC-404, in an argon

atmosphere, at a heating rate of 20 �C/min. Electrical resistivity of

the amorphous ribbon was measured using 4-point method, in the

oven under hydrogen atmosphere, to prevent oxidation during

heating. Resistivity wasmeasured non-isothermally during heating

from 25 �C to 650 �C, and, separately, at room temperature after

successive isothermal treatments lasting 800s at different

temperatures. Modified Faraday method was used to investigate

temperature dependence of relative change in magnetic suscepti-

bility, in temperature range from25 to 450 �C, in argon atmosphere,

at magnetic fields of 8 kA/m. Thermoelectromotive force (TEMF)

measurement were performed by mechanically coupling a copper

wire (Cu) and structurally meta-stable amorphous alloy.

The samples of alloy ribbonwere heated, in a quartz ampoule in

vacuum, at different temperatures for 30 min and then left to cool

down to room temperature, before investigating their microstruc-

ture using X-ray diffraction. X-ray diffraction spectra were acquired

on X-Pert powder diffractometer (PANalytical, Netherlands) using

CuKa radiation in Bragg-Bentano geometry at 40 kV and 30 mA.

This instrument is equipped with a secondary graphite mono-

chromator, automatic divergence slits and a scintillation counter.

The collection of data was performed with 0.05� step in diffraction

angle and the collection time of 30s per step. Analysis of XRD

spectra was performed using Rietveld refinement method and

single peak refinement approach, with WinPow Rietveld refine-

ment framework [23]. Microstrain was determined using

Williamson-Hall method [24].

3. Results and discussion

3.1. Thermal stability of alloy

Thermal stability and crystallization of amorphous alloys can be

investigated in several ways. In calorimetric measurements two

basic methods are in use, isothermal and non-isothermal. In both

cases the differential scanning calorimetry technique (DSC) is the

most common method to study the crystallization behavior of

these materials. However, this method requires that the crystalli-

zation occurs with a relatively high heat of crystallization, and it is

not useful when the crystallization occurs with small heat transfer

or at a slow rate. In such situations, the measurement of electrical

resistivity ormagnetic permeability hasmany advantages and gives

more detailed information on the process of structural trans-

formations, in general [25,26].

In order to investigate thermal stability of the amorphous alloy,

we used DSC andmeasurement of electrical resistivity as a function

of temperature (Fig. 1). Both methods show a process of stepwise

thermal stabilization of alloy involving different processes of

structural relaxation and transformation in the temperature range

of 150e900 �C. The broad exothermicmaximum in DSC in the range

of 150e450 �C is attributed to the structural relaxation processes,

including Curie temperature, followed by supercooled liquid region

before the onset of crystallization at higher temperatures. However,

electrical resistivity in the region of structural relaxation exhibits

several different regions of behavior. The regions of increase in

resistivity from 150 to 400 �C, at two different rates, are typical of

metallic behavior. This is followed by a region of mostly constant

resistivity between 400 and 500 �C, corresponding to supercooled

liquid region. Finally, following a sharp decrease in resistivity,

corresponding to the crystallization peak observed in DSC, increase

in resistivity indicates that the alloy is behaving like a metallic

conductor again.

3.2. Structural transformations preceding crystallization

Having determined the crystallization temperature, we further

considered the changes in microstructure induced by thermal

treatment at temperatures before the onset of crystallization. This

was done using X-ray diffraction of a sample thermally treated at

different temperatures (Fig. 2). Broad peaks around 44� and 78�

indicate that the as-prepared alloy contains domains of short-range

crystalline ordering. The spectra show minor changes in the

temperature region between 25 �C and 400 �C, while, after thermal

treatment at 450 �C, the appearance of sharp peaks of crystalline a-

Fe(Si) phase clearly indicates the beginning of crystallization. Using

DebyeeScherrer equation and Rietveld refinement, we estimated

that the domains of short range ordering were about 1.8 nm in size

both in the as-prepared alloy and after thermal treatment at 400 �C.

The first signs of crystallization of a-Fe(Si) phase manifest them-

selves in sharp peaks superimposed on broad peaks around 44� and

83�, after treatment at 450 �C. Individual contributions of domains

of short-range ordering and crystalline a-Fe(Si) phase were sepa-

rated using Rietveld refinement (Fig. 2 inset) [23]. This way, we

were able to estimate that the size of domains of short-range

ordering increased to 2.5 nm, after annealing at 450 �C.

The lattice constant of domains of short-range crystalline

ordering in the as-prepared alloy was about 1% higher than that of

a-Fe(Si) [JCPDS-PDF 06-0696], resulting in increase in unit cell

volume of about 3% (Table 1). Annealing at 400 �C resulted in the

Fig. 1. DSC scan (heating rate of 20�C/min) and temperature dependence of electrical

resistivity of Fe73.5Cu1Nb3Si15.5B7 alloy sample.
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increase of the lattice constant of domains of short-range ordering

by additional 0.7%, resulting in total unit cell volume increase of

5.2% (Table 1). Annealing at higher temperature causes the crys-

tallization of a-Fe(Si) phase [20] and a decrease in unit cell volume

of domains of short-range ordering. Microstrain of domains of

short-range ordering showed a high value of about 156% in the as-

prepared alloy, while it decreased to 146%, after the beginning of

crystallization (Table 1).The high microstrain values represent

a driving force for crystallization, while the decrease in microstrain

indicates that some degree of lattice relaxation occurs in the

temperature range before the onset of crystallization. On the other

hand, crystalline a-Fe(Si), formed after treatment at 450 �C, showed

much lower microstrain (11.6%), indicating that a more stable

structure is attained through crystallization. These results are

consistent with the meta-stable nature of the structure of the

amorphous alloy, which seeks to alleviate internal instabilities. This

all indicates that the observed exothermic peak below 400 �C in

DSC (Fig. 1) is related to the structural relaxation, which includes

expansion of the lattice of domains of short-range ordering, prior to

the crystallization.

3.3. Influence of annealing on functional properties

The observed processes of structural transformation and relax-

ation, prior to crystallization, have a significant effect on magnetic

and electric properties of the alloy. Therefore, establishing corre-

lation between the microstructure and the functional properties of

the alloy is vital for creation of functional materials with targeted

properties. In order to achieve this, we investigated the functional

properties of the alloy non-isothermally using thermomagnetic

measurements during successive annealing cycles with expanding

temperature ranges up to 420 �C (Fig. 3), and using measurements

of dependence of thermoelectromotive force with temperature

(Fig. 4). Additionally, magnetic susceptibility and electrical resis-

tivity were measured at room temperature after each of the

annealing cycles at temperatures given in Table 2.

Thermal treatment at temperatures below the onset of crystal-

lization, where disordered structure is retained, induces an increase

in magnetic susceptibility and a decrease in electrical resistivity.

The exact value of the changes of these functional properties

depends on the final temperature of the individual annealing cycle.

The changes observed at room temperature, after each annealing

cycle, were caused by permanent structural changes in the alloy

samples. After the first annealing cycle, up to 360 �C, the increase in

magnetic susceptibility, measured at room temperature, was 7%

(Table 2), while, after the second annealing cycle to 380 �C,

magnetic susceptibility increased overall by 35%. Similar trend is

observed in the decrease of electrical resistivity after isothermal

treatment (Table 2): it decreased by 1.62% after annealing at 350 �C,

and 4.7% after annealing at 380 �C.

Taking into account the microstructural changes during struc-

tural relaxation, Table 1, the increase in magnetic susceptibility was

caused by a decrease in number of defects and microstrain and an

increase in free volume in the alloy sample, enabling greater

Fig. 2. X-ray diffraction spectra of Fe73.5Cu1Nb3Si15.5B7 sample thermally treated at different temperatures (inset: Rietveld refinement of spectra at 450�C).

Table 1

Microstructural parameters of domains of short-range crystalline ordering and a-Fe crystalline phase.

Annealing

temperature (�C)

Domains average

size (nm)

a-Fe average

size (nm)

Domains lattice

constant (Ǻ)

a-Fe lattice

constant (Ǻ)

Domains

microstrain (%)

a-Fe microstrain

(%)

25 1.8 5.791 155.8

400 1.8 5.825 150.6

450 2.5 14.5 5.795 5.716 146.4 11.6

500 14.5 5.716 10.3

550 15.2 5.713 6.9
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mobility of magnetic domain walls. Since electrical resistivity

measurements track changes in thermal resistivity, they also indi-

cated that structural relaxation resulted in a decrease in the

number of interstitial defects and an increase in mean free path of

the electron. With simultaneous thermal treatment and the effect

of external magnetic field, the disoriented in-between domainwall

atomsmergewith energeticallymore favorable domains causing an

increase in magnetic susceptibility after cooling. Greater thermal

stability of the structure attained through structural relaxation

processes means that increased thermal energy is required for

disorientation ofmagnetic domains. This is reflected in the increase

in Curie temperature, TC, with each annealing cycle (Fig. 3).

The structural changes that occur during the relaxation process

of the alloy also have a significant effect on the electron density of

states at Fermi level of the amorphous alloy. Electrical resistivity

measurements and the measurements of thermoelectromotive

force of the alloy provide information on the changes in electron

density of states. Fig. 4 shows thermoelectromotive force (TEMF) as

function of temperature in the region of structural relaxation of the

alloy (25 �Ce450 �C). Considering that electron density of states of

copper remains constant during multiple annealing cycles, the

changes observed reflect only the changes in electron density of

states of the amorphous alloy.

During a single annealing cycle, TEMF exhibits linear change

with temperature. It decreases on successive annealing cycles, as

the final annealing temperature is increased from 200 �C to 450 �C,

with noticeable decrease in the slope of TEMF curve on each

successive annealing. This indicates that structural relaxation also

results in decreased density of free electrons at the Fermi level of

the amorphous alloy, increasing electrical resistivity (Fig. 1).

Temperature coefficient of TEMF (a) can be expressed as [25,27]:

a ¼

k

2e
$

�

n2
n1

�

n1
n2

�

; (1)

e is electron charge; k is the Boltzmann constant; n1e electron state

density at Fermi level of copper; n2e electron state density at Fermi

level in amorphous annealed alloy.

Considering the slopes of the lines in Fig. 4, relative decrease in

electron state density at Fermi level of the alloy, upon each

successive annealing, was determined to be 2.8%, 8.6% and 12.2%,

respectively. This is in agreement with the observed increase in

electrical resistivity, indicating that the decrease in electron density

of states at the Fermi level of the alloy has more impact on resis-

tivity than previously observed increase in mean free path of the

electron.

3.4. Kinetics of electrical resistivity of supercooled liquid

Kinetic parameters of electrical resistivity, in the supercooled

liquid region, where electrical resistivity remained almost constant

(Fig. 1), were determined on the basis of isothermal change in

resistivity with annealing time (Fig. 5). It was observed that

isothermal resistivity decreases with increase in annealing time.

Additionally, at the end of the observed annealing cycles,

isothermal resistivity corresponding to different annealing

temperatures has different values. A decrease of 2.12%, 3.29% and

Fig. 4. Thermoelectromotive force temperature dependence of the thermocouple Cu-

Fe73.5Cu1Nb3Si15.5B7 during multiple annealing cycles up to different temperatures.

Table 2

Relative change in electrical resistivity and magnetic susceptibility measured after

each annealing cycle at different temperatures.

Annealing

temperature

(�C)

Resistivity

change (%)

Annealing

temperature

(�C)

Magnetic susceptibility

change (%)

310 �1.00

350 �1.62 360 6.5

380 �4.70 380 35.4

570 �22.64 400 40.6

Fig. 5. Dependence of electrical resistivity r of the alloy samples annealed at different

temperature on annealing time s.

Fig. 3. Temperature dependence of relative change in magnetic susceptibility of

Fe73.5Cu1Nb3Si15.5B7 during multiple annealing cycles up to different temperatures.
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3.98%, respectively, was observed with increase in annealing

temperature, as can be expected for an ionic liquid.

Two regions of different rate of change in isothermal resistivity

with time can be distinguished: sharp initial decrease is followed

by slower continuous decline (Fig. 5), indicating a change in the

mechanism of resistivity. The duration of the first region decreases

from 160 to 100s, as annealing temperature increases from 420 to

450 �C (Table 3), as a consequence of ordering of the structure

caused by thermal treatment. Linear dependence ln r ¼ f (s) in the

first region, indicates that this step is a kinetically controlled

process. On the other hand, linear dependence of r on
ffiffiffi

s
p

in the

second region indicates that this step is a diffusion-controlled

process. Rate constants (k), which were determined from the

exponential dependence of the resistivity on annealing time s,

exhibit strong dependence on annealing temperature (Table 3). The

obtained values of activation energy are within range of values

reported in literature for materials exhibiting ionic conduction

[28,29]. This confirms that the state of amorphous alloy in

temperature region of 420e450 �C is that of supercooled liquid.

4. Conclusion

Magnetic and electric properties of Fe73.5Cu1Nb3Si15.5B7 amor-

phous alloy have been investigated in the region of temperatures

prior to crystallization and correlated with thermally induced

changes in microstructure. DSC measurements suggested that this

region, corresponding roughly to 150e520 �C temperature range,

can be separated into region of structural relaxations and trans-

formations (150e440 �C) and supercooled liquid region. Temper-

ature dependence of electrical resistivity also showed several

distinct temperature regions: regions of increase in resistivity

(25e400 �C) at different rates, corresponding to structural relaxa-

tion, and supercooled liquid region of almost constant resistivity

(400e500 �C). Following a sharp decline in resistivity corre-

sponding to crystallization of the alloy, resistivity increases again,

indicating metallic behavior. Measurements of thermo-

electromotive force with respect to temperature indicate that

structural relaxation caused a decrease in electron density of states

at the Fermi level, by as much as 12.2%. Magnetic susceptibility and

electrical resistivity measurements showed that structural relaxa-

tion caused by successive annealing at temperatures between

300 �C and 420 �C resulted in a more organized alloy structure,

including increased electronmean free path, and an increase of 40%

in magnetic susceptibility and a decrease of 4.7% in electrical

resistivity at room temperature. The observed decrease in electrical

resistivity with temperature indicates that, at higher temperatures,

the decrease in electron density of states at the Fermi level has

more impact on resistivity than the observed increase in electron

mean free path. Ordering of the structure on annealing also resul-

ted in an increase in Curie temperature of the alloy from 345 �C to

370 �C. Finally, isothermal measurements of electrical resistivity

with respect to annealing time indicated that kinetics of resistivity

involved a change in the limiting step: kinetically controlled step

was replaced by diffusion controlled step. Activation energies were

calculated to be 139 kJ/mol for the kinetically controlled and 184 kJ/

mol for the diffusion controlled step.
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Kinetic parameters of resistivity of the alloy annealed at different temperatures.

T (�C) k1,10
�4 (s�1) k2,10

�6 (s�1) E1 (kJ/mol) E2 (kJ/mol)

420 0.8 1.1 139.43 184.07

435 1.3 2.9

450 2.2 4.2
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Nanocrystal Growth in Thermally Treated Fe75Ni2Si8B13C2

Amorphous Alloy

DRAGICA M. MINIĆ, VLADIMIR A. BLAGOJEVIĆ, DUŠAN M. MINIĆ,

BOHUMIL DAVID, NADĚŽDA PIZÚROVÁ, and TOMÁŠ ŽÁK

Thermal treatment of amorphous Fe75Ni2Si8B13C2 alloy leads to crystallization of the stable
a-Fe(Si) and Fe2B as well as to the metastable Fe3B phase. The study of the mechanism of
crystal growth of the a-Fe(Si) phase revealed that the mechanism of a-Fe(Si) growth changes
from two dimensional in the early stage to one dimensional in the later stage of crystallization.
The Fe2B phase was found to crystallize through two independent routes: from the amorphous
phase and from the metastable Fe3B phase, which leads to a different mechanism of crystal
growth for each route. Both routes exhibit a change in the mechanism of crystal growth: from
two dimensional to one dimensional and from three dimensional to two dimensional, respec-
tively. The respective mechanisms of crystal growth correlate well with the observed changes in
preferential orientation of the crystallites of the Fe2B phase.

DOI: 10.1007/s11661-012-1161-1

I. INTRODUCTION

IRON-BASED amorphous alloys have been a focus
of considerable scientific interest in recent times. Their
main features are isotropic physical and mechanical
properties. The addition of metalloid amorphizers like B,
Si, P, or C and the substitution of Fe by Co or Ni (or a
mixture of both) enhance their glass-forming ability,[1,2]

although boron-free soft magnetic alloys have been
prepared recently with magnetic properties similar to
those of conventional boron-containing Fe-based
alloys.[3] Recently, commercial, soft magnetic nanocrys-
talline materials have been successfully obtained by
crystallization of the amorphous precursors.[4,5] These
materials are characterized by a microstructure of
nanocrystals embedded into an amorphous matrix,
exhibiting superior soft magnetic and mechanical prop-
erties to both amorphous and macrocrystalline magnetic
alloys.[6–8] The functional properties of these materials
are highly dependent on their microstructure,[9,10] includ-
ing the degree of crystallization and the nanocrystal size.
The control of the crystallization process and the degree
of crystallization would allow for tailoring of the
material properties to particular needs. Both iron and
iron-based nanostructured materials have been success-
fully synthesized in recent times, attracting considerable
interest. Monodisperse iron nanoparticles[11,12] and
nanorods[13–15] have been synthesized both in a solution

and on a substrate, and it was observed that these
materials exhibit different properties than the bulk
iron: lower melting temperature and superparamagnetic
behavior.[11,13] Iron nanorods arrays also exhibit high
coercivity and high remanence, which makes them inter-
esting for potential magnetic recording applications.[14]

Palumbo and Barrico[16] conducted modeling of
primary iron crystal growth in a Fe85B15 amorphous
alloy and found a reasonable agreement between the
calculated and experimental DSC curves, although it
was shown that continuous heating requires more
detailed treatment of nucleation. Stergioudis et al.[17]

found that Ni affects crystallization of Fe75-xNixSi9B16

(x = 1 to 4) amorphous alloy strongly, changing the
morphology of the resulting crystal grains. Kim et al.[18]

studied the growth direction and velocity of the a-Fe(Si)
crystalline phase during crystallization of Fe80Si8B12

amorphous alloy; they found that dendritic growth
occurs in the {111} direction and that the growth rate is
independent on the annealing time. In addition, the
growth rate is dependent on the annealing temperature
only at the early stage of crystallization.
Our study of the thermal stability and structural

transformations of the Fe75Ni2Si8B13C2 amorphous
alloy under nonisothermal and isothermal conditions
showed that this alloy undergoes multistep structural
transformations,[19] with formation of a stable a-Fe(Si)
and Fe2B phase as well as a metastable Fe3B. The
kinetic parameters corresponding to each individual step
of crystallization were evaluated and kinetic triplets for
the first two steps of crystallization were determined.[20]

Because control of the crystallization process would
allow for the control of the resulting changes in
functional properties, an in-depth knowledge of kinetics
of these systems is vital to their practical application. In
this article, we present a comprehensive analysis of this
system, investigating the nature, mechanism, and kinetics
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of crystal growth in this system and correlating it with
its morphology.

II. EXPERIMENTAL

A Fe75Ni2Si8B13C2 amorphous alloy was prepared in
form of a ribbon measuring 2 cm wide and 35 lm thick
using the standard procedure of rapid quenching of a
melt on a rotating disk (melt spinning method). The
thermal stability of the alloy had been investigated by
differential scanning calorimetry (DSC) in a nitrogen
atmosphere using a DSC-50 analyzer (Shimadzu,
Kyoto, Japan). In this case, a sample weighing several
milligrams was heated in the DSC cell from room
temperature to 1023 K (750 �C) in a stream of nitrogen
with a flowing rate of 20 mL min�1 at a heating rates of
5, 8, 12, and 15 Kmin�1, respectively. The peak decon-
volution in DSC data was conducted using PeakFit
v4.12 software (Systat Software, Inc., San Jose, CA),[21]

and an analysis of the kinetic parameters was conducted
using ThermV thermokinetic software developed by
V. Blagojevic, Belgrade, Serbia.

For purposes of microstructural characterization,
alloy ribbon samples were sealed in a quartz ampoule
under vacuum and annealed for 30 minutes at different
temperatures. Annealing was followed by slow cooling
to room temperature. X-ray diffraction (XRD) patterns
were recorded using an X’Pert Pro MPD diffractometer
(PANalytical, Almelo, the Netherlands) with Co Ka

radiation operated at 40 kV and 30 mA. For the routine
characterization, diffraction data were collected in the
range of 2h Bragg angles (15 deg to 135 deg, step
0.08 deg). All XRD measurements were done on solid
samples in the form of a ribbon at room temperature.
The qualitative analysis of the XRD patterns was
performed with the X’Pert High Score Plus software
and PDF-2 database.[22,23] For the quantitative analysis,
the Inorganic Crystal Structure Database was used and
the Rietveld refinement using TOPAS v.3.0 general
profile (IMST GmbH, Kamp-Lintfort, Germany) and
structure analysis software[24] yielded the weight fraction
F (wt pct) and the mean crystallite size dXRD (nm) for an
identified phase.[25]

The surface morphology of the annealed sample was
observed using the scanning electron microscope (SEM)
Lyra 3 XMU (TESCAN, a.s., Brno, Czech Republic).
Chemical homogeneity and composition were examined
using a JEOL JSM 6460 SEM (JEOL Ltd., Tokyo,
Japan) with an Oxford Instruments (Oxfordshire, U.K.)
INCA Energy analyzer or Mira 3 TESCAN SEM
equipped with a Bruker Company (Bruker AXS Inc.,
Madison, WI) energy-dispersive X-ray (EDX) analyzer.

The transmission electron microscopy (TEM) sample
for the observation microstructure inside of the sheet
was prepared using the focused-ion beam (FIB) (Ga
ions) method (at LYRA 3 XMU FEG/SEM-FIB;
TESCAN) for obtaining the lamella as the cut perpen-
dicular to the rolling direction and to the surface. The
lamella was thick, measuring approximately 100 nm,
with a width and length of approximately 8 lm and
12 lm, respectively; it is transparent on the entire cross

section and allows observation of the microstructure
near the surface and inside of the sample as well.

A. Solid-State Kinetic Analysis

All kinetic analyses of solid-state transformations is
based on a single-step kinetic equation

da

dt
¼ k Tð Þf að Þ ½1�

where k(T) is the rate constant, t is the time, T is the
temperature, a is the fractional extent of reaction (rate
conversion), and f(a) is a conversion function that
depends on the particular reaction model.The tempera-
ture dependence of the rate conversion is introduced
by replacing k(T) with the Arrhenius equation, which
gives the relation

da

dt
¼ A exp �

E

RT

� �

f að Þ ½2�

where A (preexponential factor) and E (activation
energy) are the Arrhenius parameters and R is the gas
constant.
A kinetic description of solid-state transformations

usually includes a kinetic triplet, involving Arrhenius
parameters (activation energy E and preexponential
factor A) as well as an algebraic expression of the
conversion function f(a), which describes the dependence
of the reaction rate on the conversion degree a.
In solid-state reactions, the constant value of activa-

tion energy can be expected only for a single-step
reaction, and E in Eq. [2] becomes an apparent quantity
(Ea), based on a quasi–single-step reaction. In noniso-
thermal measurements at a constant heating rate b, the
Eq. [2] transforms to

b
da

dt
¼ A exp �

Ea

RT

� �

f að Þ ½3�

where da/dt ” b (da/dT).
Matusita’s and Sakka’s equation[26] for the kinetics of

the nonisothermal crystallization process and crystal
growth in amorphous materials states that

ln½� lnð1� aÞ� ¼ �n ln a� 1:052m
Ea

RT
þ const: ½4�

where parameter m is determined by the dimensionality
of crystal growth (m = 1 means one dimensional; m =
2, two dimensional; m = 3, three dimensional) and
parameter n depends on the nucleation process.

III. RESULTS AND DISCUSSION

A. Thermal Stability of the Alloy

The thermal stability of the alloy was investigated in
the 298 K to 923 K (25 �C to 750 �C) temperature
range. The alloy was thermally stable up to approxi-
mately 773 K (500 �C) when the step-wise exothermic
process of thermal stabilization of the alloy occurs.
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These processes yield two well-separated crystallization
peaks at approximately 773 K and 973 K (500 �C and
700 �C), respectively, indicating crystallization of the
alloy and formation of more than one crystalline phase
(Figure 1). The thermal effect of the glass transition of
the alloy, occurring at approximately 673 K (400 �C)
and previously observed in electrical resistivity mea-
surements,[27] is probably not high enough to be
observed in these DSC curves. To determine the kinetic
parameters of the processes of thermal stabilization of
the alloy, DSC thermograms were recorded at different
heating rates. The position of each peak shifted to a
higher temperature; an increase in the heating rate
indicates the thermal activation of both steps. A broad
and pronounced asymmetric form of both crystalliza-
tion peaks suggests that neither of the two peaks could
be described as belonging to a typical single-step
process.

To identify the individual crystal phases correspond-
ing to these processes, XRD measurements were per-
formed on the as-prepared alloy sample and the sample
annealed at different temperatures. XRD spectra
(Figure 2) show that the as-prepared alloy is amorphous,
with two pronounced, broad, spread halos at approx-
imately 45 deg and 78 deg, respectively. The first signs
of crystallization were observed after thermal treatment
at 748 K (475 �C), when well-defined peaks belonging to
a-Fe(Si) [JCPDS-PDF 06-0696] and Fe3B phase
[JCPDS-PDF 39-1316] were observed. This temperature
is somewhat lower than that observed in DSC, meaning
that crystallization with a slower kinetics starts before
the first exothermic heat event. After treatment at higher
temperatures (773 K [500 �C] and above), an additional
crystalline phase Fe2B [JCPDS-PDF 72-1301] is
observed. After thermal treatment at 823 K (550 �C),
the spread halo belonging to the amorphous phase has

Fig. 1—DSC scan of amorphous alloy sample at different heating rates (left) and peak deconvolution of the experimental DSC peaks (right).

Fig. 2—Normalized XRD spectra of the as-prepared sample and the samples annealed at different temperatures (inset: phase identification—left:
823 K [550 �C], right: 1093 K [850 �C]).
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completely disappeared indicating that the crystalliza-
tion process of the amorphous phase is probably
finished at this point. The phase composition, which is
obtained through Rietveld refinement of XRD spectra,
shows (Figure 3) that the a-Fe(Si) phase is the dominant
crystalline phase up to 1023 K (750 �C), whereas after
treatment at higher temperatures, the phase content of
a-Fe(Si) decreases. The metastable phase Fe3B was present
only in the narrow temperature interval of 773 K to 823 K
(500 �C to 550 �C). It accounts for almost 30 mass pct of
the sample after treatment at 748 K (475 �C), and the
decrease in the content of this phase is reflected in the
increase in both the a-Fe(Si) and Fe2B phases.

The Fe2B phase exhibits two regions of rapid increase
in phase content: at lower temperatures of 773 K to
873 K (500 �C to 600 �C), coinciding with a rapid
decrease in the phase content of Fe3B phase, and at
higher temperatures of 1023 K to 1123 K (750 �C to
850 �C), coinciding with the decrease in the phase
content of a-Fe(Si). Concerning the boride phases, this
result indicates that the favored process at lower heating
temperatures is the formation of the Fe3B phase, which
is then transformed to the more stable Fe2B phase. The
mass ratio of the Fe2B was 25 pct after treatment at
temperatures up to 1023 K (750 �C), whereas after
heating at a higher temperature of 1123 K (850 �C), its
content increases to 48 pct and then to 54 pct, after
heating at 1273 K (1000 �C). Fe-Si bonding has been
predicted to be stronger than Fe-B bonding,[28] which
means that an a-Fe(Si) solid-solution–like structure
should nucleate more easily from the amorphous
matrix, explaining why the a-Fe(Si) phase would nucle-
ate before Fe2B.

The complex peaks corresponding to the formation of
three crystalline phases, their crystal growth, and the
subsequent transformation of a-Fe(Si) to Fe2B were
deconvoluted as shown in Figure 1. The first peak
yielded four well-separated peaks, whereas the second

complex peak in the DSC scan observed at higher
temperatures yielded two well-formed peaks. Taking
into account the results of thermal and phase analysis of
thermally treated alloy samples, it is possible to identify
the individual processes that occur during crystallization
of the alloy. The well-separated peaks obtained by
deconvolution of first experimental peak correspond to
individual crystallization steps of the respective crystal-
line phases. The first step corresponds to primary
crystallization of the a-Fe(Si) phase, whereas the second
step corresponds to primary crystallization of the
metastable Fe3B phase, both from the amorphous
matrix. The third and fourth steps correspond to
crystallization of Fe2B phase, from the amorphous
phase and metastable Fe3B phase, respectively. Peak 3,
which corresponds to crystallization from the amor-
phous phase is much more intense, indicating that this
process is more prevalent. The two well-formed peaks
obtained by deconvolution of the second complex peak
in the DSC scan, which was observed at higher
temperatures, correspond to the crystal growth of the
formed crystallite of the stable phases and the transfor-
mation of a-Fe(Si) to Fe2B.
The activation energy for each step was determined by

using Vyazovkin’s[29,30] and Ortega’s[31] methods. These
methods are ‘‘isoconversional,’’ which require the deter-
mination of the value of temperature Ta at which an
equivalent stage of the reaction occurs for various
heating rates, as determined by the fractional extent of
the reaction a. The average values of the activation
energies for each of the observed processes are given in
Table I.

B. Morphology and Crystal Growth of Thermally
Treated Alloy

The morphology and microstructure of the thermally
treated alloy samples were investigated using X-ray
diffraction, SEM, and TEM to determine the morphology
of the crystallization products. This investigation was
combined with an analysis of the DSC data to identify the
mechanism of the crystal growth.
The TEM measurements of the alloy sample show

that, in agreement with the phase composition diagram,
after thermal treatment at 973 K (700 �C), the sample is
fully crystalline and the cross section of the sample
exhibits a granulated structure (Figure 4). Phase iden-
tification was performed using a dark-field technique
(using electron diffraction patterns, Figures 4(b), (c),

Fig. 3—Phase content of individual crystal phases in thermally
treated alloy samples.

Table I. Average Values of Activation Energies (in kJ/mol)
of Individual Steps for Experimental DSC Peaks

Method

Experimental
Peak 1

Experimental
Peak 2

Peak 1 Peak 2 Peak 3 Peak 4 Peak 1 Peak 2

Ortega’s 359 298 309 201 472 377
Vyazovkin’s 360 299 310 201 473 378
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and (d)), and it indicates that only two stable crystalline
phases exist: a-Fe(Si) and Fe2B, and they seem to be
interdispersed in the form of nanocrystals of different
shapes less than 100 nm in size (Figure 5). This finding
is consistent with a phase analysis from the XRD data.

The SEM images provide more information on the
morphology (Figure 6) of the sample annealed at 1023 K
(750 �C) for 30 minutes, showing areas of roughly
spherical nanocrystals and rectangular nanorods on the
surface of the sample. The nanoparticles are 50 to 200nm
in diameter, whereas the nanorods are 30 to 100 nm in
diameter and 2 to 3 lm in length. An elemental analysis
(Table II) of this region (marked in Figure 6 as spot 1)
shows an increased content of Si compared with the
surrounding region (marked in Figure 6 as spot 2),
indicating that the observed nanocrystals are the a-Fe(Si)
phase.

Because boron was not visible on the EDX scans, this
is the only reliable indicator of different phases as a
result of the previously observed relationship between
the contents of Fe and Si on the one side and B on the
other,[32] where the Fe and Si content decreased in
regions of increased B content.
The appearance of nanorods in SEM images suggests

that preferential crystal growth occurs during crystallization

Fig. 4—Middle: Overview of the lamella structure (the surface of the ribbon is on the right hand side); (a) dark-field image; (b) selected-area
electron diffraction (SAED) pattern; identification for the (c) a-Fe(Si) phase and (d) Fe2B phase.

Fig. 5—Lamella structure with marked grains of phases identified
using dark-field imaging.

Fig. 6—SEM image of the surface of alloy sample annealed at
1023 K (750 �C).

Table II. EDX Elemental Analysis of the Surface of Alloy
Sample Annealed At 1023 K (750 �C)

Element

Spot 1 Spot 2

Wt Pct At Pct Wt Pct At Pct

O 17.5 40 4 13
Si 15 18 6 10
Fe 66 41 88 76
Ni 1 0.5 2 1
Na 0.5 0.5 — —
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of the alloy. The preferential orientation of crystallites
was analyzed using XRD data to investigate the crystal
growth of the stable crystalline phases, a-Fe(Si) and
Fe2B, and its mechanisms, by determining the change in
relative contribution of the individual crystalline planes
of the respective crystal phases and correlating it with
simulated crystal structures, based on the crystal
parameters obtained from XRD spectra. The crystal
structures were simulated, based on XRD data, using
CrystalMaker Endeavour software (CrystalMaker
Sofware Limited, Oxfordshire, U.K.).

The texture of the individual crystalline phases, as a
measure of preferential orientation of any particular
crystalline plane with respect to the other planes of
respective crystal phase, was determined using the
following equation[33]:

Tc ¼
I

1
n

P

n

i¼1 Ii
½5�

where Tc is the texture coefficient, I is intensity of an
individual reflection belonging to a particular crystal

plane normalized against the intensity of that same
reflection in a reference powder sample, and n is the
total number of reflections of individual crystalline
phase considered.
The texture of a-Fe(Si) (Figure 7) shows that, at the

beginning of crystallization, the relative contribution of
the {110} and {200} planes increases slightly, whereas
the relative contribution of the {211} plane decreases.
After annealing at temperatures above 823 K (550 �C),
a change in the trend occurs with a relative contribution
of the {211} plane exhibiting rapid increase, whereas the
relative contribution of the {110} plane decreases
correspondingly and the relative contribution of the
{200} plane exhibits a relatively slow growth, indicating
the one-dimensional growth of a-Fe(Si) nanocrystals.
The simulated crystal structure of a-Fe(Si) nanocrystal
(based on XRD data) in Figure 8, shows that if the
{110} plane forms the base of nanocrystal, then the
{211} plane forms its sides, and the growth of one-
dimensional nanorods along the {110} direction would
cause the observed change in texture of a-Fe(Si) phase.

Fig. 7—Texture analysis for the a-Fe(Si) phase (left) and the Fe2B phase (right).

Fig. 8—Crystal structure of the a-Fe(Si) nanorods with the indicated growth direction (left); crystal structure of the two types of Fe2B crystals
(middle and right).
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A change in the texture for the Fe2B phase
(Figure 7(b)) shows that this phase crystallizes through
two distinct growth mechanisms, which is in agreement
with analysis of DSC data, which after deconvolution of
first complex crystallization peak, attributed two sepa-
rate processes to formation of the Fe2B phase (from
amorphous matrix and metastable Fe3B phase). Based
on simulated structures, we can observe two predomi-
nant types of crystals: one containing {110} and {202}
planes and the other containing {200} and {312} planes
(Figure 8). The relative ratios of the individual crystal
planes indicate that the first type grows mostly one
dimensionally (as shown by persistently high Tc for the
{202} and low Tc for the {110}), whereas the second type
grows mostly two dimensionally (as shown by the stable
ratio of the {200} and {312} planes after thermal
treatment at temperatures above 873 K [600 �C]). The
texture of the surface can then be interpreted as the
result of a change in the relative ratios of these two
crystal types as well as in the crystal growth of the
individual crystals. The region of 973 K to 1023 K
(700 �C to 750 �C), where significant discontinuity is
observed, corresponds to transformation of a-Fe(Si) to
Fe2B, and the observed sudden change in texture is
probably caused by nucleation of the additional Fe2B
crystallites and their growth.

Further analysis of the mechanism of crystal growth
was conducted by applying Matusita’s and Sakka’s
method (Eq. [4]) to DSC data. A series of curves, for
each peak and each heating rate, is produced, where the
slope of the curve is determined by the dimensionality of
crystal growth and activation energy of the process
(Figure 9). Using the average values of the activation
energies (Table I), we can determine the dimensionality
of the crystal growth for all observed processes. The
existence of two linear sections on all the curves, each
with a significantly different slope, indicates a change in
the mechanism of the crystal growth during crystalliza-
tion. The observed change in the mechanism, for peaks
1, 2, and 3, occurs at approximately a = 0.48, whereas
for peak 4, it occurs at approximately a = 0.6. The
slope of each individual section was used to determine
the dimensionality (parameter m) of the crystal growth
of the corresponding crystalline phase in the early stage
(low a) and the later stage (high a) of the crystallization
(Table III).

The observed change in the crystal growth mechanism
for a-Fe(Si) correlates well with the SEM images
(Figure 5) showing nanorods of the a-Fe(Si) phase on

the surface and the observed changes in the texture of a-
Fe(Si) (Figure 8). The crystal growth of Fe3B phase
(peak 2) is shown to be three dimensional in the early
stage of the reaction, whereas the later part of the
reaction could not be modeled properly because, at this
time, Fe3B phase is transforming to Fe2B and Matusi-
ta’s equation no longer applies under these conditions.
The Fe2B phase (peaks 3 and 4) shows different growth
mechanisms depending on the source of nucleation:
When nucleating from the amorphous phase (peak 3),
the growth is initially two dimensional and changes to
one dimensional, the same as a-Fe(Si), whereas the
crystals nucleating from Fe3B (peak 4) initially show
three-dimensional growth, which changes to two dimen-
sional. The two mechanisms of crystal growth corre-
spond well to the observed changes in the texture and
simulated structure of two presumed crystal types of the
Fe2B phase. Additionally, the fact that peak 3, which
grows one dimensionally, is larger than peak 4, which
grows two dimensionally, corresponds well to the
relative ratios of the {202} and {312} crystal planes,
which indicate that the crystals growing one dimensionally
should be more dominant.

Fig. 9—Matusita-Sakka curves for peaks 1, 2, 3, and 4 of the first
DSC experimental peak, showing a change in the mechanism of
crystal growth.

Table III. Dimensionality (parameter m) of Crystal Growth for the First Stage of Crystallization of the Amorphous Alloy

Heating Rate (K min�1)

Peak 1 a-Fe(Si) Peak 2 Fe3B Peak 3 Fe2B – Peak 4 Fe2B

Low a High a Low a High a Low a High a Low a High a

5 2.22 1.14 2.79 1.49 1.95 1.07 2.93 1.96
8 2.27 1.21 2.85 1.54 1.99 1.09 3.01 2.02
12 2.30 1.23 2.90 1.57 2.02 1.11 3.10 2.08
15 2.32 1.24 2.95 1.59 2.06 1.13 3.18 2.13
Average 2.28 1.20 2.87 1.55 2.00 1.10 3.05 2.05
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IV. CONCLUSIONS

During thermal treatment of the amorphous Fe75Ni2-
Si8B13C2 alloy, the mechanism of crystal growth of all
observed crystalline phases was determined using a
combination of DSC, XRD, and SEM and TEM data.
It was determined that the stable a-Fe(Si) phase grows
mostly one dimensionally, perpendicular to the {110}
plane, and a change in the crystal growth mechanism
during crystallization of the a-Fe(Si) phase from the
amorphous matrix was observed, where two-dimen-
sional crystal growth is replaced, approximately halfway
through the reaction, by one-dimensional growth. The
other stable phase, Fe2B, shows a mixed mechanism of
crystal growth, both one dimensional and two dimen-
sional, because of the different sources of nucleation
during crystallization, which leads to the formation of
different types of crystals.
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Minić: Mater. Chem. Phys., 2012, DOI: 10.1016/j.matchemphys.
2012.02.037.

28. J. Qin, T. Gu, L. Yang, and X. Bian: Appl. Phys. Lett., 2007,
vol. 90, p. 201909.

29. S. Vyazovkin: J. Comp. Chem., 1997, vol. 18, pp. 393–402.
30. S. Vyazovkin: J. Comp. Chem., 2001, vol. 22, pp. 178–83.
31. A. Ortega: Thermochim. Acta, 2008, vol. 474, pp. 81–86.
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a b s t r a c t

The influence of thermal treatment on functional properties of Fe75Ni2Si8B13C2 amorphous alloy was

investigated, showing the change that resulted from thermally induced structural transformations. Ther-

mal history of the sample was found to have a significant effect on magnetic properties. Structural

transformations were identified using DSC and thermomagnetic curve and characterized using Möss-

bauer spectroscopy and X-ray diffraction. Further investigation of magnetic and electrical properties of

the alloy showed that structural relaxation prior to crystallization affected both magnetic susceptibility

and electrical resistivity of the alloy, leading to an increase in both. This was caused by a confluence of

stress relieving and a decrease in number of defects and an increase in free volume in the alloy sample, not

only enabling greater mobility of magnetic domain walls, but also decreasing electron density of states

at the Fermi level. Annealing at temperatures below crystallization caused an increase in magnetic sus-

ceptibility of the alloy at room temperature, however, a shift in Curie temperature was not observed. The

alloy also exhibits a wide supercooled liquid region before crystallization, where its functional proper-

ties remained relatively constant, exhibiting the low values of both magnetic susceptibility and electrical

conductivity.

© 2012 Elsevier B.V. All rights reserved.

1. Introduction

Iron-based amorphous alloys have been a focus of considerable

scientific interest in recent times. Their main features are homoge-

nous and isotropic structure and isotropic physical and mechanical

properties. Their soft magnetic properties are mainly determined

by magneto-elastic and annealing-induced anisotropies [1], and

they are also characterized by high corrosion resistance and good

mechanical properties [2], making them suitable for use in a variety

of applications, such as power devices [3,4], information handling

technology, magnetic sensors [5] and anti-theft security systems

[6]. Addition of metalloid amorphizers like B, Si, P or C and the sub-

stitution of Fe by Co or Ni (or a mixture of both) enhance their glass

forming ability [7–9], although, recently, boron-free soft magnetic

alloys were prepared with magnetic properties similar to those

of conventional boron-containing Fe-based alloys [10]. Addition of

metallic additives like Ag, Cd or Zn has been shown to change crys-

tallization kinetics and alter morphology of crystal growth in some

∗ Corresponding author. Tel.: +381 11 3336 689.

E-mail addresses: dminic@ffh.bg.ac.rs, dminic2003@yahoo.com,

drminic@gmail.com (D.M. Minić).

amorphous alloy systems [11]. Magnetic properties of amorphous

Fe-based alloys can improve significantly after crystallization, if

nanocrystalline phases are formed [12,13], producing functional

materials with targeted properties. Addition of rare-earth metals

like Gd, Dy or Tb has been shown to increase Curie temperature

and affect the magnetic properties of iron-based amorphous alloys

[14].

A study of Nb-doped FeZrB-alloys revealed that, while increase

in Nb content leads to an increase the stability of amorphous

alloy, it also leads to a decrease in saturation magnetization [15].

Addition of Nb also suppresses crystallization of Fe2B phase, allow-

ing for formation of �-Fe/amorphous mixed structure, leading to

improved magnetic properties. Another study of iron-based amor-

phous alloys found that optimized microstructure corresponds to

relaxed amorphous phase and that the soft magnetic properties

of these alloys can be enhanced significantly through annealing at

temperatures before crystallization [16].

As a part of multidisciplinary study of iron-based amorphous

alloys, here we examined the influence of thermally induced struc-

tural transformations on functional properties of Fe75Ni2Si8B13C2

amorphous alloy. Our previous study of thermal stability and kinet-

ics of this alloy [17] revealed that the crystallization of this alloy

occurs in a multi-step process. These structural transformations

. doi:10.1016/j.matchemphys.2012.02.037
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Fig. 1. (a) Thermomagnetic curves on heating (solid line) and cooling (dashed line) cycle (left); vertical arrows show the annealing temperatures for Mössbauer and XRD

measurements; (b) enhanced sections of thermomagnetic curve (solid line) and DSC (dashed line) showing the region of crystallization of the alloy.

[18] had a significant effect on electrical and magnetic properties

of the alloy [19]. Here we correlated structural changes induced by

isothermal and non-isothermal treatment with changes in func-

tional properties of this alloy.

2. Experimental procedure

Fe75Ni2Si8B13C2 amorphous alloy was prepared in the form of

ribbons, 2 cm wide and 35 �m thick, using the standard procedure

of rapid quenching of a melt on a rotating disc (melt spinning

method). Differential scanning calorimetry (DSC) measurement

was performed using Netzsch DSC-404, in an argon atmosphere,

at a heating rate of 5 ◦C min−1. Thermomagnetic scan was used to

study temperature induced processes. The experiment was local-

ized on the EG&G Vibrating Sample Magnetometer in an evacuated

furnace. In this process the sample is heated, annealed and finally

cooled in a vacuum furnace at weak magnetic field of 4 kA m−1

while its magnetic moment was monitored. Both heating and

cooling rates were 4 C min−1, and the dwell time at the maxi-

mum temperature of 800 ◦C was 30 min. The obtained results were

used to determine temperatures suitable for intermediate subse-

quent annealing followed by Mössbauer and X-ray measurements.

Annealing at chosen temperatures was conducted for 30 min. For

this purpose alloy sample was repeatedly thermally treated at suc-

cessively higher temperatures.

The X-ray diffraction (XRD) patterns were recorded on an X’Pert

Pro MPD diffractometer from PANalytical with Co K� radiation

operated at 40 kV and 30 mA. For the routine characterization

diffraction data were collected in the range of 2� Bragg angles

(15–135◦, step 0.08◦). All XRD measurements were done on

solid samples in the form of a ribbon at room temperature. The

qualitative analysis of the XRD patterns was performed with the

X’Pert High Score Plus software and PDF-2 database [20,21]. For

the quantitative analysis the ICSD database was used and the

Rietveld refinement yielded the mean crystallite size dXRD (nm)

for an identified phase [22]. Mössbauer spectra were taken at

room temperature, using the standard transmission geometry

and a 57Co(Rh) source. The calibration was done against �-iron

foil data. For the spectra fitting and decomposition, the CONFIT

program package was used [23]. The computer processing of

Mössbauer spectra, yielded intensities, I, of components, their

hyperfine inductions, Bhf, isomer shifts, ı, and quadrupole splitting,

�. Modified Faraday method was used to investigate temperature

dependence of relative change in magnetic susceptibility, in

temperature range from 25 to 660 ◦C, in argon atmosphere, at

magnetic fields of 8 kA m−1. Electrical resistivity of the amorphous

ribbon was measured using 4-point method, in the oven under

hydrogen atmosphere, to prevent oxidation during heating. Elec-

trical resistivity was measured non-isothermally during heating

from 25 to 630 ◦C. Magnetic susceptibility and electrical resistivity

were recorded at heating rate of 20 ◦C min−1. FIB-SEM image was

obtained using XL 30 ESEM-FEG (Environmental Scanning Micro-

scope with Field Emission Gun, by FEI, Netherlands), with 20 kV

acceleration voltage.

3. Results and discussion

The effect of thermal treatment on functional properties of

Fe75Ni2Si8B13C2 alloy was investigated in conjunction with investi-

gation of thermal stability and structural transformations. Thermal

stability of Fe75Ni2Si8B13C2 alloy was investigated using DSC,

which showed that the alloy was stable up to about 520 ◦C, after

which it underwent multi-step crystallization [17]. The struc-

tural transformations are manifested in DSC only through two

well defined exothermal peaks in 520–550 ◦C temperature region,

which were attributed to the crystallization of the alloy, Fig. 1b.

Therefore, for a more detailed study of structural transformations,

we used thermomagnetic measurements, Mössbauer spectroscopy

and X-ray diffraction (XRD).

3.1. Analysis of structural transformations

The thermomagnetic curve (Fig. 1a) offers more information

on structural transformations in a broader temperature region

(25–800 ◦C) than DSC. This measurement indicates that the alloy

remains ferromagnetic, with a constant magnetic moment, up to

around 400 ◦C, when it abruptly declines to zero at 420 ◦C, indi-

cating Curie temperature. The alloy remains paramagnetic until

the onset of crystallization around 520 ◦C, after which the alloy

regains ferromagnetic properties, as indicated by the increase in

magnetic moment. The change in the magnetic moment in the

temperature region between 500 and 600 ◦C indicates multi-step

structural transformation, with two overlapping peaks clearly visi-

ble in enhanced segment of the thermomagnetic curve (Fig. 1b). The

third, smaller peak, around 700 ◦C in the thermomagnetic curve,

appears due to recrystallization and transformation of �-Fe(Si) to

Fe2B, as observed in our previous work [24]. Based on these results,

successively higher sample annealing temperatures were chosen

(represented by arrows in Fig. 1a) for further analysis of structural

transformations using Mössbauer spectroscopy and XRD.

Mössbauer spectra of as-prepared alloy as well as the sample

annealed at 550 and 700 ◦C presented in Fig. 2 are typical spectra

obtained after annealing at different temperatures. These illustrate

the different shape of the lines in the spectra of amorphous
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Fig. 2. Mössbauer spectra of the as-prepared alloy (a); after annealing at 550 ◦C (b); after annealing at 700 ◦C (c); including components of iron containing phases. LF and HF

stand for low-field and high-field amorphous material component, respectively.

structure, characterized by short-range ordering, and crystal

structure, as well as the spectra of individual iron containing

crystalline phases. Generally, broad-line components are typical

of the amorphous volume of the as-prepared sample (Fig. 2a),

while the sharp lines characterize the crystalline structure with

well-defined positions of Fe-atoms (Fig. 2b and c). The as-prepared

alloy is an amorphous structure, exhibiting a high-field and a

low-field component of Mössbauer spectrum, while the spectra of

crystallized alloy (annealed at temperatures above 425 ◦C) show

the presence of different crystalline phases (Table 1). The contents

of the iron-containing phases were determined as proportional

to the relative areas of the corresponding spectral components.

However, the exact quantification of the phase contents could only

be done when possible differences in values of Lamb-Mössbauer

factors were considered. The pattern characteristics for the Fe–B

phases were taken from [25] and [26]. Some basics about the Fe–Si

Mössbauer spectra fitting can be found in [27].

The tentative phase analysis shows that relative contributions

of individual phases change during the successive annealing at

different temperatures (Table 1). With the increase in annealing

temperature the amorphous structure remains almost unchanged

until the appearance of small amounts of �-Fe(Si) solid solution

and FeB phase during the crystallization process after treatment at

425 ◦C. On further annealing, two boron-containing phases were

observed: an intermediate phase Fe3B, detected after annealing at

475 and 550 ◦C, and stable Fe2B phase, which was first detected

after annealing at 550 ◦C. This is in good agreement with previously

published reports [18,24]. Additionally, a minor iron phase, �-Fe,

was observed after annealing at 475 ◦C and 550 ◦C. As the final crys-

tallization products at 700 ◦C, the Mössbauer phase analysis reveals

only �-Fe(Si) solid solution and Fe2B phase, in 1.78:1 ratio of at.%

of Fe. Amount of iron atoms in paramagnetic positions is almost

below the sensitivity threshold. Content of silicon in the �-Fe(Si)

solid solution seems to be about 9 at.% which is not far from the

value of 7 at.% published in [28].

X-ray diffraction spectra yield additional information about

microstructure of the alloy. It shows that the alloy structure does

not change after annealing at temperatures up to 400 ◦C (Fig. 3). It

exhibits domains of short range crystalline ordering, which man-

ifest themselves in two broad spread halos around 52◦ and 96◦,

respectively. The size of these domains was estimated, using Scher-

rer equation and Rietveld refinement, to be around 1.5 nm (Fig. 3b).

The first observed change in average domain size was a slight

increase after annealing at 425 ◦C, as a consequence of the onset

of crystallization, also observed in Mössbauer spectra. Annealing at

475 ◦C resulted in appearance of sharp crystalline peaks of �-Fe(Si)

and Fe3B phases, indicating coexistence of amorphous and crys-

talline phase. Using peak deconvolution and Rietveld analysis, the

size of the domains of short-range crystalline ordering of the amor-

phous phase was determined to increase sharply (around 5.5 nm)

after annealing at this temperature.

3.2. Influence of structural transformations on functional

properties

In order to determine the influence of structural changes on

functional properties, electrical and magnetic measurements were

conducted in a similarly broad temperature region (25–600 ◦C).

Electrical resistivity (Fig. 4a) exhibits a slight initial rise with tem-

perature characteristic of metallic conductors, followed by a sharp

increase between 350 and 400 ◦C, and then by a region of very

slow increase up to the onset of crystallization around 520 ◦C. More

insight into structural transformations is obtained from the deriva-

tive of electrical resistivity with respect to temperature, which

exhibits two clearly separated peaks, a wide peak in the region

350–420 ◦C and a sharp asymmetric peak around 520 ◦C, Fig. 4b. The

first peak corresponds to the glass transition of the alloy, which is

followed by wide supercooled liquid region, while the second corre-

sponds to the step-wise crystallization. Structural relaxation region

(200–400 ◦C) involves stress relieving and elimination of defects

formed during rapid cooling of the alloy, a decrease in electron den-

sity of states at the Fermi level and an increase in electron mean

free path [29], leading to an increase in the degree of ordering of

the system. These lead, initially, to fast increase in resistivity, with

the increase in temperature, because the effect of the decrease in

electron density of states at the Fermi level is more prominent than

Table 1

Mössbauer tentative phase analysis (distribution of Mössbauer iron atoms among phases).

Annealing temperature Amorphous

(at.% of Fe)

�-Fe(Si)

(at.% of Fe)

�-Fe

(at.% of Fe)

FeB

(at.% of Fe)

Fe3B

(at.% of Fe)

Fe2B

(at.% of Fe)

Fe para

(at.% of Fe)

As-prepared 1.00 – – – – –

200 ◦C 1.00 – – – – –

400 ◦C 1.00 – – – – –

425 ◦C 0.92 0.06 – 0.02 – – –

475 ◦C 0.66 0.08 0.05 – 0.21 –

550 ◦C – 0.57 0.07 – 0.13 0.22 0.01

600 ◦C – 0.64 – – 0.36 –

700 ◦C – 0.64 – – 0.36 –
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114 D.M. Minić et al. / Materials Chemistry and Physics 134 (2012) 111–115

Fig. 3. (a) XRD spectra at different temperatures (left) and (b) change in the size of domains of short-range crystalline ordering (right).

the opposite effect of the increase in electron mean free path. The

region of temperatures 400–520 ◦C corresponds to the supercooled

liquid region of the alloy, as a consequence of the glass transition. At

this subsequent higher temperature there was an enhanced effect

of mechanical softening, as the viscosity of the material decreased,

and thermal expansion of the material. This led to an increase in

the conductivity of electrons, counteracting the increased thermal

motion of metal atoms, leading to a slower increase in thermal elec-

trical resistivity after glass transition [30]. Crystallization is marked

by a sudden decrease in resistivity. On further heating, crystalline

alloy regains metallic properties characterized by an increase in

electrical resistivity.

Magnetic susceptibility of as-prepared alloy (Fig. 5) during ther-

mal treatment exhibits three regions of behavior: region of almost

constant susceptibility up to 350 ◦C (ferromagnetic region), fol-

lowed by a decrease until susceptibility reaches zero at Curie

temperature, and it remains at zero until the onset of crystallization

(paramagnetic region). In order to investigate effects of anneal-

ing on magnetic susceptibility, the alloy was successively annealed

at higher temperatures. After heating up to 450 ◦C, an increase of

around 20% in magnetic susceptibility at room temperature was

observed, with another slight increase before the transition to

supercooled liquid region. This was caused by a decrease in num-

ber of defects and an increase in free volume in the alloy sample,

enabling greater mobility of magnetic domain walls. The region of

temperatures 200–350 ◦C corresponds to stress relieving and defect

elimination and annealing at these temperatures leads to improved

magnetic properties of amorphous material without affecting the

microstructure of the alloy. At Curie temperature, around 400 ◦C,

the alloy becomes paramagnetic and retains this character until the

end of thermal treatment at 550 ◦C. Annealing of amorphous alloys

at temperatures below crystallization temperature often results in

increase of Curie temperature [29], due to increased thermal sta-

bility of the resulting structure, but this was not observed here.

Fully crystallized alloy (annealed at 550 ◦C and higher) regained

ferromagnetic character and its magnetic susceptibility at room

temperature is about 15% lower than that of the as-prepared alloy.

It increases on heating, and becomes almost equal to that of as-

prepared alloy around 250 ◦C. It decreases at higher temperatures

as thermal motion works against magnetic interactions as the tem-

perature nears Curie temperature of crystalline phases. In order to

demonstrate how important thermal history of the alloy is for its

functional properties, in Fig. 5b we showed the change in mag-

netic susceptibility measured at room temperature after thermal

treatment of the alloy. Alloy samples were annealed at different

temperatures, followed by slow cooling to room temperature, after

which magnetic susceptibility measurements were performed. The

effect of all thermally induced structural changes is evident from

the fact that the change in magnetic susceptibility with annealing

temperature exhibits several distinct regions. The increase follow-

ing annealing at temperatures in 300–400 ◦C range is caused by

structural relaxation involving stress relieving and defect elimi-

nation. Thermal treatment at temperatures, which correspond to

supercooled liquid region leads to a further sudden increase in sus-

ceptibility. However, partial crystallization, caused by annealing

at higher temperatures, leads to a decrease, which becomes more

pronounced with increase in degree of crystallization. As the alloy

undergoes stabilization through crystallization and subsequent

crystal growth, the decrease in value of magnetic susceptibility at

room temperature in fully crystallized alloy, when compared to

as-prepared alloy, could be a consequence of relatively small aver-

age crystal size, due to relative prevalence of interfacial surfaces in

Fig. 4. Temperature dependence of magnetic susceptibility shown with (a) electrical resistivity and (b) derivative of electrical resistivity with respect to temperature.
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D.M. Minić et al. / Materials Chemistry and Physics 134 (2012) 111–115 115

Fig. 5. (a) Magnetic susceptibility on heating to different temperatures (left) and (b) Magnetic susceptibility at room temperature after annealing, followed by slow cooling,

at different temperatures.

Fig. 6. FIB-SEM image of a sample annealed at 650 ◦C.

the highly granulated porous structure. This is visible in FIB-SEM

image of fully crystallized alloy sample (Fig. 6), which shows that

the structure of fully crystallized alloy consists of interdispersed

nanocrystals of �-Fe and Fe2B phases. All these results indicate that

thermal motion is the primary factor in the change in both mag-

netic and electric, as well as, the microstructural changes observed

in the alloy in this temperature region.

4. Conclusion

Using DSC, thermomagnetic, Mössbauer and XRD measure-

ments structural transformations of Fe75Ni2Si8B13C2 alloy were

found to result in successive formation of �-Fe(Si), Fe3B and

Fe2B crystalline phases. The results presented show the close

connection between structural changes and functional proper-

ties of this material, both before and during crystallization. It

was shown that successive structural transformations exhibited

by Fe75Ni2Si8B13C2 alloy were accompanied by corresponding

changes in electrical resistivity and magnetic susceptibility. There

was no observed shift in Curie temperature after annealing at tem-

peratures below crystallization, possibly because of the proximity

of Curie temperature to the glass transition of the alloy, although,

an increase in magnetic susceptibility of up to 20% was observed,

as a consequence of stress relieving and elimination of defects.

Fully crystallized alloy exhibited 15% lower magnetic susceptibil-

ity at room temperature than the as-prepared alloy, due to relative

prevalence of interfacial surfaces in the highly granulated porous

structure.
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a b s t r a c t

Thermally induced structural transformations of amorphous Fe75Ni2Si8B13C2 alloy have been character-

ized in terms of both thermodynamic and kinetic parameters of individual processes. The crystallization

of the alloy occurs in temperature region around 500 ◦C with primary crystallization of stable �-Fe(Si) and

Fe2B and metastable Fe3B phase, followed by transformation of Fe3B to Fe2B. The latter process exhibits

the lowest values of apparent activation energy and change in Gibbs free energy of activated complex,

as well as negative value of change in entropy of activated complex, indicating that this corresponds to

transformation of one crystalline phase to another, making it the least complex of the four processes.

Another set of transformations occurs around 700 ◦C, where two consecutive processes are observed:

phase transformation of �-Fe(Si) to �1-Fe(Si) and subsequent transformation of a portion of �1-Fe(Si)

to Fe2B. The consecutive nature of these processes is indicated by the fact that the first process exhibits

significantly higher values of apparent activation energy and changes in Gibbs free energy and entropy

of activated complex.

1. Introduction

Amorphous alloys, or metallic glasses, represent a class of mate-

rials characterized by absence of the long-range ordering in atom

arrangement [1,2]. They possess specific combination of physical

and mechanical properties, which makes them useful for many

applications [3–6]. Since they are kinetically and thermodynami-

cally metastable, thermal treatment can cause their transformation

to more stable crystal forms. These structural changes can result in

changes in functional properties of alloys, such as heat capacity,

electrical and magnetic properties. Addition of metalloid amor-

phizers like B, Si, P or C and the substitution of Fe by Co or

Ni (or a mixture of both) enhance their glass forming ability

[7,8], although boron-free soft magnetic alloys have been prepared

recently with magnetic properties similar to those of conventional

boron-containing Fe-based alloys [9]. During crystallization, struc-

ture of the material transforms from amorphous, through hybrid

amorphous/crystalline, to purely crystalline. Functional properties

of these materials are highly dependent on their microstructure

[10,11], including degree of crystallization and nanocrystal size.

∗ Corresponding author. Tel.: +381 11 333 6689.

E-mail addresses: dminic@ffh.bg.ac.rs, drminic@gmail.com (D.M. Minić).

Control of the crystallization process and degree of crystallization

would allow for tailoring of material properties to particular needs.

A study of iron-based amorphous alloys found that opti-

mized microstructure of the amorphous alloy corresponds to

relaxed amorphous phase and that the soft magnetic properties

of these alloys can be enhanced significantly through annealing at

temperatures below crystallization temperature [12]. Analysis of

crystallization kinetics of undercooled Fe B hypereutectic alloy,

which determined nucleation and growth rates for Fe78B22 alloy,

showed that the kinetics of crystallization is dependent on under-

cooling �T and is determined by changes in nucleation and growth

rates [13]. Recently conducted ab initio molecular dynamics simu-

lations [14] of liquid and amorphous Fe78Si9B13 alloys showed that

Fe Si bonding should be stronger than Fe B bonding and there

should be no bonding states in Si B pairs. Therefore, Si and B would

tend to repulse each other, and the preferred local structure for each

of these species would be the one where each of them is surrounded

with Fe-atoms. This means that �-Fe(Si) solid-solution-like struc-

ture should nucleate from the amorphous matrix more easily than

Fe B type of crystal, and would represent a primary precipitate

during the crystallization process of Fe Si B based amorphous

alloys.

At high temperatures, thermally treated amorphous alloys

usually undergo multi-step processes of structural phase

http://dx.doi.org/10.1016/j.tca.2012.09.014
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transformations, and the kinetics of these processes was inves-

tigated in some detail [15,16]. Structural transformations of the

Fe75Ni2Si8B13C2 amorphous alloy under non-isothermal as well

as under isothermal conditions [17,18] showed that this alloy

undergoes multi-step structural transformations at temperature

up to 600 ◦C, including formation of �-Fe(Si), metastable Fe3B,

as well as Fe2B phase. However, this study was limited to tem-

perature range below 600 ◦C, and the nature and mechanism

of the individual processes have not been fully explained and

characterized, as one of the observed processes was characterized

as complex, and, therefore, it was not possible to analyze it. Here

we present a comprehensive study of crystallization kinetics and

thermodynamics of Fe75Ni2Si8B13C2 amorphous alloy, as well

as transformation and recrystallization processes that follow at

higher temperatures up to 750 ◦C, and offer the most accurate and

detailed explanation of mechanism of these processes, linking the

obtained kinetic and thermodynamic parameters to real processes

of structural transformation observed in the system using XRD and

Mössbauer spectroscopy.

2. Experimental procedure

2.1. Materials and techniques

The ribbon shaped samples of Fe75Ni2Si8B13C2 amorphous alloy

were prepared using the standard procedure of rapid quenching of

the melt on a rotating disc, named “melt spinning method”. Width

of obtained ribbon was 2 cm and thickness was 35 �m.

The thermal stability of the alloy was investigated by the differ-

ential scanning calorimetry (DSC) in a nitrogen atmosphere, using

a DSC-50 Analyzer (Shimadzu, Japan). In this case, samples weigh-

ing several milligrams were heated in the DSC cell from room

temperature to 750 ◦C in a stream of nitrogen flowing at a rate

of 20 mL min−1. Measurements were carried out at constant heat-

ing rates of 5, 8, 12 and 15 ◦C min−1. Calibration of the instrument

was performed for each of the four heating rates, while the DSC

curves shown here were obtained by deducting the baseline from

experimental curves. The peak deconvolution was conducted using

a Gaussian–Lorentzian cross-product function. The deconvolution

was performed concurrently on all the heating rates to maintain the

profile of individual peaks, to reflect the fact that respective decon-

voluted peaks represent same processes at different heating rates.

All of the theoretical peaks exhibit correlation factor R2 with exper-

imental peaks of over 0.993. The best fit with the lowest number

of steps, containing only single-step processes, was achieved when

the first experimental peak was deconvoluted into four steps and

the second experimental peak into two steps.

2.2. Solid-state kinetic analysis

Kinetic studies of solid-state transformation are based on kinetic

equation for single-step process:

d˛

dt
= k(T)f (˛) (1)

where ˛ is conversion degree, t is the time, T is the temperature,

k(T) is the rate constant, and f(˛) is a conversion function which

depends on the particular reaction mechanism [19].

The rate constant (k(T)) follows the Arrhenius equation, which

can be introduced to Eq. (1). Thus, the rate of conversion is given

as:

d˛

dt
= A exp

(

−E

RT

)

f (˛) (2)

where A is pre-exponential factor, E is activation energy and R is the

gas constant. Pre-exponential factor and activation energy are the

Fig. 1. Experimental DSC curves at different heating rates.

Arrhenius parameters and these parameters, together with alge-

braic expression of conversion function f(˛), represent a kinetic

triplet which is usually used for kinetic description of solid-state

transformations.

In solid-state reactions, the constant value of activation energy

can be expected only for a single-step reaction and E in Eq. (2)

becomes an apparent quantity (Ea) based on a quasi-single-step

reaction. Under non-isothermal conditions, for measurements at

constant heating rates the Eq. (2) is often transformed to

ˇ
d˛

dT
= A exp

(

−Ea

RT

)

f (˛) (3)

where ˇ is heating rate, ˇ = dT/dt, and d˛/dt ≡ ˇ(d˛/dT). Integration

of Eq. (3) leads to

g(˛) =

∫ ˛

0

d˛

f (˛)
=

AEa

Rˇ
p(x) (4)

where g(˛) is the integral form of the reaction model and p(x) is the

temperature integral for x = Ea/RT which does not have analytical

solution.

3. Results and discussion

3.1. Thermal stability of the alloy

Investigation of thermal stability of Fe75Ni2Si8B13C2 amorphous

alloy revealed that it was thermally stable up to about 500 ◦C

when step-wise process of thermal stabilization occurred [17]. DSC

curves, Fig. 1, obtained at four different heating rates, show two

well-formed exothermic peaks at around 500 ◦C and 700 ◦C, respec-

tively. Asymmetric shape of both experimental peaks implies that

they correspond to complex processes involving more than one

single-step. In order to study the nature of individual steps of com-

plex processes, the experimental peaks were deconvoluted: the

first experimental peak was separated into four steps, while the sec-

ond was separated into two steps (Fig. 2). The individual steps of the

first experimental peak can be ascribed, using structural analysis, to

the formation of �-Fe(Si), Fe3B and Fe2B crystalline phases, and sub-

sequent transformation of metastable Fe3B to Fe2B, respectively.

Mössbauer spectroscopy allowed us to determine the exact order in

which the individual crystalline phases crystallize out of the amor-

phous matrix [20]. The individual steps of the second experimental

peak can be ascribed to transformation of �-Fe(Si) to �1-Fe(Si) and

transformation of part of �1-Fe(Si) to Fe2B phase [10]. All of the
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Fig. 2. Peak deconvolution of complex experimental peaks.

deconvoluted peaks shift to higher temperatures with increase in

heating rate, indicating thermal activation of each individual step.

Further study of the nature of processes of thermal stabiliza-

tion of Fe75Ni2Si8B13C2 amorphous alloy included determination

of both kinetic and thermodynamic parameters of individual steps

of crystallization and recrystallization processes. Thermodynamic

analysis included determination of values of �H0‡, �S0‡ and �G0‡

of activated complex for each individual step, while kinetic analysis

included determination of values of kinetic triplets and determina-

tion and validation of the mechanism of solid-state reaction for

each step of observed structural transformations.

3.2. Determination of thermodynamic parameters

In order to understand the transformation processes bet-

ter, thermodynamic activation parameters for individual steps of

experimental DSC peaks were determined (Table 1). Values of

standard activation entropy (�S0‡) were calculated using Eyring’s

theory [21,22]:

A =
kT

h
e

�S0‡

where A is Arrhenius pre-exponential factor, k is Boltzmann con-

stant, h is Planck constant and T is temperature. Taking into account

that, for solid-state reactions, Ea ≈ �H‡, where �H‡ is activation

enthalpy:

�G
0‡

= �H
0‡

− T�S
0‡

Negative value of �G0‡ indicates that the formation of acti-

vated complex occurs spontaneously. Equilibrium constant (K‡) for

reactant-activated complex pair can then be calculated using equa-

tion:

�G
0‡

= −RT ln K
‡

High values of this constant indicate tendency to form activated

complexes from initial metastable state.

Positive values of entropy and negative values of change in Gibbs

free energy (which corresponds to high values of equilibrium con-

stant K‡) for first three steps of first experimental peak suggests that

the formation of activated complex during the processes of crys-

tallization of three crystalline phases from the amorphous matrix

results in a decrease of short-range ordering of the amorphous

matrix. Formation of �-Fe(Si) phase (step 1 of experimental peak

1) exhibits highest value of change in Gibbs free energy and crys-

tallizes first, even though it exhibits the highest value of activation

energy. It is probable that this phase then serves as nucleation site

for crystallization of the other phases. Initial preferential crystal-

lization of metastable Fe3B phase is determined by the chemical

composition of amorphous matrix, or more specifically, its high

boron content (around 40 at.%), and its formation exhibits some-

what lower value of activation energy. Fourth step exhibits negative

values of both entropy and Gibbs free energy, which is consistent

with the process of transformation of metastable Fe3B to stable

Fe2B phase, resulting in increased degree of crystalline symmetry

of the system (P42n to I(−4)2m).

Both individual steps of the second experimental peak exhibit

positive values of entropy of activated complex, while the corre-

sponding values of Gibbs free energy are negative. The first step

exhibits significantly higher values of thermodynamic parameters

than the second, which is in agreement with the interpretation of

these steps as a consecutive process of phase transition of �-Fe(Si)

to �1-Fe(Si) and transformation of a portion of �1-Fe(Si) to Fe2B

[23]. Fig. 3 shows enhanced parts of XRD spectra of alloy samples

thermally treated at 650, 750 and 850 ◦C, where a shift in peaks of

�-Fe(Si) phase is clearly visible going from 650 to 750 ◦C (due to

phase transition from � to �1 phase). Since phase transition from

� to �1 phase would include displacement of not only Fe and Si

atoms, but also B atoms that are still present in �-Fe(Si) phase, it

would be expected that this would entail both temporary decrease

in ordering of the crystal structure of �-Fe(Si) and decrease in over-

all stability of the lattice, going from � to �1 structure. Subsequent

formation of Fe2B would be facilitated both by the decreased sta-

bility of �1-Fe(Si), compared to �-Fe(Si), and its higher Si content,

which allows for more Fe to be incorporated into Fe2B.

None of the thermodynamic parameters exhibit deviation from

linear dependence with respect to temperature, indicating that

there is no change in mechanism in the observed temperature

region.

3.3. Determination of kinetic triplets

Initial investigation of kinetic parameters of each deconvoluted

step was conducted by determining the overall values of appar-

ent activation energies (Ea) and pre-exponential factors (A) using

Kissinger’s and Ozawa’s methods [24,25] (Table 2), and the values

obtained by both methods were in good agreement.

Relatively high values of Ea for the first three steps are an indi-

cation of the complexity of the processes of crystallization, which

requires participation of a significant number of atoms. In order

to determine the mechanism, it is necessary to determine the val-

ues of Ea for different values of ˛, using isoconversional methods:

Vyazovkin’s [26,27], Ortega’s [28] and Kissinger–Akahira–Sunose’s

(KAS) [24,29] (Fig. 4). It can be observed that, for each individual

step, the determined values of apparent activation energies are rel-

atively constant in the 0.2 ≤ ˛ ≤0.8 range, indicating single step

processes, while the values of Ea obtained using different meth-

ods are in relatively good agreement (Table 2). These values show

good agreement with previously obtained values of kinetic param-

eters for overlapping steps of experimental peak 1 [17], even in the
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Table 1

Thermodynamic parameters of activated complex for individual steps.

Experimental peak 1 Experimental peak 2

Step 1 Step 2 Step 3 Step 4 Step 1 Step 2

�‡H (kJ/mol) −345 ± 16 −284 ± 22 −295 ± 27 −187 ± 17 −452 ± 17 −357 ± 26

�‡S (J/(mol K)) 130 ± 5 49.8 ± 3.7 58.4 ± 4.7 −81.8 ± 5.3 164 ± 6 62.7 ± 3.8

�‡G (kJ/mol) −449 ± 21 −324 ± 26 −343 ± 32 −119 ± 22 −610 ± 23 −418 ± 30

K‡ (2.1 ± 0.1)×1029 (1.0 ± 0.1)×1021 (8.7 ± 0.8)×1021 (3.3 ± 0.6)×107 (9.9 ± 0.4)×1032 (3.2 ± 0.2)×1022

Fig. 3. Enhanced regions of XRD spectra after thermal treatment at different temperatures, showing the shift of �-Fe(Si) peaks due to phase transition from �- to �1-phase.

case of the complex step of first experimental peak, which is now

contained in steps 3 and 4. This is due to the fact that the relative

amplitude of step 4 is the lowest and its relative effect on the overall

values of kinetic parameters is, accordingly, low.

Determination of the correct form of the conversion function

was conducted using Málek’s method [30] as the initial criterion,

involving the use of functions y(˛) and z(˛), which, in non-

isothermal conditions, can be defined as follows:

y(˛) =

(

d˛

dt

)

exp

(

Ea

RT

)

= Af (˛), z(˛) =

(

d˛

dt

)

T2 (5)

For practical reasons, the functions are normalized within [0,1]

range. Obtained functions y(˛) and z(˛) have convex shape and

well defined maxima for each crystallization step, Fig. 5, indicat-

ing that these generally correspond to JMA model, which assumes

isothermal process with completely separate steps of formation

of nuclei and subsequent crystal growth. For full validity of JMA

model, the maximum of the z(˛) function would have to be located

at ˛ = 0.632 [30]. Observed values of the maxima of the z(˛) func-

tion (Table 3) are in 0.50 ≤ ˛ ≤ 0.52 range, indicating that the

conditions of validity of the JMA model are not entirely ful-

filled (figures in supplemental material), which could be expected

considering that crystallization of �-Fe(Si) probably includes over-

lapping steps of nucleation and crystal growth, while its crystals

serve as nucleation sites for crystallization of other phases. The

maxima of the y(˛) functions are located at ˛ > 0 and at lower values

of the degree of transformation than the maxima of the z(˛) func-

tions, which, combined with the convex shape of these functions,

suggests that the individual steps may correspond to empirically

derived Šesták–Berggren model [30,31] (Fig. 6(a)), which is usually

represented as:

f (˛) = ˛M(1 − ˛)N[−ln (1 − ˛)]P (6)

and assumes the form of a number of different reaction models,

depending on the combination of values M, N and P [32]. This model

is usually used in simplified form (P = 0): f (˛) = ˛M(1 − ˛)N which

is an autocatalytic model, physically meaningful only for M < 1.

Obtained average values of the parameters M and N (presented in

Table 2

Kinetic parameters of individual steps determined by different methods.

Ea (kJ/mol) Experimental peak 1 Experimental peak 2

Method Step 1 �-Fe(Si) Step 2 Fe3B Step 3 Fe2B Step 4Fe3B → Fe2B Step 1 � → �1 Step 2�1-Fe(Si) → Fe2B

Kissinger Ea (kJ/mol) 345 ± 16 284 ± 22 295 ± 27 187 ± 17 452 ± 17 357 ± 26

A (min−1) (1.7 ± 0.1)×1022 (1.1 ± 0.1)×1018 (3.1 ± 0.4)×1018 (1.5 ± 0.2)×1011 (1.20 ± 0.06)×1024 (6.2 ± 0.6)×1018

Ozawa Ea (kJ/mol) 341 ± 15 283 ± 21 293 ± 26 191 ± 16 445 ± 16 350 ± 25

A (min−1) (1.00 ± 0.04)×1022 (9.4 ± 0.7)×1017 (2.5 ± 0.2)×1018 (3.1 ± 0.2)×1011 (5.9 ± 0.2)×1023 (4.9 ± 0.3)×1018

Ortega 359 ± 16 300 ± 22 309 ± 27 201 ± 17 472 ± 18 377 ± 26

Vyazovkin 360 ± 1 299 ± 1 310 ± 1 202 ± 1 473 ± 1 378 ± 1

KAS 345 ± 16 285 ± 22 294 ± 27 187 ± 17 452 ± 17 357 ± 26

Šesták-Berggren 356 ± 12 297 ± 10 305 ± 11 201 ± 8 470 ± 18 377 ± 15

IKP Ea (kJ/mol) 357 ± 11 297 ± 9 300 ± 11 200 ± 7 471 ± 13 377 ± 12

A (min−1) (5.0 ± 0.1)×1022 (4.1 ± 0.3)×1022 (2.8 ± 0.2)×1018 (6.3 ± 0.2)×1011 (1.4 ± 0.1)×1025 (8.7 ± 0.2)×1019
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Fig. 4. Apparent activation energy, Ea , at different ˛ for individual steps, calculated using Vyazovkin’s method.

Fig. 5. Dependence of (a) z(˛) and (b) y(˛) on ˛ calculated using Malek’s method (for step 1 of exp. peak 1).

Table 3

Average positions of the maxima of y(˛) and z(˛) functions and average values of M and N, given for individual steps.

Experimental peak 1 Experimental peak 2

Step 1 Step 2 Step 3 Step 4 Step 1 Step 2

˛y (max) 0.27 ± 0.01 0.30 ± 0.02 0.24 ± 0.01 0.28 ± 0.02 0.40 ± 0.02 0.42 ± 0.01

˛z (max) 0.52 ± 0.01 0.51 ± 0.01 0.52 ± 0.01 0.52 ± 0.01 0.50 ± 0.02 0.50 ± 0.01

M 0.44 ± 0.03 0.48 ± 0.04 0.39 ± 0.01 0.33 ± 0.03 0.67 ± 0.04 0.70 ± 0.01

N 1.18 ± 0.02 1.10 ± 0.02 1.24 ± 0.03 0.86 ± 0.02 0.99 ± 0.03 0.97 ± 0.01

Fig. 6. (a) Example of Šesták–Berggren plot for step 1 of exp. peak 1 at heating rate of 5 ◦C min−1 . (b) Master plot for Šesták–Berggren model (for step 1 of exp. peak 1). (c)

Perez-Maqueda plot for Šesták–Berggren model (for step 1 of exp. peak 1).

Table 3) allow us to represent the correct form of the conversion

function as:

f (˛) = ˛0.4(1 − ˛)1.2
− (for the first three steps of the first experimental peak) (7)

f (˛) = ˛0.3(1 − ˛)0.9
− (for the fourth step of the first experimental peak) (8)

f (˛) = ˛0.7(1 − ˛) − (for the second experimental peak) (9)
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3.4. Model fitting method

In order to verify obtained kinetic parameters, we tested differ-

ent forms of conversion functions using Coats–Redfern equation

[33]. Correlation factor (R2) was close to one for several differ-

ent forms of conversion function, however, Arrhenius parameters

exhibited strong dependence on the selected form of conversion

function. Based on the study of the compensation effect, invariant

kinetic parameters (IKP) [34] were determined (Table 2), revealing

that the values of invariant activation energy and invariant pre-

exponential factor are in good agreement with the values of Ea and

A previously obtained using other methods.

3.5. Validation of the correct form of the conversion function

Master plot [35] and Perez-Maqueda’s [36] criterion were used

to test the determined form of conversion function and other

kinetic parameters, corresponding to respective individual steps.

The kinetic parameters used were determined using Vyazovkin’s

method.

Master plot method uses relation derived from Eq. (2), using a

reference point at ˛ = 0.5:

d˛/dt

(d˛/dt)˛=0.5

exp (Ea/RT)

exp (Ea/RT0.5)
=

f (˛)

f (0.5)
(10)

where f(0.5) and T0.5 are the values of conversion function and tem-

perature at ˛ = 0.5. Previously obtained Šesták–Berggren functions

for each individual step show full accordance between experimen-

tal and theoretical master curves, which confirms that this model

best describes individual processes (Fig. 6(b)).

Additional verification was conducted using Perez-Maqueda’s

criterion, where kinetic parameters are independent on the heat-

ing rate, and utilization of a particular differential or integral model

fitting equation, provides linear dependence for a correct form

of conversion function, when plotting points corresponding to

all heating rates. High values of the correlation coefficient (R2)

obtained for Šesták–Berggren functions of respective individual

steps (Fig. 6(c)) and very good agreement of the values of Ea and A,

obtained using the logarithmic form of the general kinetic equation,

with the values obtained using other methods, Table 1, confirm the

validity determined kinetic triplets.

4. Conclusion

While primary crystallization of �-Fe(Si) phase from the amor-

phous matrix exhibits the highest value of change in Gibbs free

energy, it also exhibits the highest value of apparent activation

energy and pre-exponential factor, probably due to simultaneous

correlated displacement of groups of atoms required for formation

of �-Fe(Si) crystals. Lower values of both kinetic and thermody-

namic parameters of subsequent steps indicate that the formation

of Fe3B and Fe2B is probably facilitated in part by formation of

�-Fe(Si), which creates Si-poor regions in the amorphous matrix,

creating favorable condition for formation of boron-containing

phases. This would mean that these phases would nucleate close to

already formed �-Fe(Si) crystals, leading to fast formation of inter-

phase boundaries. All of these processes involving crystallization

of three crystalline phases from amorphous matrix exhibit sim-

ilar kinetic and thermodynamic parameters, when compared to

the other processes observed in this system. The transformation of

metastable Fe3B to stable Fe2B, exhibits the lowest values of �G0‡,

Ea and A, and a negative change in entropy of activated complex,

due to increased symmetry of the resulting crystal. Given that acti-

vation energy is spent mainly for downturn of activation barrier

due to simultaneous correlated displacement of groups of atoms

[37], these results indicate that transformation of matastable Fe3B

phase to stable Fe2B phase represents the least complex process in

comparison with other crystallization steps.

The transformation around 700 ◦C was found to correspond to

phase transformation of �-Fe(Si) to �1-Fe(Si) phase and transfor-

mation of a portion of �1-Fe(Si) to Fe2B. The first step corresponds

to phase transformation of � to �1 phase, which contains more

Si than � phase. This explains relatively high value of appar-

ent activation energy, because the phase transformation requires

rearrangement of significant number of atoms. The second step

corresponds to transformation of �1-Fe(Si) to Fe2B, which is made

possible by the preceding phase transformation of �-Fe(Si). Lower

value of apparent activation energy of this step, compared to the

preceding one, reflects the consecutive nature of these reactions.
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a b s t r a c t

Fe89.8Ni1.5Si5.2B3C0.5 undergoes multi-step structural transformations under thermal treatment. Crystal-

lization process, occurring around 810 K, was separated into two single-step processes, corresponding

to formation of �-Fe(Si) and Fe2B crystalline phases, respectively. Significantly higher value of activa-

tion energy obtained for the first crystallization step indicate that formation of �-Fe(Si) facilitates the

subsequent formation of Fe2B phase, by increasing in boron content of the amorphous matrix at the

crystal/amorphous interphase boundary, while �-Fe(Si) crystallites probably serve as nucleation sites

for crystallization of Fe2B phase. Narrow distribution of activation energies for both crystallization steps,

obtained using Miura–Maki method, is an indicator of very homogenous structure of as-prepared amor-

phous alloy. The mechanism of formation of both crystalline phases was modeled using the general

Šesták–Berggren model, and it was found that there is relatively small difference between respective

reaction mechanisms, which is expected, as both phases crystallize directly out of the amorphous matrix.

1. Introduction

Amorphous alloys, or metallic glasses, are materials with

homogenous and isotropic structure, lacking long-distance order

in atom arrangement [1,2]. Such structure leads to a specific com-

bination of mechanical and functional properties which makes

them ideal for various applications [3–6]. Amorphous alloys are

kinetically and thermodynamically metastable and tend to stabi-

lize through crystallization [7,8] under certain conditions, such as

exposure to high temperature and pressure, usually resulting in a

loss of favorable functional properties. On the other hand, suitable

thermal treatment of some amorphous alloys can induce forma-

tion of metastable hybrid nanocrystalline/amorphous [9] systems

with functional properties superior to those of purely amorphous

or purely crystalline materials. Therefore, precise control of crys-

tallization process can offer means of preparation of materials with

targeted properties [10,11].

Theoretical calculations indicate that iron-based amorphous

alloys could possess greater strength, compared to other metal-

lic glasses, and their main content, iron, is relatively cheap [12].

Examining structure of Fe–B–P based metallic glasses, formation

of bcc-Fe and boride phases was observed as a result of controlled

annealing [13]. Ab initio molecular dynamics simulations of liquid

and amorphous Fe78Si9B13 system [14] indicate that Fe–Si bonding

should be stronger than Fe–B bonding and that Si and B should not

∗ Corresponding author. Tel.: +381 11 333 6689.

E-mail address: drminic@gmail.com (D.M. Minić).

form bonds to each other. This means that �-Fe(Si) solid-solution-

like structure should nucleate more easily from the amorphous

matrix than Fe–B type of crystal.

Previous study of Fe75Ni2Si8B13C2 amorphous system [15]

revealed that crystallization process occurred through formation

of different phases, including �-Fe(Si) phase, which appeared first

in amorphous matrix, and more than one Fe–B phase. Further

studies of correlation of microstructure [16], magnetic properties

[17], microhardness [18] and electromotive force [19] with struc-

tural transformations induced by thermal treatment showed strong

connection between changes in microstructure and examined func-

tional properties. Thermal stability and overall kinetic parameters

of structural transformation of Fe89.8Ni1.5Si5.2B3C0.5 amorphous

alloy were also examined [16]. Process of thermal stabilization

occurred through complex processes of crystallization involving

more than one individual step. These steps occurred with simi-

lar activation energies, resulting in appearance of asymmetric and

overlapping exothermic peaks on DSC curves, requiring deconvo-

lution in order to identify individual steps. This paper deals with

detailed analysis of kinetics of individual steps of thermal stabi-

lization and corresponding mechanisms.

2. Experimental procedure

2.1. Materials and techniques

Samples of Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy were fabri-

cated in form of a ribbon, 2 cm wide and 35 �m thick, using a

standard procedure of rapid quenching of the melt on a rotating

http://dx.doi.org/10.1016/j.tca.2013.03.039
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disc (melt-spinning method). DSC measurements were performed

using DSC-50 analyzer (Shimadzu, Japan) under nitrogen atmo-

sphere, at constant heating rates of 5, 8, 12 and 15 K min−1, in

the temperature range from room temperature to 1023 K. Calibra-

tion of the instrument was performed, for corresponding heating

rate, prior to each of the measurements and the DSC curves shown

were obtained by deducting the baseline from the experimental

curve. Each measurement was performed twice on a new specimen.

Gaussian-Lorentzian cross-product function was used for deconvo-

lution of a complex experimental peak. X-ray diffractometry (XRD)

was performed at room temperature, on samples that have been

annealed for 1 h at different temperatures, using X-Pert powder

diffractometer (PANalytical, Netherlands) with CoK� radiation in

a Bragg-Brentano geometry at 40 kV and 30 mA. The instrument

was equipped with a secondary graphite monochromator, auto-

matic divergence slits and a scintillation counter. Stepwise change

of diffraction angle was performed in 0.05◦ (2�) intervals with a

measuring time of 30 s/step.

2.2. Solid-state kinetic analysis

The rate of solid-state transformation is described by equation

for a single-step process:

d˛

dt
= k(T)f (˛) (1)

where ˛ is the conversion degree, t is the time, T is the temperature,

k(T) is the rate constant, and f(˛) is a conversion function, which

depends on the particular reaction mechanism [20]. The conver-

sion degree ˛ at a temperature T is equal to the ratio of ST to S,

where S is the total peak area, and ST is the area between the initial

crystallization temperature and temperature T. Replacing k(T) with

Arrhenius equation gives the temperature dependence of the rate

of conversion:

d˛

dt
= A exp

(

−E

RT

)

f (˛) (2)

where A is pre-exponential factor, E is activation energy, R is the gas

constant. Kinetic description of a solid state transformation usually

includes a kinetic triplet which consists of Arrhenius parameters

(activation energy and pre-exponential factor) and the conversion

function.

Constant value of activation energy can only be expected for a

single-step process and E in Eq. (2) becomes an apparent quantity

(Ea) based on a quasi-single-step reaction. In case of non-isothermal

experiments, at a constant heating rate, Eq. (2) can be transformed

to:

ˇ
d˛

dT
= A exp

(

−Ea

RT

)

f (˛) (3)

where ˇ is the heating rate, ˇ = dT/dt, and d˛/dt ≡ ˇ(d˛/dT).

Miura–Maki integral method [21–23] involves application of the

following equation:

ln

(

ˇ

T2

)

= ln

(

AR

Ea

)

+ 0.6075 −
Ea

RT
(4)

which allows determination of Ea at certain conversion degree

by plotting ln(ˇ/T2) versus 1/T at the same conversion degree.

Differentiation of ˛ versus Ea yields activation energy distribu-

tion function, f(Ea), which, in this case, can be fitted using a

Gaussian distribution. The width of the distribution indicates the

extent of differences in chemical activities of different nucleation

sites.

3. Results

3.1. Thermal stability of the alloy

Investigation of thermal stability of Fe89.8Ni1.5Si5.2B3C0.5 amor-

phous alloy, in 298–1023 K temperature range, showed that the

alloy was thermally stable up to about 730 K when step-wise pro-

cess of thermal stabilization occurred. DSC curves exhibit two

clearly separated processes of thermal stabilization of the alloy,

around 730 K and 810 K, respectively (Fig. 1a). The first, endother-

mic, process corresponds to a second-order phase transition,

judging by the derivative DSC curves, and can be assigned to a

glass transition, (Fig. 1c). The second exothermic process corre-

sponds to crystallization, and pronounced asymmetric form of this

peak indicates that the process involves more than one reaction

step. Previous study of temperature dependence of crystallite size

of �-Fe and Fe2B phases [16] showed that crystallite size of both

crystalline phases remained relatively constant after thermal treat-

ment at temperatures up to 873 K, and increased rapidly after

annealing at higher temperatures. This indicates that, below 873 K,

nucleation processes are dominant, while at higher temperatures

crystal growth becomes the primary process. In order to exam-

ine the kinetics of the complex exothermic peak corresponding

to crystallization, the exothermic DSC peak was deconvoluted into

two peaks, each corresponding to an individual crystallization step,

(Fig. 1b). All deconvoluted peaks shift to higher temperature with

increase in heating rate, indicating thermal activation of individual

steps.

XRD diffractograms were used to identify the individual steps of

the crystallization process and assign them to individual crystalline

phases. XRD of the as-prepared alloy contain broad peaks around

57◦ and 102◦, characteristic of short-range crystalline ordering in

the amorphous structure (Fig. 2). Using Rietveld refinement, the

size of these domains of short-range ordering was estimated to

around 1.2 nm. XRD of thermally treated alloy samples shows that

crystalline �-Fe(Si) first appears around 773 K. Increase in heating

temperature leads to further stabilization through formation of a

metastable B2Fe15Si3 and a stable Fe2B phases. While metastable

B2Fe15Si3 phase is present in small amount (less than 4 mass%) and

only in a narrow range of annealing temperatures around 813 K, sta-

ble Fe2B phase makes up around 10 mass% of the alloy sample after

annealing at 843 K. Weight fraction of �-Fe(Si) crystalline phase

increases sharply up to 923 K, while weight fraction of Fe2B phase

exhibits slower increase in same temperature range. After thermal

treatment at higher temperatures, phase content of both phases

remains relatively constant, reaching around 20 mass% of Fe2B and

77 mass% of �-Fe(Si) after treatment at 1123 K. Small amount of

amorphous phase (3%) still remains even after thermal treatment

at 1123 K, although increase in annealing time from 1 to 7 h, at this

temperature, succeeds in converting all of the amorphous phase to

crystalline ones. Accordingly, the two individual steps of the crys-

tallization DSC peak can be ascribed to the formation of �-Fe(Si)

and Fe2B stable crystalline phases.

Parameterization of Arrhenius equation was performed using

Kissinger’s and Ozawa’s methods [24,25], based on dependence

of peak temperature on heating rate. Obtained values of kinetic

parameters show excellent agreement between different meth-

ods, and are in agreement with previously reported values for

similar systems [26–28]. Based on the overall values of appar-

ent activation energies, values of activation complex parameters

were determined using Eyring’s theory [29,30]. Positive values of

standard activation entropy (�S0‡) for all of the observed struc-

tural transformations (Table 1) indicate a decrease of short-range

ordering in activated complexes in comparison with structure of

as-prepared alloy. Considerably higher values of �S0‡ observed for

the crystallization of �-Fe(Si) phase, which nucleates directly from

������ � �
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Fig. 1. (a) Experimental DSC curves at different heating rates; (b) peak deconvolution of crystallization peak; (c) derivative DSC curve.

Table 1

Kinetic and thermodynamic parameters of individual processes determined by dif-

ferent methods.

Step 1 – �-Fe(Si) Step 2 – Fe2B

Kissinger: Ea [kJ/mol] 399 ± 6 298 ± 11

A [min−1] (2.42 ± 0.04) × 1025 (4.5 ± 0.2) × 1018

Ozawa: Ea [kJ/mol] 392 ± 2 296 ± 11

A [min−1] (1.08 ± 0.01) × 1025 (3.6 ± 0.1) × 1018

�‡S [J/molK] 190 ± 3 61 ± 3

Vyazovkin: Ea [kJ/mol] 421 ± 1 307 ± 1

IKP: Ea [kJ/mol] 418 ± 12 307 ± 16

A [min−1] (4.1 ± 0.1) × 1026 (1.45 ± 0.08) × 1019

Position of maxima [kJ/mol] 399.4 ± 0.2 298.4 ± 0.2

FWHM [kJ/mol] 7.8 ± 0.5 1.9 ± 0.4

the amorphous matrix, indicate that the crystallization of Fe2B is

promoted by the earlier crystallization of �-Fe(Si) phase, which

probably creates favorable conditions for crystallization of Fe2B

through expulsion of boron from crystalline �-Fe(Si), increasing

its concentration in the surrounding amorphous matrix, while this

boron-enriched amorphous/crystal interphase boundary can serve

as nucleation sites for crystallization of the new crystalline phase.

3.2. Mechanism and kinetics of crystallization

In order to discuss the mechanism of crystallization of the alloy,

the effective values of Ea for different conversion degrees were

determined using isoconversional methods [24,31–33] (Fig. 3).

Activation energies remain relatively constant with respect to

conversion degree in the 0.2 ≤ ˛ ≤ 0.8 range, for both crystalliza-

tion steps, suggesting that individual steps of crystallization occur

as single-step processes. Average values of kinetic parameters

obtained using different methods are in good agreement. The first

crystallization step exhibits significantly higher value of Ea than

the second, indicating that formation of �-Fe(Si) crystalline phase

facilitates nucleation of Fe2B phase, as described above, and, conse-

quently, reduces the activation energy of the second crystallization

step.

Uniformity of activation centers can be investigated using

Miura–Maki integral method [21–23], which does not require

any assumptions of the functional form of f(Ea), and yields

activation energy distributions (f(Ea)) of individual crystalliza-

tion steps. Obtained diagrams exhibit symmetric form, which

can be fitted well using Gaussian distribution. Very narrow dis-

tribution (full width at half-maximum (FWHM) of 7.8 kJ/mol

for step 1 and 1.9 kJ/mol for step 2) indicates that activities

of different nucleation sites in the alloy are relatively uni-

form, confirming that the structure of as-prepared alloy is quite

homogenous. Positions of maxima of the activation energy dis-

tributions located at Ea = 399 kJ/mol for the first crystallization

step, and at Ea = 298 kJ/mol for the second crystallization step,

are in agreement with the values obtained using other methods,

Table 1.

Fig. 2. (a) XRD spectra of alloy samples thermally treated at different temperatures; (b) Phase content of alloy samples after thermal treatment.
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Fig. 3. Dependence of Ea on ˛ calculated using different isoconversional methods for (a) first and (b) second crystallization step.

Values of activation energies obtained by different methods

are in very good agreement. Relatively high values of activation

energies for crystallization processes in Fe89.8Ni1.5Si5.2B3C0.5 amor-

phous alloy can be associated with high complexity of structural

rearrangement during the crystallization, including correlated dis-

placement of a large number of atoms.

Determination of the kinetic triplet requires, in addition to

Arrhenius parameters, determination of the correct form of the

conversion function, which can be done utilizing model fitting and

Málek’s method [34]. In model fitting method, different forms of the

conversion function were examined using Coats–Redfern equation

[36]. This shows that several different conversion functions yield

high correlation coefficient (>0.99), while exhibiting markedly dif-

ferent values of kinetic parameters (Table 2). In order to determine

which one of these is the correct form of the conversion func-

tion, Málek’s method is further applied. Using values of kinetic

parameters obtained by Coats–Redfern method, values of invariant

activation energy and invariant pre-exponential factor were deter-

mined (Table 1) based on the applicability of the compensation

effect [36].

Málek’s method involves the use of functions y(˛) and z(˛),

defined as:

y(˛) =

(

d˛

dt

)

exp

(

Ea

RT

)

= Af (˛), z(˛) =

(

d˛

dt

)

T2 (5)

where shape and position of maxima of both functions can indi-

cate the correct form of the conversion function. It was observed

that obtained functions y(˛) and z(˛), for both crystallization steps,

Fig. 4. Curves of y(˛) and z(˛) Malek curves, for different heating rates, of individual crystallization steps.
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Table 2

Kinetic parameters obtained by applying Coats–Redfern equation on different con-

version functions, at heating rate ˇ = 15 K min−1 .

Kinetic model R2 Ea [kJ/mol] ln A/min−1

Step 1 �-Fe(Si) P4 0.960 340.7 49.5

P3 0.961 458.8 67.0

P2 0.962 695.1 101.8

P2/3 0.963 211.3 309.4

R1 0.963 140.4 205.8

R2 0.980 168.6 246.7

R3 0.984 179.4 262.3

F1 0.992 203.3 298.5

F3/2 0.998 244.8 359.5

F2 0.999 292.6 430.0

F3 0.995 4041.2 593.8

A3/2 0.992 1350.9 198.5

A2 0.992 1009.7 148.4

A3 0.991 668.6 98.2

A4 0.991 498.0 73.0

D1 0.963 2821.4 412.9

D2 0.974 3162.7 462.4

D3 0.984 3602.7 525.6

D4 0.978 3307.2 482.2

B1 0.906 3452.2 505.5

Step 2 Fe2B P4 0.958 181.7 25.4

P3 0.959 246.8 35.1

P2 0.960 377.2 54.2

P2/3 0.962 1159.1 167.9

R1 0.962 768.1 111.2

R2 0.979 924.0 133.5

R3 0.984 983.7 141.8

F1 0.991 1115.4 162.3

F3/2 0.998 1344.2 195.9

F2 0.999 1608.5 234.6

F3 0.991 2223.9 324.7

A3/2 0.991 739.0 107.5

A2 0.991 550.8 80.0

A3 0.991 362.6 52.4

A4 0.962 268.5 38.4

D1 0.973 1550.1 224.4

D2 0.984 1738.4 251.3

D3 0.977 1981.2 285.4

D4 0.977 1818.1 261.5

B1 0.903 1882.1 273.0

exhibit convex shape with well defined maxima, suggesting appli-

cability of JMA model, which describes a process of isothermal

crystallization with completely separate stages of nucleation and

subsequent crystal growth. For full validity of the JMA model, the

maximum of the z(˛) function, ˛max
Z would have to be located at

˛ = 0.632 [34]. Results presented in Fig. 4 show that ˛max
Z are located

at 0.50 ≤ ˛ ≤ 0.52, indicating that the full set of conditions of valid-

ity of the JMA model is not fulfilled. This is probably caused by the

fact that the processes of nucleation and crystal growth are not fully

separated. Because of the characteristic shape of the curves as well

Fig. 5. Perez-Maqueda plots for suggested correct form of conversion function

(Šesták–Berggren).

as the fact that for both crystallization steps ˛max
y are at lower ˛

than ˛max
Z , we tested applicability of the Šesták–Berggren model

[34,35] in the form:

f (˛) = ˛M(1 − ˛)N[− ln(1 − ˛)]P (6)

Fig. 6. Comparison of experimental d˛/dt and d˛/dt calculated from the determined correct form of the conversion function.
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where M, N and P are parameters. Šesták–Berggren model is usually

used in simplified form, using P = 0, f(˛) = ˛M(1 − ˛)N, which corre-

sponds to autocatalytic model that has physical meaning for M ≤ 1.

Introducing a parameter C, defined as C = ˛max
y /(1 − ˛max

y ) = M/N,

parameters M and N can be determined from the slope of the

linear dependence ln[(d˛/dt) exp(Ea/RT)] = f(ln[˛C(1 − ˛)]). After-

wards, parameter M can be calculated using values of parameters

N and C. Determination of parameters M and N yields conversion

functions in form f(˛) = ˛0.98(1−˛)1.2 for the first crystallization step

and f(˛) = ˛(1−˛)1.3 for the second crystallization step.

3.3. Verification of the kinetic triplet

Verification of kinetic triplets of individual crystallization steps

was performed using Master plot [37] and Perez-Maqueda’s [38]

criteria. Master plot criterion is based on agreement between

experimental and theoretical curves based on the following equa-

tion:

d˛/dt

(d˛/dt)˛=0.5

exp (Ea/RT)

exp (Ea/RT0.5)
=

f (˛)

f (0.5)
(7)

where f(0.5) and T0.5 are the values of conversion function and

temperature at ˛ = 0.5. Values of Ea used were average values

obtained using Vyazovkin’s method. For both crystallization steps,

full accordance is observed between the experimental and theoret-

ical master curves only for Šesták–Berggren functions for individual

crystallization steps obtained above.

Perez-Maqueda’s criterion suggests that the correct kinetic

parameters should be independent on the heating rate. For the

correct form of conversion function, plotting of points correspond-

ing to different heating rates, using certain integral or differential

models of conversion function, should conform to linear depend-

ence, as presented in Fig. 5, for both crystallization steps when the

previously obtained forms of Šesták–Berggren functions were used.

Additional validation of the determined kinetic triplets was

performed by comparing curves Aexp(−Ea/RT)f(˛) = f(T) calculated

using the obtained kinetic triplets with corresponding experimen-

tal ˇ(d˛/dT) = f(T) curves for each deconvoluted step. As shown in

Fig. 6, full accordance is achieved between these curves, proving

that the estimated kinetic triplets correctly describe the kinetics of

individual crystallization steps.

4. Conclusion

Thermal treatment of Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy

induces structural transformations starting with glass transition

around 730 K and followed by step-wise crystallization around

810 K. Individual steps of crystallization, corresponding to forma-

tion of �-Fe(Si) and Fe2B crystalline phases, respectively, exhibit

relatively high values of activation energy, which is due to simul-

taneous movement of large number of atoms. This is an indication

that the domains of short-range crystalline ordering, observed in

as-prepared alloy and containing somewhere between 100 and 200

atoms, probably play an important role in the crystallization pro-

cess. This is supported by narrow distribution of activation energies,

obtained using Miura–Maki method, as uniformity of nucleation

sites is indicative of highly homogenous material. High value of

entropy of activated complex for crystallization of �-Fe(Si) phase

is indicative of the significant degree of reordering required to

convert short-range crystalline ordering and amorphous structure

into �-Fe(Si) crystal phase. Crystallization of Fe2B phase exhibits

even higher uniformity of nucleation sites and much lower value

of entropy of activated complex and activation energy, indicat-

ing that it probably grows on the crystal/amorphous boundary

between �-Fe(Si) phase and the amorphous matrix. Its growth

is probably promoted by the increased concentration of boron at

the interphase boundary, which would have been ejected from �-

Fe(Si) crystallites during their crystallization. The mechanism of

both crystallization steps was found to be best described by the

general Šesták–Berggren model, with relatively small difference

between respective reaction mechanisms. This is expected, as both

crystalline phases crystallize directly out of the amorphous matrix

and the only difference is the presence of �-Fe(Si) surface in the

nucleation and growth of Fe2B phase.
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h i g h l i g h t s

� Thermal treatment of Fe89.8Ni1.5Si5.2B3C0.5 alloy results in several structural transformations.

� Alloy exhibits unusually wide supercooled liquid region (75e85 �C).

� Structural transformations are highly complex due to large number of atoms involved.

� Magnetic and electrical properties show dependence on microstructure.

a r t i c l e i n f o

Article history:

Received 1 March 2013

Received in revised form

30 May 2013

Accepted 7 July 2013

Keywords:

Amorphous materials

Alloys

Electrical properties

Magnetic properties

Glass transition

a b s t r a c t

The influence of thermal treatment on microstructure and functional properties of Fe89.8Ni1.5Si5.2B3C0.5

amorphous alloy and their mutual correlations were studied. Structural transformations were identified

using DSC and characterized using X-ray diffraction. The alloy was found to exhibit a wide supercooled

liquid region before crystallization, while kinetic parameters of observed structural transformation

indicated high complexity of these processes, involving simultaneous movement of large groups of

atoms. Investigation of magnetic and electrical properties of the alloy showed that structural relaxation

prior to crystallization affected both magnetic susceptibility and electrical resistivity of the alloy, leading

to an increase in both, which can be correlated to a decrease in number of defects and an increase in free

volume in the alloy sample, enabling greater mobility of magnetic domain walls, but also decreasing

electron density of states at the Fermi level.

� 2013 Elsevier B.V. All rights reserved.

1. Introduction

Iron-based amorphous alloys have been, for some time, a focus

of considerable scientific interest because of their homogenous and

isotropic structure and suitable physical andmechanical properties.

Their soft magnetic properties are mainly determined by magneto-

elastic and annealing-induced anisotropies [1]. The high corrosion

resistance and good mechanical properties [2], making them suit-

able for use in a variety of applications, such as power devices [3,4],

information handling technology, magnetic sensors [5] and

anti-theft security systems [6]. Physical properties of these

materials change significantly with thermally induced structural

transformations, where structural relaxation at temperatures

below crystallization and following crystallization improve their

performance [7,8] producing functional materials with targeted

properties. Addition of Nb and rare earth elements has been shown

to increase Curie temperature and improve their magnetic prop-

erties [9].

Thermodynamically meta-stable, these materials represent

excellent precursors for production of nanostructured materials

with target properties [10]. Ab initio calculations of nanoscale phase

separation in small Fe80B20 and Fe83B17 clusters [11] predict for-

mation of different regions: Fe-pure regions, Fe-rich regions (which

contain around 9% B) and B-rich regions. Additionally, Lass et al.

[12] predict the presence of short-range ordering in Zr- and Fe-

based binary systems and determined that predicted coordination

numbers for FeeP and FeeB alloys were in good agreement with

experimental results. It was shown that iron-based amorphous

alloys of optimized microstructure correspond to relaxed amor-

phous phase and that the soft magnetic properties of these alloys

can be enhanced significantly through annealing at temperatures

before crystallization [13]. A study by Fdez-Gubieda et al. found

that behavior of Curie temperature in FeeB and FeeP alloys is
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connected with the FeeFe nearest distances, rather than the

number of FeeFe neighbors, leading to weak ferromagnetic

behavior of FeeB alloys [14].

Considering significant technological impact of these materials,

we present a multidisciplinary investigation of structural and

functional properties of Fe89.8Ni1.5Si5.2B3C0.5 amorphous alloy in the

temperature region preceding crystallization. Our previous studies

of different aspects of structural transformations of Fe89.8Ni1.5-
Si5.2B3C0.5 amorphous alloy focused on thermal stability [15] and

the correlation of structural transformations during crystallization

with mechanical [16] and other functional properties [17,18]. Now

we have been studying the influence of thermal history on micro-

structure and functional properties of amorphous alloy

Fe89.8Ni1.5Si5.2B3C0.5.

2. Materials and methods

The ribbon shaped samples of Fe89.8Ni1.5Si5.2B3C0.5 amorphous

alloy were obtained using the standard procedure of rapid

quenching of the melt on a rotating disc (melt-spinning method).

The obtained ribbon was 2 cm wide and 35 mm thick. DSC was

obtained using SHIMADZU DSC-50 analyzer. Samples weighting

several milligrams were heated from the room temperature to

650 �C in a stream of nitrogen, flowing at a rate of 20 mL min�1, at

the heating rates of 5, 8, 12 and 15 �Cmin�1. X-ray diffraction (XRD)

patterns were recorded using an X’Pert PROMPD diffractometer

(PANalytical) with CoKa radiation operated at 40 kVand 30 mA.

Diffraction data was collected in the range of 2q Bragg angles (15e

120�, step 0.05). The amorphous alloy ribbon samples were

annealed in a sealed and vacuumed quartz tube at different tem-

peratures (up to 850 �C) for 60 min and then left to cool down to

room temperature prior to characterization. For quantitative anal-

ysis and determination of crystallite size from XRD spectra, TOPAS

V3 general profile and structure analysis software for powder

diffraction data was used [19].

Modified Faraday method was used to investigate temperature

dependence of the relative change in magnetic susceptibility (c), in

temperature range from 25 to 560 �C, in argon atmosphere, at

magnetic fields of 8 kA m�1. Electrical resistivity (r) of the amor-

phous ribbon was measured using 4-point method, in the oven

under hydrogen atmosphere, to prevent oxidation during heating.

Resistivity was measured non-isothermally during heating from

25 �C to 600 �C. Magnetic susceptibility and electrical resistivity

were recorded at a heating rate of 20 �C min�1.

The overall activation energy of the glass transition and the pre-

exponential factor, under linear heating conditions were deter-

mined from derivative DSC curve, using Kissinger’s and Ozawa’s

peak methods, based on the dependence of exothermic peak

temperature Tc on heating rate b [20,21]. The errors were deter-

mined as a root-square deviation multiplied on Student’s coeffi-

cient for the probability of 0.95.

Texture of individual crystalline phases, as a measure of pref-

erential orientation of any particular crystalline plane with respect

to the other planes of the respective crystal phase, was determined

using the following equation [22]:

Tx ¼
I

1
n

Pn
i¼1 Ii

(1)

where Tx is texture coefficient, I is the intensity of an individual

reflection belonging to a particular crystal plane normalized against

the intensity of that same reflection in a reference powder sample,

and n is the total number of reflections of individual crystalline

phase considered. Matusita’s and Sakka’s equation [23] for kinetics

of non-isothermal crystallization process and crystal growth in

amorphous materials states that:

ln½�lnð1� aÞ� ¼ �n ln a� 1:052m
Ea
RT

þ const: (4)

where parameter m is determined by dimensionality of crystal

growth (m ¼ 1 means one-dimensional; m ¼ 2, two-dimensional;

m ¼ 3, three-dimensional) and parameter n depends on the na-

ture of nucleation process.

3. Results and discussion

3.1. Thermal behavior

Annealing of amorphous alloy in wide temperature range, in

general, induces several successive or parallel structural trans-

formation processes including structural relaxation, Curie temper-

ature, glass transition to supercooled liquid state, single or multi-

step crystallization, which is sometimes followed by recrystalliza-

tion. Taking into account the significance of thermal history on

microstructure and functional properties of materials, influence of

thermal treatment on microstructure of the amorphous alloy

Fe89.8Ni1.5Si5.2B3C0.5 was studied before correlating the changes in

microstructure with changes in functional properties.

DSC thermogram of as-prepared Fe89.8Ni1.5Si5.2B3C0.5 alloy, ob-

tained at different heating rates (Fig.1a), shows that the amorphous

alloy is thermally stable up to about 440 �C afterwhich it undergoes

multi-step structural transformations manifested in appearance of

two clearly observable separated processes: endothermic one in

Fig. 1. a) DSC curves of alloy samples at different heating rates; b) derivative DSC curve for heating rate of 8 �C min�1.
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lower temperature range (440e470 �C) and exothermic one in

higher temperature range (520e550 �C). The shapes of individual

peaks indicate the different nature of respective processes. Deriv-

ative DSC curve (Fig. 1b) indicates a second order transformation

corresponding to a glass transition in the lower temperature range,

and a first order transformation corresponding to crystallization in

the higher temperature range. Differences in values of enthalpy for

different heating rates show that, regardless of the same initial

state, the final state of the alloy after thermal treatment depends on

the thermal history. These values are in good agreement with the

values reported for similar processes in iron-based amorphous

alloys [24].

The glass transition is followed by an extended supercooled

liquid region before the onset of crystallization (DTc, Table 1). In

order to fully characterize thermal behavior of the alloy, the cor-

relation between the temperatures of glass transition (Tg) and

crystallization (Tc) was determined according to Lasocka’s relation

[25] as Tc ¼ 0.92 Tg þ 126, indicating high stability of the glass state

of the alloy and high resistance of the supercooled liquid against

transformation into crystalline phases [26]. Additionally, the re-

lations between heating rate b and Tg and Tc, respectively: Tg ¼ 14.3

ln b þ 422.81 and Tc ¼ 13.1 ln b þ 513.63, which were used to

determine the relation between Tg and Tc above, allow prediction of

respective temperatures of structural transformations for any

heating rate.

The increase of peak temperature with the increase of the

heating rate indicates that all of the observed processes belong to

thermally activated processes of Arrhenius type. Using the depen-

dence of position of peak maxima on heating rate, kinetic param-

eters of glass transition were determined (Table 1). High values of

the apparent activation energy indicate primarily the high

complexity of these processes, because the transformation requires

simultaneous movement of a large number of atoms during each

elementary step of structural reorganization. The approximate

number of atoms involved in these structural transformations can

be estimated using the obtained values of enthalpy and apparent

activation energy for individual processes. This gives the number of

around 150 atoms for glass transition and 60e80 atoms for crys-

tallization processes.

Based on kinetic parameters, using Eyring’s theory [27,28], we

determined thermodynamic activation parameters of glass transi-

tion and crystallization (Table 2). Positive values of standard acti-

vation entropy, DSz
�

suggests that formation the activated complex

during the processes of thermal stabilization of alloy results in a

decrease of short-range ordering of amorphous matrix both before

and in the supercooled liquid region. None of the thermodynamic

parameters exhibit deviation from linear dependence with respect

to temperature, indicating that there is no change in mechanism in

the observed temperature region.

3.2. Thermally induced structural transformations of alloy

Taking into account the influence of thermal history on micro-

structure and functional properties of materials, influence of

thermal treatment on microstructure of the amorphous alloy

Fe89.8Ni1.5Si5.2B3C0.5 was studied before correlating the changes in

microstructure with changes in functional properties. The micro-

structurewas studied using X-ray diffraction spectra (Fig. 2) of alloy

samples annealed at different temperatures. The amorphous

structure of as-prepared alloy is characterized by two broad peaks,

around 52 and 96�, respectively, which correspond to domains of

short-range crystalline ordering. The size of these domains was

estimated using Rietveld analysis to around 1.2 nm, which corre-

sponds to a cluster of around 150 atoms, at average density of

6.6 g cm�3. Considering that the average molar mass of the alloy is

46.8 g mol�1 and using the average value of enthalpy of glass

transition of 38.2 J g�1 (or 1788 J mol�1) and the activation energy

of glass transition of 294 kJ mol�1, it can be estimated that the

number of atoms simultaneously involved in the movements dur-

ing glass transition is 164, which corresponds well to the approx-

imate number of atoms in domains of short-range ordering.

Annealing at 300 �C leads to increased disorder in the system, as

indicated by the appearance of a broad peak in 20e40� region,

which is commonly associated with disordered amorphous struc-

ture. In spite of decrease in the level of crystallinity, the size of

domains of short-range ordering remains the same. Further in-

crease in annealing temperature to 440 �C leads to an increase in

the degree of ordering, while the onset of crystallization is detected

after annealing at 480 �C first with crystallization of a-Fe(Si) phase

[JCPDS-PDF 06-0696].

A minor, meta-stable phase Fe15B2Si3 [JCPDS-PDF 47-1629] was

observed after treatment at 540 �C in amount of 2 mass%, but

disappeared after treatment at higher temperatures. XRD spectra of

samples treated at 570 �C and above showed formation of Fe2B

crystalline phase [JCPDS-PDF 72-1301]. a-Fe(Si) is the dominant

crystalline phase, reaching about 77mass% after thermal treatment

at 850 �C, while Fe2B accounts for up to 20 mass%. The dependence

of average crystal size on annealing temperature (Fig. 3) shows that

the average crystal size of Fe2B remains relatively constant, going

from 570 to 590 �C, and then increased continuously after

annealing at 590 �C and higher temperatures. a-Fe(Si) crystalline

phase showed rapid growth in two regions: 590e650 �C and above

750 �C. In the regions below 590 �C and 650e750 �C, a-Fe(Si) phase

crystallite size remains relatively constant. These indicate that

nucleation is the dominant process below 590 �C for both stable

crystalline phases. After thermal treatment at 850 �C for 7 h, the

two stable phases are a-Fe(Si), with average crystalline size of

123 nm, and Fe2B, average crystalline size of 178 nm.

Texture analysis of XRD spectra indicates that the growth of

different phases occurs in different manner (Fig. 4). a-Fe(Si) phase

Table 1

Kinetic and thermodynamic parameters of glass transition and crystallization.

b (C�min�1) Glass transition Crystallization

DH (J g�1) Ea (kJ mol�1) A (min�1) R2 DH (J g�1) Ea (kJ mol�1) A (min�1) R2 DTc (
�C)

5 38.5 297 � 4 (9.8 � 0.1)1020 0.999 �117.1 410 � 10 (6.1 � 0.3)1025 0.998 83.0

8 39.1 (Kissinger) (Kissinger) (Kissinger) �116.9 (Kissinger) (Kissinger) (Kissinger) 82.5

12 37.6 294 � 4 (6.3 � 0.1)1020 0.999 �97.8 403 � 10 (2.6 � 0.1)1025 0.998 81.9

15 37.6 (Ozawa) (Ozawa) (Ozawa) �106.2 (Ozawa) (Ozawa) (Ozawa) 75.8

Table 2

Thermodynamic activation parameters glass transition and crystallization.

Glass transition Crystallization

DSz
�

(J mol�1 K�1)

DHz�

(kJ mol�1)

DGz�

(kJ mol�1)

DSz
�

(J mol�1 K�1)

DHz�

(kJ mol�1)

DGz�

(kJ mol�1)

107 � 1 297 � 3 218 � 4 198 � 9 �410.0 � 10 �571 � 40
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shows little change in relative ratios of individual crystalline

planes, indicating that its growth occurs three-dimensionally.

Texture of Fe2B phase exhibits two distinct regions: below

650 �C where there is significant change in texture coefficients of

individual phases and above 650 �C, where texture coefficients of

individual phases show consistent trends. In the first region, the

growth appears to be, for the most part, three-dimensional, while

in the second region individual planes can be grouped together,

based on crystal geometry of Fe2B. The pair of (200) and (312)

plane indicates two-dimensional growth, as (200) is consistently

at 0.6e0.7, while (312) is at 1.3e1.5. The group of (110), (002) and

(202) plane also indicates two-dimensional growth in this region,

as the texture coefficient of (202) increases, while the other two

converge around 0.8.

Crystallization process in DSC was deconvoluted into two

separate steps of crystallization of a-Fe(Si) and Fe2B phase,

respectively [29]. MatusitaeSakka method (Fig. 6) allows us to

determine dimensionality of crystal growth based on the data for

deconvoluted peaks, where parameter m corresponds to dimen-

sionality of crystal growth.

The results of texture analysis are in general agreement with

results obtained using MatusitaeSakka method, showing different

dimensionalities of growth for a-Fe(Si) and Fe2B phases, and

change in dimensionality of growth (Fig. 5). In the stage of crystal

growth, m indicates three-dimensional growth for a-Fe(Si) and

two-dimensional growth for Fe2B phase.

3.3. Functional properties of the alloy

In order to determine the influence of structural changes on

functional properties, magnetic and electrical measurements were

conducted during successive thermal treatments of the alloy

samples up to different temperatures. Magnetic susceptibility (c,

Fig. 6), recorded during three successive thermal treatments of as-

prepared alloy, exhibits four regions of different behavior: ferro-

magnetic, relatively constant susceptibility, in the region up to

350 �C, followed by a sharp decrease approaching Curie tempera-

ture around 410 �C, paramagnetic behavior (410e475 �C) and

subsequent rise in magnetic susceptibility at temperatures above

475 �C caused by crystallization. The observed changes in the slope

of the decrease in susceptibility approaching Curie temperature

suggest the existence of two close values of Curie temperature (one

around 400 �C and the other around 410 �C), indicating that there

are at least two distinct magnetic components in the amorphous

alloy. Since Curie temperature is well below crystallization tem-

perature, it is unlikely that this is caused by appearance of crys-

talline magnetic phases observed in higher temperature region

(above 475 �C).

Decrease in number of defects and increase in free volume in the

alloy sample, enabling greater mobility of magnetic domain walls

leads to an increase of around 30% in magnetic susceptibility after

heating up to 420 �C. The region of temperatures of 200e350 �C

Fig. 2. XRD spectra of alloy samples annealed at different temperatures (left); XRD spectrum after annealing at 650 �C with peak assignment for individual crystalline phases (right).

Fig. 3. Average crystallite size and crystalline phase content in alloy samples after

annealing at different temperatures.
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corresponds to stress relieving and defect elimination leading to

improved magnetic properties of amorphous material without

affecting the microstructure of the alloy. At Curie temperature,

around 410 �C, the alloy becomes paramagnetic retaining this

character until 475 �C and the onset of crystallization. Fully crys-

tallized alloy regains ferromagnetic character, but its magnetic

susceptibility at room temperature is about 20% lower than that of

the as-prepared alloy. It increases on heating, and becomes almost

equal to that of as-prepared alloy around 180 �C, due to stress

relieving. It decreases at higher temperatures as thermal motion

works againstmagnetic interactions as the temperature nears Curie

temperature of crystalline phases.

In concordance with results above, four previously observed

processes can also be observed in temperature dependent electrical

resistivity (r) measurements (Fig. 7a): structural relaxation below

300 �C, Curie temperature around 410 �C, glass transition around

440 �C, and crystallization process characterized by a sharp

decrease in resistivity around 510 �C. Unlike magnetic measure-

ments, where structural relaxationwas observed indirectly through

increase of magnetic susceptibility at room temperature after

annealing, electrical resistivity exhibits a broad region of increased

resistivity from 100 to 300 �C. In order to gain further insight, the

experimental curve was corrected for thermal resistivity using

Fig. 4. Texture analysis of samples annealed at different temperatures for (a) a-Fe(Si) and (b) Fe2B crystalline phase.

Fig. 5. MatusitaeSakka plots for individual steps of crystallization process, corresponding to crystallization of (a) a-Fe(Si) and (b) Fe2B phase.

Fig. 6. Relative change in magnetic susceptibility (c) of the alloy during three suc-

cessive heating cycles.
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extrapolated Ohm law line as a baseline. A share of structural

relaxation processes, estimated this way, was about 12% of the

overall increase of resistivity, excluding thermal resistivity. Curie

temperature manifests itself as an inflection in the electrical re-

sistivity curve and as a peak in derivative curve (Fig. 7b), around

400 �C, while glass transition around 440 �C leads to further in-

crease of the electrical resistivity. The net effect of all the processes

preceding crystallization is a decrease in free electron density at the

Fermi level, caused primarily by elimination of defects. Crystalli-

zation leads to a decrease in electrical resistivity due to metallic

character of formed crystalline phases, and two clearly separated

steps of crystallization are observed in the derivative curve, cor-

responding to two observed stable crystalline phases. All these

results indicate that thermal motion is the primary factor in the

change in bothmagnetic and electric, as well as themicrostructural

changes observed in the alloy in this temperature region.

4. Conclusion

Structural and functional properties of Fe89.8Ni1.5Si5.2B3C0.5

amorphous alloy were investigated in the regions preceding and

following crystallization. It was determined that the structure of as-

prepared alloy contains domains of short-range crystalline

ordering, estimated at around 150 atoms. Kinetic and thermody-

namic parameters of both the observed glass transition and crys-

tallization indicate that these are complex processes, involving

simultaneous movement of about 160 and 60e80 atoms, respec-

tively, based on the determined values of apparent activation en-

ergy and enthalpy. In the temperature region prior to the onset of

crystallization the alloy exhibits structural relaxation (100e300 �C),

Curie temperatures (around 400 �C and 410 �C) and glass transition

(around 440 �C), resulting in an extended supercooled liquid region

(75e83 �C), suggesting extremely high resistance against crystal-

lization. Annealing at temperatures below crystallization leads to

stress relieving and elimination of defects, causing changes in both

magnetic and electrical properties of the alloy. The net effect of

increase in electrical resistivity with increase in temperature is

caused by the dominance of decrease in free electron density at

Fermi level over increase in electron free path. As the alloy un-

dergoes stabilization through crystallization and subsequent

crystal growth, the decrease in value of magnetic susceptibility at

room temperature in fully crystallized alloy, when compared to the

as-prepared alloy, is probably a consequence of relatively small

average crystal size, due to relative prevalence of interfacial sur-

faces in the highly granulated porous structure.
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a b s t r a c t

Crystallization process of amorphous Fe81B13Si4C2 alloy manifested as a slightly asymmetrical exother-

mic peak in temperature range 770–820 K of differential scanning calorimetry (DSC) curves. Complex

crystallization DSC peak was deconvoluted into three steps corresponding to formation of �-Fe(Si), Fe3B

and Fe2B crystalline phases. Fe2B phase is formed from the amorphous matrix, while metastable Fe3B

decomposes, providing constituents for subsequent formation of Fe2B phase. Examination of mechanism

and kinetics of each individual step of crystallization yielded similar values of kinetic triplets, indicating

similar crystallization mechanism for all individual phases, which was subsequently discussed using the

values of Avrami exponents of individual crystallization steps. Both the range of and changes in values of

the local Avrami exponent suggested the appearance of impingement, which precluded full applicability

of JMA equation, and mixed nucleation type with accelerating nucleation for crystallization of all phases.

Position of the transformation-rate maxima of individual crystallization steps indicates that anisotropic

growth is the prevailing type of impingement. Estimation of lifetime showed very high stability of the

alloy against crystallization at room temperature, with exponential decline in lifetime with temperature

increase.

1. Introduction

Amorphous alloys (metallic glasses) have been a focus of con-

siderable scientific interest in recent time due to their unique

combination of physical and chemical properties originating from

homogenous and isotropic structure lacking long distance order in

atom arrangement [1,2]. These properties include good magnetic

and electrical properties, isotropic physical and mechanical prop-

erties, high corrosion resistance, making them suitable for various

applications [3–6]. An important characteristic of amorphous alloys

is their thermodynamic and kinetic metastability, which causes

them to undergo stabilization under certain conditions, such as

high temperature, high pressure, and prolonged activity at moder-

ate temperatures. This involves structural changes, which usually

lead to the loss of favorable properties. Thermal treatment results

in crystallization, which involves gradual structural transformation

from purely amorphous to purely crystalline structure. Materials

with metastable hybrid nanocrystalline/amorphous structure often

exhibit functional properties superior to those of completely amor-

phous or completely crystalline materials. Thus, precise control of

∗ Corresponding author. Tel.: +381 11 333 6689.

E-mail address: dminic@ffh.bg.ac.rs (D.M. Minić).

crystallization process can be applied to create functional materials

with targeted properties [7,8].

Iron based amorphous alloys stand out as a class of amorphous

alloys with particularly favorable magnetic properties, which can

even be enhanced after crystallization, if nanocrystalline phases are

formed [9,10]. Addition of metalloid and nonmetal amorphizers,

such as B, Si, C, P and the substitution of Fe by Co or Ni improve their

glass-forming ability [11–13], while addition of metals like Ag, Cd,

Zn can change crystallization kinetics and mechanism of crystal

growth in some metallic glass systems [14]. Ab initio molecular

dynamic simulations of liquid and amorphous Fe–Si–B system [15]

predicted formation of bonds between Fe and Si which should be

stronger than bonds formed between Fe and B, with no bonding

between Si and B, indicating that iron-silicon phases in amorphous

Fe–Si–B system would crystallize easier than iron–boron phases.

In order to fully describe solid-state processes, kinetics and

mechanism of solid-state processes have been widely examined

[16–20]. Solid-state processes are often complex processes consist-

ing of several overlapping steps. In recent times, many authors have

applied deconvolution of complex DSC peaks to study individual

steps of complex processes [21–23].

The subject of this research is iron-based amorphous alloy

Fe81B13Si4C2. This alloy has been widely examined with respect to

magnetic, electrical and mechanical properties and their changes
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induced by thermal treatment [24–32]. It has been found that

heating leads to thermal stabilization through several processes,

which include stress relieving, a loss of ferromagnetic properties

and crystallization consisting of formation of different iron phases

[28]. Electrical resistivity of crystallized alloy has been reported to

be lower than electrical resistivity of the amorphous alloy, while

higher magnetic susceptibility has been reported for crystallized

alloy [29]. Study of influence of microstructural changes induced

by heating on microhardness of the amorphous alloy has revealed

that structure with short range order exhibits high microhardness,

which increases at the beginning of crystallization with appearance

of nanocomposite structure consisting of nanocrystals embedded

in an amorphous matrix, and decreases with change from nanocrys-

talline structure into more granulated and porous structure of fully

crystallized alloy [26]. Detailed examination of crystallization of

this alloy has shown that the alloy undergoes multi-step type of

crystallization involving two or more energetically close overlap-

ping steps, manifested as one asymmetrical exothermic peak in

differential scanning calorimetry curves [28–32].

Structural analysis using X-ray diffraction of isothermally

treated samples at different temperatures [28] showed simulta-

neous appearance of two stable phases, �-Fe(Si) and Fe2B, and one

metastable phase, Fe3B, after annealing at 773 K. Mössbauer spectra

[28] revealed that �-Fe(Si) phase appeared first in the amorphous

matrix, followed by Fe3B and then by Fe2B phase. Based on these

results the individual crystallization steps have been ascribed to

formation of �-Fe(Si), Fe3B and Fe2B phase, respectively. As a part

of multidisciplinary study, crystallization kinetics has also been

investigated [33,34], but only considered the kinetics of the over-

all process. Therefore, in this paper, individual crystallization steps,

obtained after deconvolution of complex crystallization DSC peak,

are studied in terms of mechanism and kinetics, in order to make

some practical predictions about the thermal stability of the alloy

in a range of temperatures, which are expected to correspond to

storing and working temperatures of the alloy in practical applica-

tion.

2. Experimental procedure

Amorphous alloy Fe81B13Si4C2 was prepared in a form of

2 cm wide and 35 �m thick ribbon using melt-spinning method

consisted of rapid cooling of the melt on rotating disk. Thermal

stability and crystallization process were examined using non-

isothermal differential scanning calorimetry (DSC) method. DSC

experiments were conducted with DSC-50 analyzer (Shimadzu,

Japan), under nitrogen atmosphere with a flow rate of 20 mL min−1.

Samples weighing several milligrams were heated in the DSC cell

from room temperature to 920 K, at constant heating rates of 5, 10,

20 and 30 K min−1.

Complex crystallization peak was deconvoluted into three sin-

gle steps using Gaussian–Lorentzian cross-product function (see

Supplement). For this purpose, OriginPro 8.5 software was used.

2.1. Solid-state kinetic analysis

In solid-state kinetic analysis, the kinetics of a single-step

thermally activated transformation is usually expressed by the

equation:

d˛

dt
= k(T)f (˛) (1)

where ˛ is the conversion degree, t is the time, T is the temperature,

k(T) is the rate constant, and f(˛) is the conversion function, which

has certain form depending on the reaction mechanism [16].

For non-isothermal measurements, conversion degree at tem-

perature T can be obtained by dividing the area between the initial

crystallization temperature and temperature T by the total peak

area. Rate constant k(T) can be expressed by Arrhenius equation:

d˛

dt
= A exp

(

−E

RT

)

f (˛) (2)

where A is pre-exponential factor, E is activation energy, R is the

gas constant. Pre-exponential factor and activation energy are also

called Arrhenius parameters. The values of individual Arrhenius

parameters are related to each other by “compensation effect”,

which allows us to apply the method of invariant kinetic parame-

ters to determine the overall values of E and A [35]. In this method,

different forms of the conversion function (see Supplement) are

substituted into transformation rate expression (Eq. (1)) and fitted

according to certain model fitting equation, such as Coats–Redfern

equation [36].

In solid-state kinetic analysis, constant value of activation

energy can only be expected for single-step process, and, based on a

quasi-single-step reaction, activation energy in previous equation

becomes an apparent quantity (Ea). Under non-isothermal condi-

tions, previous equation can be transformed to:

ˇ
d˛

dT
= A exp

(

−Ea

RT

)

f (˛) (3)

where ˇ is constant heating rate, ˇ = dT/dt, and d˛/dt ≡ ˇ(d˛/dT).

Integral form of the reaction model g(˛) can be obtained by

integrating Eq. (3):

g(˛) =

∫ ˛

0

d˛

f (˛)
=

AEa

Rˇ
p(x) (4)

where p(x) is the temperature integral for x = Ea/RT, which does not

have analytical solution.

For a complete kinetic description in solid-state analysis, it

is necessary to determine values of activation energy and pre-

exponential factor and the correct form of conversion function,

which make kinetic triplet and can be used for prediction of the

process kinetics in different temperature regions [37]:

t˛ =
g(˛)

A
exp

(

E

RT

)

(5)

where t˛ is the time required to reach a value of conversion degree

˛, at a desired temperature T.

Estimated lifetime of material can be defined as the time when

conversion degree reaches 5% (˛ = 0.05), and this can give valuable

information about stability of a material.

During this procedure, more than one set of values of the kinetic

triplet will usually fit experimental data with high correlation

coefficients, which does not allow us to define the behavior of the

system unambiguously. In addition to various methods for deter-

mination of the kinetic triplets, different methods for validation of

the determined triplets also exist and should be used to insure that

established kinetic triplets are correct [38,39].

3. Results and discussion

3.1. Crystallization mechanism and kinetics

In order to gain more insight into the complex crystalliza-

tion process of Fe81B13Si4C2 amorphous alloy, which occurs above

770 K, deconvolution of DSC peak was performed, yielding three

well separated symmetrical peaks, each corresponding to an indi-

vidual step of the crystallization process, Fig. 1a. Each of these steps

is attributed to formation of one of the three crystalline phases

formed during crystallization: the stable �-Fe(Si) and Fe2B and

metastable Fe3B, based on our previous study of crystallization of

this alloy [27,30].
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Fig. 1. (a) Deconvolution of complex crystallization peak into three steps, (b) activation energies of individual crystallization steps at different conversion degree determined

using Vyazovkin’s isoconversional method.

Parameterization of Arrhenius equation for each individual

crystallization step was conducted based on dependence of peak

position on heating rate [40,41], as well as compensation effect

using model fitting approach [35,36] (Table 1). The overall values

of the kinetic parameters obtained by different methods are in good

agreement. Narrow temperature region of the transformation cou-

pled with very close values of Ea of individual crystallization steps is

an indication of similarity between the processes of crystallization

of individual phases. This manifests in DSC as a sharp peak with a

relatively low degree of asymmetry.

In order to investigate the mechanism of each step, the effective

values of Ea for different values of ˛ were determined using iso-

conversional methods, also known as model-free methods [41–45]

(Figs. 1b and S1 Supplement). Only slight variations of effective val-

ues of Ea with conversion degree (less than 5% of value of Ea) and

the accordance between the overall values of Ea and average val-

ues of effective Ea suggest that individual steps, obtained from peak

deconvolution, correspond to single-step processes. Relatively high

values of Ea of all individual crystallization steps can be explained

by high complexity of these processes, involving cooperative move-

ment of a large number of atoms. Using the value of enthalpy of the

process [31], the number of atoms involved in each transformation

can be estimated to 250–350.

In order to fully describe the mechanism and the kinetics of crys-

tallization of individual phases and to predict thermal stability of

the alloy at different temperatures, it is necessary to determine, in

addition to Arrhenius’s parameters, the correct forms of the conver-

sion function. Two equations most commonly used for description

of crystallization of amorphous alloys are Johnson–Mehl–Avrami

(JMA) and the general Šesták–Berggren equation [46,47].

JMA equation describes time dependence of conversion degree

and it is usually written in the form:

˛ = 1 − exp[−(kt)n] (6)

where k is rate constant which depends on temperature and n

is Avrami exponent, which typically has values in range of 1–4

[46]. Both parameters are independent on time (t). Full validity of

this equation requires that certain conditions have been fulfilled:

isothermal treatment, homogeneous nucleation or heterogeneous

nucleation at randomly dispersed second-phase particles, growth

rate of new phase controlled by temperature and independent on

time, and low anisotropy of growing crystals [46]. This model can

also be valid under non-isothermal conditions if nucleation occurs

only during the early stage of transformation and becomes negli-

gible after that. The value of n is indicative of the mechanism of

crystallization, while its change is indicative of the corresponding

change in the mechanism [48].

According to Blázquez et al. [49], local Avrami exponent can be

easily determined using equation:

d(ln[− ln(1 − ˛)])

d(ln[(T − T0)/ˇ])
= n

[

1 +
Ea

RT

(

1 −
T0

T

)]

(7)

where T0 is the temperature at the onset of crystallization.

The observed decrease of n with increase in ˛ indicates a change

in the nucleation and growth mechanisms partially caused by

occurrence of impingement which impacts the growth of nuclei

with the progress of crystallization (Fig. 2a). For non-isothermal

measurements, position of transformation-rate maxima (˛p) gives

a direct indication of the prevailing type of impingement [50], and

the value of ˛p = 0.5, for all crystallization steps, is an indication of

Table 1

Kinetic parameters of individual crystallization steps determined using Kissinger’s, Ozawa’s, IKP and isoconversional (average values) method.

Method Step 1 (�-Fe(Si)) Step 2 (Fe3B) Step 3 (Fe2B)

Overall values of Ea

Kissinger Ea (kJ/mol) 320 ± 10 332 ± 5 336 ± 14

A (min−1) (7.9 ± 0.4) × 1020 (4.07 ± 0.08) × 1021 (6.6 ± 0.3) × 1021

Ozawa Ea (kJ/mol) 316 ± 10 328 ± 5 332 ± 13

A (min−1) (5.2 ± 0.2) × 1020 (2.51 ± 0.04) × 1021 (4.0 ± 0.2) × 1021

IKP Ea (kJ/mol) 335 ± 12 354 ± 8 361 ± 13

A (min−1) (9.2 ± 0.3) × 1021 (1.72 ± 0.04) × 1023 (5.9 ± 0.2) × 1023

Average values of effective Ea

KAS Ea (kJ/mol) 319 ± 10 332 ± 5 336 ± 14

Ortega Ea (kJ/mol) 336 ± 12 355 ± 7 362 ± 12

Vyazovkin Ea (kJ/mol) 336 ± 1 355 ± 1 362 ± 1
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Fig. 2. Local Avrami exponent of individual crystallization steps: (a) determined under the assumption of applicability of classical JMA model; (b) determined under the

assumption of impingement caused by anisotropic growth.

anisotropic growth. In case of anisotropic growth, blocking effect

occurs earlier than in the case of isotropic growth and causes hard

impingement, which leads to deviation from classical JMA model

[51]. Values of local Avrami exponent (nimp), under the assumption

of impingement caused by anisotropic growth, were also deter-

mined for all crystallization steps, Fig. 2b. Constant values of nimp

could only be expected either for nucleation with pre-existing

nuclei, requiring that a number of nuclei is already present at

t = 0 and that further nucleation rate is zero, or for continuous

nucleation, which includes constant nucleation rate at constant

temperature and zero nuclei at t = 0 [51]. The results show increase

in values of nimp over the entire course of crystallization for all

phases. For �-Fe(Si) phase nimp grows from 2.2 to 3.9, for Fe3B from

2.4 to 4.5, and for Fe2B from 2.5 to 5.2, indicating mixed nuclea-

tion type for crystallization of all phases, which probably includes

increase of nucleation rates in some directions, causing anisotropy

of crystal growth and precluding the full applicability of JMA equa-

tion.

Šesták–Berggren equation [47,52], an autocatalytic model, is

useful for general description of the reaction in the solid state in

the three-parameter form:

f (˛) = ˛M(1 − ˛)N[− ln(1 − ˛)]P (8)

where M, N and P are the kinetic parameters. Depending on com-

binations of M, N and P parameters, one of which is always equal

to zero, the Šesták–Berggren model can be transformed to differ-

ent kinetic models suggesting a certain crystallization mechanism

[47]. For description of solid state reaction, this model is commonly

used in the simplified form (P = 0):

f (˛) = ˛M(1 − ˛)N (9)

The location of maxima of y(˛) functions, at lower values of ˛ than

the maxima of z(˛) functions, as well as the convex shape of Málek’s

functions (Fig. 3), is an indication that the reaction mechanism cor-

responds to Šesták–Berggren model. It can also be observed that

there is no dependence of the reaction mechanism on the heat-

ing rate. Using parameter C, defined as C = ˛max
y /(1 − ˛max

y ) = M/N,

parameter N in Šesták–Berggren model (Eq. (9)) was determined

from the slope of ln[(d˛/dt)exp(Ea/RT)] = f(ln[˛C(1 − ˛)]), and then

parameter M was calculated using the obtained values of parame-

ters N and C. The conversion function determined this way has the

form of ˛0.69(1 − ˛)0.99 for the first, ˛0.69(1 − ˛)0.93 for the second,

and ˛0.78(1 − ˛)0.92 for the third crystallization step.

3.2. Validation of the obtained kinetic triplets

In order to verify the obtained values of the kinetic parame-

ters and correct form of the conversion functions, several criteria

were applied: Master plot based on comparation of experimen-

tal and theoretical curves [38] and Perez-Maqueda’s based on the

independency of a particular differential or integral model fitting

equation on heating rate [39]. Application of Master plot crite-

rion (Fig. 4a) showed full accordance between experimental and

theoretical curve for the previously determined Šesták–Berggren

conversion functions, while Perez-Maqueda’s criterion (Fig. 4b)

Fig. 3. Málek’s curves y(˛) and z(˛) at different heating rates, determined for individual crystallization steps.
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Fig. 4. Master-plot (a) and Perez-Maqueda (b) plots for crystallization of �-Fe(Si) phase, for determined Šesták–Berggren conversion function, and comparison of experimental

d˛/dt with d˛/dt calculated using obtained kinetic triplet (c); for further details about other phases see Supplement.

exhibited high linearity with correlation coefficients R2 > 0.995,

confirming the validity of the determined conversion functions.

Finally, the validity of the obtained kinetic triplets was fur-

ther tested by comparing calculated kinetic curves in the form of

(Aexp(−Ea/RT)f(˛) = f(T), with corresponding ˇ(d˛/dT) = f(T) curves

obtained after deconvolution of experimental crystallization peak.

These curves (Fig. 4c) show good agreement, confirming the validity

of estimated kinetic triplets.

3.3. Estimation of lifetime

Since functional properties of amorphous alloy are deter-

mined in part by the morphology of the alloy and can be lost

as a result of stabilization of the alloy through crystallization,

the lifetime of amorphous alloy at different temperatures is an

important parameter for its practical application. Using Eq. (5)

and the previously determined kinetic triplet for the first crys-

tallization step, the lifetime of Fe81B13Si4C2 amorphous alloy

was calculated at different temperatures in the range from room

temperature to 1073 K (Fig. 5). Considering that crystallization

process starts with appearance of �-Fe(Si) phase in amorphous

matrix, lifetime estimation was conducted using the time when

conversion degree of first crystallization step reached 0.05, and

using the kinetic parameters of �-Fe(Si) phase. The results reveal

exponential decline of lifetime with temperature according to

equation t0.05 = −3.5 × 1031 + 1.3 × 1045e(−T/12.9), very high stabil-

ity of the alloy against crystallization at room temperature

(t0.05 = 1.18 × 1035 min or 2.24 × 1029 years) and rapid decrease in

Fig. 5. Temperature dependence of lifetime.

lifetime with temperature increase, with lifetime of less than 5 min

at the onset of crystallization in DSC (773 K).

4. Conclusion

Study of crystallization of amorphous Fe81B13Si4C2 alloy

revealed that this process consists of several steps with similar

values of activation energy, including formation of two stable �-

Fe(Si) and Fe2B phases and one metastable Fe3B from amorphous

matrix. Individual peaks obtained by deconvolution of experimen-

tal DSC peak were ascribed to crystallization of �-Fe(Si), Fe3B, and

Fe2B phase, respectively. Direct correlation between compositional

changes of �-Fe(Si) and Fe3B phase [27], after annealing at different

temperatures, suggests that, rather than being formed from both

amorphous matrix and metastable Fe3B, Fe2B phase is probably

formed only from the amorphous matrix, while decomposition of

the metastable Fe3B only provides constituent materials for forma-

tion of Fe2B phase. Kinetic examination of individual crystallization

steps showed that formation of individual phases from amorphous

matrix was characterized by similar values of the kinetic param-

eters and the similar form of the conversion function, indicating

similar crystallization mechanism of individual steps involving

strong impingement effect. This impingement effect changes the

dimensionality of crystal growth, which manifests as the change in

the values of Avrami exponent for all crystalline phases, and causes

the anisotropy of crystallized alloy. Relatively high stability toward

crystallization of the alloy at room temperature was demonstrated

by very long estimated lifetime at temperatures below crystalliza-

tion temperature, which decreases with increase in temperature in

accordance with equation t0.05 = −3.5 × 1031 + 1.3 × 1045e(−T/12.9).
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a b s t r a c t

Thermally induced crystallization of Fe73.5Cu1Nb3Si15.5B7 amorphous alloy occurs in two well-separated

stages: the first, around 475 �C, corresponds to formation of a-Fe(Si)/Fe3Si and Fe2B phases from the

amorphous matrix, while the second, around 625 �C, corresponds to formation of Fe16Nb6Si7 and Fe2Si

phases out of the already formed a-Fe(Si)/Fe3Si phase. Mössbauer spectroscopy suggests that the initial

crystallization occurs through formation of several intermediate phases leading to the formation of stable

a-Fe(Si)/Fe3Si and Fe2B phases, as well as formation of smaller amounts of Fe16Nb6Si7 phase. X-ray

diffraction (XRD) and electron microscopy suggest that the presence of Cu and Nb, as well as relatively

high Si content in the as-prepared alloy causes inhibition of crystal growth at annealing temperatures

below 625 �C, meaning that coalescence of smaller crystalline grains is the principal mechanism of

crystal growth at higher annealing temperatures. The second stage of crystallization, at higher tem-

peratures, is characterized by appearance of Fe2Si phase and a significant increase in phase content of

Fe16Nb6Si7 phase. Kinetic and thermodynamic parameters for individual steps of crystallization suggest

that the steps which occur in the same temperature region share some similarities in mechanism. This is

further supported by investigation of dimensionality of crystal growth of individual phases, using both

MatusitaeSakka method of analysis of DSC data and texture analysis using XRD data.

1. Introduction

Iron-based amorphous alloys have been attracting considerable

scientific interest recently. Their good soft magnetic properties are

mainly determined by magneto-elastic and annealing-induced an-

isotropies [1], and theyalso exhibit goodmechanical properties, high

electrical resistivity and high corrosion resistance [2,3]. These make

them suitable for a variety of applications, such as power devices

[4,5], information handling technology [6], magnetic sensors [7] and

anti-theft security systems [8]. Since these properties are correlated

with their microstructure, investigation into their structural, mag-

netic and electrical properties [9e11] has been a topic of consider-

able interest. Following the work of Inoue [12] who produced bulk

metallic glasses in quaternary FeeBeSieNb system, interest has

been shown in derivatives of this system created by extending the

elemental scale to (Fe,Co,Ni)eNbeBeSie(Cu) systems [13]. These

alloys are thermodynamically metastable and, on annealing, un-

dergo stabilization through structural transformations, involving,

among others, structural relaxation and crystallization. It is alsowell

known thatmany of these systems exhibit a large supercooled liquid

regionprior to the onset of crystallization [14,15]. Supercooled liquid

has high resistance to crystallization, and the size of supercooled

liquid region is an indicator of glass-forming ability of the alloy.

Fe73.5Cu1Nb3Si15.5B7 amorphous alloy and its magnetic and

electrical properties have been studied in some detail [16e21].

Allia et al. found that evolution of nanocrystalline phase in

Fe73.5Cu1Nb3Si15.5B7 amorphous alloy during isothermal measure-

ments was proportional to the measured variations in the electrical

resistance [16]. Polak et al. proposed a mathematical model

describing changes in magnetic properties of Fe73.5Cu1Nb3Si15.5B7
amorphous alloy during structural relaxation and crystallization

[17], estimating the distribution function of the magnetization

vectors and the dimension of long-range stresses in the nano-

crystalline state. A study of iron-based alloy powders [18] revealed

that hardness of the alloy is at maximum when the sample is

composed of a mixture of crystalline nanoparticles and amorphous
* Corresponding author. Tel.: þ381 11 3336689; fax: þ381 11 2187133.
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phase. The authors attribute this, in part, to the fact that amor-

phous/crystal interface has lower interfacial energy than crystal/

crystal interface [19] and this structure suppresses propagation of

shear bands [20] and cracks along these interfaces. Additionally,

Singh et al. found increased hardness in nanoquasicrystaleglass

composites, obtained by annealing an amorphous alloy, compared

to the original amorphous material [21].

Our study of Fe73.5Cu1Nb3Si15.5B7 amorphous alloy incorporated,

so far, the investigation of thermal stability and crystallization [22],

followed by the investigation of mechanical [23] and magnetic and

electric properties [24,25]. This work deals with crystallization

process in much more detail, focusing on description of crystalli-

zation mechanism and identification of intermediate species

involved in the crystallization process, as well as the influence of

alloy’s chemical composition on crystallization and subsequent

crystal growth of formed crystalline phases, and structural or

morphological changes during crystallization.

2. Experimental

Fe73.5Cu1Nb3Si15.5B7 amorphous alloy was prepared in form of

2 cm wide and 35 microns thick ribbon using the standard proce-

dure of rapid quenching of a melt on a rotating disc (melt spinning

method). The thermal stability of the alloy was investigated by the

differential scanning calorimetry (DSC) in a nitrogen atmosphere,

using a DSC-50 analyzer (Shimadzu, Japan). In this case, samples

weighing several milligramswere heated in the DSC cell from room

temperature to 750 �C in a stream of nitrogen flowing at a rate of

20 mL min�1. Measurements were carried out at constant heating

rates of 5, 8, 12 and 15 �C min�1. Calibration of the instrument was

performed for each of the four heating rates, while the DSC curves

shown here were obtained by deducting the baseline from exper-

imental curves. The peak deconvolution was conducted using a

GaussianeLorentzian cross-product function. The deconvolution

was performed concurrently on all the heating rates to maintain

the profile of individual peaks, to reflect the fact that respective

deconvoluted peaks represent same processes at different heating

rates. All of the theoretical peaks exhibit correlation factor R2 with

experimental peaks of over 0.993. For the purpose of microstruc-

tural analysis measurements were performed on an alloy sample

that was repeatedly annealed for 30 min at successively higher

temperatures. Annealing was followed by slow cooling to room

temperature, and all XRD measurements were done on ribbon

samples at room temperature. XRD patterns were recorded using

an X’Pert Pro MPD diffractometer from PANalytical with Co Ka ra-

diation operated at 40 kV and 30 mA. For the routine character-

ization diffraction data were collected in the range of 2q Bragg

angles (15e135�, step 0.08�). All XRD measurements were done on

solid samples in the form of a ribbon at room temperature. The

qualitative analysis of the XRD patterns was performed with the

X’Pert High Score Plus software and PDF-2 database [26,27]. For the

quantitative analysis the ICSD database was used and the Rietveld

refinement using TOPAS v.3.0 general profile and structure analysis

software [28] yielded the weight fraction F (wt%) and the mean

crystallite size dxRD (nm) for an identified phase [29]. The surface

morphology of the annealed sample was observed using the

scanning electronmicroscope (SEM) Lyra 3 XMU TESCAN. Chemical

homogeneity and compositionwere examined using JEOL JSM 6460

SEM with an Oxford Instruments INCA Energy analyser or Mira 3

TESCAN SEM equipped with a Bruker Company energy-dispersive

X-ray analyser (EDX). The TEM sample, for observation of internal

microstructure of the ribbon, was prepared using the FIB (Ga ions)

method (at LYRA 3 XMU FEG/SEM-FIB Tescan) tomake a lamella, by

cutting perpendicular to the rolling direction and to the surface.

The size of the lamella was approximately 8 by 12 mm, and around

100 nm thick, making it transparent on the entire cross section,

allowing observation of the microstructure both near the surface

and inside of the sample.

2.1. Solid state kinetics

Kinetic studies of solid-state transformation are based on kinetic

equation for single-step process:

da

dt
¼ kðTÞf ðaÞ (1)

where a is conversion degree, t is the time, T is the temperature,

k(T) is the temperature dependant rate constant, and f(a) is a

conversion function which depends on the particular reaction

mechanism [19].

The rate constant (k(T)) follows the Arrhenius equation, which

can be introduced to Eq. (1). Thus, the rate of conversion is given as:

da

dt
¼ Aexp

�

�E

RT

�

f ðaÞ (2)

where A is pre-exponential factor, E is activation energy, R is the gas

constant. Pre-exponential factor and activation energy are the

Arrhenius parameters and these parameters, together with alge-

braic expression of conversion function f(a), represent a kinetic

triplet which is usually used for kinetic description of solid-state

transformations.

In solid state reactions, the constant value of activation energy

can be expected only for a single-step reaction and E in Eq. (2)

becomes an apparent quantity (Ea) based on a quasi-single-step

reaction. Under non-isothermal conditions, for measurements at

constant heating rates the Eq. (2) is often transformed to:

b
da

dT
¼ Aexp

�

�Ea
RT

�

f ðaÞ (3)

where b is heating rate, b¼ dT/dt, and da/dth b(da/dT). Integration

of Eq. (3) leads to:

gðaÞ ¼

Z

a

0

da

f ðaÞ
¼

AEa
Rb

pðxÞ (4)

where g(a) is the integral form of the reaction model, p(x) is the

temperature integral for x ¼ Ea/RT which does not have analytical

solution.

Thermodynamic activation parameters for individual steps of

experimental DSC peaks were calculated using Eyring’s theory

[30,31]:

A ¼
kT

h
eDS

oz

(5)

where DSoz is standard activation entropy, A is Arrhenius pre-

exponential factor, k is Boltzmann constant, h is Planck constant

and T is temperature. Taking into account that, for solid-state re-

actions, Ea z DHz, where DHz is activation enthalpy:

DGoz ¼ DHoz � TDSoz (6)

Dimensionality of crystal growth was investigated using Matu-

sitaeSakka equation [32] for kinetics of non-isothermal crystalli-

zation process and crystal growth in amorphous materials, which

states that:

ln½ � lnð1� aÞ� ¼ �nlna� 1:052m
Ea
RT

þ const: (7)

where parameter m is determined by dimensionality of crystal

growth (m ¼ 1 means one-dimensional; m ¼ 2, two-dimensional;
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m ¼ 3, three-dimensional) and parameter n depends on the

nucleation process.

Texture of individual crystalline phases, as a measure of pref-

erential orientation of any particular crystalline plane with respect

to other planes of respective crystal phase, was determined using

the following equation [33]:

Tx ¼
I

1
n

Pn
i¼1 Ii

(8)

where Tx is texture coefficient, I is intensity of an individual

reflection belonging to a particular crystal plane normalized against

the intensity of that same reflection in a reference powder sample,

and n is the total number of reflections of individual crystalline

phase considered.

3. Results and discussion

DSC scans of Fe73.5Cu1Nb3Si15.5B7 amorphous alloy show two

well-separated exothermic peaks, corresponding to different crys-

tallization peaks. Both peaks are asymmetric, suggesting that each

of them involvesmore than one individual step. In order to separate

the crystallization processes into individual steps, each of the two

complex peaks was deconvoluted into two steps, each corre-

sponding to a single-step process, as shown in Fig. 1. X-ray

diffraction (XRD) measurements of alloy samples annealed at

different temperatures (Fig. 2) indicate that the first DSC peak

corresponds to crystallization of a-Fe(Si)/Fe3Si and Fe2B phases,

while the second DSC peak corresponds to crystallization of

Fe16Nb6Si7 and Fe2Si phases. Due to similar structures of Fe3Si and

a-Fe, where Fe3Si lattice can be created by replacing an iron atom

with a silicon atom in a-Fe lattice, resulting in overlapping peaks in

XRD, it was not possible to separate the individual contributions of

a-Fe(Si) and Fe3Si crystalline phases. However, using Mössbauer

spectroscopy, we were able to detect the difference in the local

environment around Fe atoms arising fromdifferences in Si content

in a-Fe(Si) and Fe3Si phases.

The presence of different crystallization phases is also observed

using electronmicroscopy after annealing of the alloy samples. TEM

image (Fig. 3a) of a sample annealed at 750 �C shows a multi-

component system with grain sizes of 10e1000 nm. Beside that

SEM images (Fig. 3bee) of samples annealed at different

temperatures show that the grain size of the alloy sample increases

with increase in annealing temperature. The crystallites of different

phases increase in size with increase in annealing temperature and

become, in the process, mostly irregular in shape, indicating that

they were formed partly through coalescence of smaller crystal-

lites. It can be observed that the size of the crystallites after

annealing at 600 �C is relatively small (<100 nm), which is in

agreement with analysis of XRD data. In addition, as the crystallite

size increases, the porosity of the structure also increases, as indi-

cated by the increase in size of black spots in SEM image, repre-

senting hollow sections of the sample (figures). Fig. 3f, representing

SEM of the cross-section of the alloy sample annealed at 850 �C for

3 h, demonstrates the porous granular structure of a fully crystal-

lized alloy sample.

The phase composition of samples annealed at different tem-

peratures determined using Mössbauer spectroscopy (Table 1)

shows that crystallization is not straightforward and some crys-

talline phases, such as Fe2B and Fe16Nb6Si7, are detected earlier than

in XRD spectra. The absence of these phases in XRD spectra can be

explained by very small crystalline size, which makes their signal

too weak and broad to observe as a peak. The crystallization is first

observed after annealing at 475 �C, however most of the observed

phases are metastable intermediate species, which disappear on

subsequent annealing. In contrast, XRD detects only a-Fe(Si)/Fe3Si

phase. Fe2B phase is not visible in XRD until after annealing 575 �C,

while Fe16Nb6Si7 and Fe2Si phases appear after annealing at 625 �C.

In fact, Mössbauer spectroscopy shows that, after annealing at

475 �C, Fe3B and a Fe3B/Fe2B phases are formed, which transform

completely into Fe2B after annealing at 525 �C. The signal from

Fe3B/Fe2B phase is interpreted as a structure that is between Fe3B

and Fe2B, and could correspond to an intermediate of trans-

formation of Fe3B to Fe2B. This means that Fe3B is transformed very

quickly into Fe2B, which corresponds well to the appearance of a

single step in DSC corresponding to this transformation. The

impeded crystal growth of Fe2B is probably caused by the presence

of Cu, which creates defect sites in FeeSieB amorphous matrix

which probably serve as nucleation sites for crystallization of Fe2B.

The separation of Cu from Fe in fully crystallized samples can be

observed in SEM using chemical mapping (see Supplemental).

However, since Cu does not form solid solution with Fe, it would

also act to disrupt crystalline structure of Fe2B, thus slowing down

its crystal growth and delaying its detection in XRD spectra.

Fig. 1. DSC curves at different heating rates (left) and peak deconvolution for each experimental peak observed at heating rate of 15 K min�1 (right).

V.A. Blagojevi�c et al. / Intermetallics 45 (2014) 53e59 55

������ ��

238

Crystallization of a-Fe(Si)/Fe3Si phase occurs through formation of

several minor intermediates, as indicated by Mössbauer spectros-

copy, including Fe(Si,B) and Fe5SiB2, which are observed after

annealing at 475 �C, along with significant amounts of the amor-

phous phase. All of these initially transform mostly into Fe3Si, and

this is also supported by lattice parameters of a-Fe(Si)/Fe3Si (which

change continuously with changes in Si content in the lattice),

which correspond to those of Fe3Si phase (Table 2), meaning that

the phase content of a-Fe(Si) phase is too low to detect over the

signal of Fe3Si phase. While the parallel process of crystallization of

Fe2B has very little apparent effect on a-Fe(Si)/Fe3Si phase, the

crystallization of Fe16Nb6Si7 and Fe2Si is followed by significant

changes in both average crystal size (Fig. 2) and lattice parameters

of a-Fe(Si)/Fe3Si phase (Table 2). This suggests that Fe2B phase

crystallizes independently of a-Fe(Si)/Fe3Si from the amorphous

matrix, while Fe16Nb6Si7 and Fe2Si crystallize out of a-Fe(Si)/Fe3Si

phase. The crystallization of minor crystalline phases (Fe16Nb6Si7
and Fe2Si) is probably caused by instability of the formed a-Fe(Si)/

Fe3Si crystal system due to relatively high Si content of the as-

prepared alloy (15.5 mass.% or 21.5 at.%) and the presence of Nb,

which does not form solid solutions with Fe. Change in average

crystal size of a-Fe(Si)/Fe3Si with annealing temperature shows

that it remains relatively constant until the formation of Fe16Nb6Si7
and Fe2Si occurs, suggesting that presence of Nb and high content

of Si act to destabilize a-Fe(Si)/Fe3Si lattice structure near the grain

boundaries, preventing formation of larger crystallites through

normal crystal growth. The Si content of the as-prepared alloy

means that the ratio of 2.38 Fe atoms for each Si atom is well below

3:1 stoichiometric ratio in Fe3Si. Increase in the annealing tem-

perature leads to formation of increasing amount of Fe2B phase,

which reduces Fe-to-Si ratio even further, leading to favorable

conditions for formation of Si-rich Fe2Si phase, which has 2:1 Fe-to-

Si atomic ratio. The formation of Si-rich crystalline phase leads to

an increase in Fe-content of a-Fe(Si)/Fe3Si from 75% to 79.8% and

the corresponding expansion of its lattice. The parallel formation of

Fe16Nb6Si7 phase further stabilizes a-Fe(Si)/Fe3Si lattice by

removing Nb from it. This, combined with increase in annealing

temperature, allows rapid crystal growth observed at annealing

temperatures above 625 �C, which probably occurs through coa-

lescence of smaller crystalline grains, as observed in SEM images.

Activation energy of individual steps of crystallization processes

(Fig. 4) identified in DSC was determined using Vyazovkin’s

Fig. 2. X-ray diffraction spectra at different temperatures (a), peak assignment of XRD spectrum after annealing 725 �C, average crystal size of a-Fe(Si)/Fe3Si and Fe2B phases after

annealing at different temperatures.

Fig. 3. TEM image after annealing at 725 �C (a); SEM images after annealing at 600 �C (b), 700 �C (c), 800 �C (d), 900 �C (e) and SEM image of the cross-section after annealing at

850 �C for 3 h (f).
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isoconversional method [34]. The fact that the apparent value of

activation energy of individual steps shows relatively little change

with conversion degree a (less than 10% difference over the entire

region of a) suggests that these individual steps correspond to

single-step reactions. The activation energy for formation of a-

Fe(Si)/Fe3Si is higher by about 70 kJ/mol than the activation energy

of the subsequent step of formation of Fe2B, suggesting that for-

mation of the latter is promoted by crystallization of a-Fe(Si)/Fe3Si,

probably due to separation of boron out of a-Fe(Si)/Fe3Si crystalline

phase and its concentration in the surrounding amorphous matrix.

While the activation energies of crystallization of a-Fe(Si)/Fe3Si and

Fe2B phases are quite different, the activation energies of formation

of Fe16Nb6Si7 and Fe2Si are very similar (around 20 kJ/mol differ-

ence), and significantly higher than values of activation energies of

a-Fe(Si)/Fe3Si and Fe2B phases. This reinforces the indication that

Fe16Nb6Si7 and Fe2Si phases are both formed from a-Fe(Si)/Fe3Si

and in parallel.

Thermodynamic parameters of activated complex, Table 3, also

show the similarities between the steps of crystallization of a-Fe(Si)/

Fe3Si and Fe2B and of Fe16Nb6Si7 and Fe2Si. The individual steps

within each of the pairs exhibit similar values of activation entropy

andGibbs free energy, suggesting similarities in reactionmechanism.

The values of activation entropy for Fe16Nb6Si7 and Fe2Si significantly

higher than those for a-Fe(Si)/Fe3Si and Fe2B, which is expected

because the former crystallize out of the crystalline phase, requiring

larger degree of reorganization than the latter’s crystallization out of

the amorphous matrix. Positive values of activation entropy for all

steps of crystallization suggest that the amorphous structure has a

higher degree of local ordering that the metastable intermediary

phases formed during crystallization processes.

Dimensionality of crystal growth of individual crystalline phases

was investigated by application of MatusitaeSakka equation

(Equation (7)) to DSC data and using texture analysis of XRD data.

Matusita curves (Fig. 5) for a-Fe(Si)/Fe3Si and Fe2B phases show

that both phases exhibit similar change in dimensionality of crystal

growth, going from predominantly two-dimensional to predomi-

nantly one-dimensional growth as the crystallization reaction

progresses. This is due to impingement effect. The two minor

phases, Fe16Nb6Si7 and Fe2Si, exhibit similar trend of reduction of

dimensionality of crystal growth in the later stage of the reaction.

Fe2Si exhibits high value of m (around 3.7) at the beginning of its

crystallization, which is due to the fact that it grows on grain

boundaries of a-Fe(Si)/Fe3Si phase, which causes irregular growth

in the intergranular space. In the later stage of the reaction, its

growth is predominantly two-dimensional, which is, again, indic-

ative of growth on grain boundaries and in confined space.

Fe16Nb6Si7 initially grows three-dimensionally, and switches to a

mechanism of mixed one-dimensional and two-dimensional

growth at a very late stage of the reaction. This is probably due to

limitations of growth within confined space of porous structure of

the fully crystallized alloy, where growth directions would be

determined mainly by grain boundaries of a-Fe(Si)/Fe3Si phase.

Fig. 4. Activation energies of individual steps of crystallization peaks with corresponding crystalline phases.

Table 1

Phase composition of individual phases detected using Mössbauer spectroscopy (in %mass).

T (�C) Amorph. Fe(Si,B) Fe3B Fe2B/Fe3B Fe2B Fe3Si Fe16Nb6Si7 FeB a-Fe Fe5SiB2

475 29.9 18.7 8.6 20.7 0.0 0.0 7.7 3.7 0.0 10.7

525 27.8 54.2 8.2 0.0 9.8

575 27.4 38.1 14.5 5.8 14.3

625 29.0 36.5 17.8 2.5 14.3

675 34.6 29.7 20.5 1.6 13.5

725 35.2 30.7 16.5 2.6 14.9

Table 2

Lattice parameters of a-Fe(Si)/Fe3Si phase at different annealing temperatures.

Temperature (�C) a (�A) zat% Fe in lattice

475 5.670 75.0

525 5.671 75.0

575 5.670 75.0

625 5.679 75.7

675 5.685 78.1

725 5.688 79.8

Table 3

Thermodynamic parameters of activated complex for each step of structural

transformations.

Crystal phase D
zS (J/mol K) D

zH (kJ/mol) D
zG (kJ/mol)

a-Fe(Si)/Fe3Si 115 335 242

Fe2B 113 259 249

Fe16Nb6Si7 204 491 294

Fe2Si 183 474 296
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Texture analysis of XRD data (Fig. 2) only provides indication of

dimensionality of crystal growth during the later stage of crystal

growth, due to limitations of XRD and small crystalline sizes in the

initial stages of crystallization, and, therefore, can be compared to

the results of MatusitaeSakka equation only for this region. Since

the minor phases Fe16Nb6Si7 and Fe2Si only appear in XRD spectra

after annealing at 625 �C, there are not enough data points to make

conclusions about the crystal growth of these two phases. There-

fore, texture analysis is confined to a-Fe(Si)/Fe3Si and Fe2B crys-

talline phases (Fig. 6). Texture coefficients for a-Fe(Si)/Fe3Si and

Fe2B phases show that their crystal growth is predominantly one-

dimensional, which is in agreement with results obtained from

DSC data. a-Fe(Si)/Fe3Si exhibits very little change in texture with

increase in annealing temperature, with dominance of (220) plane,

while Fe2B exhibits significant increase in contribution of (002)

plane with increase in annealing temperature. While both are

indicative of one-dimensional growth, these highlight the differ-

ence in dynamics of crystal growth, where a-Fe(Si)/Fe3Si phase

exhibits very little change in average crystal size until the alloy is

fully crystallized, and further crystalline growth at annealing

temperatures above 625 �C probably occurs mainly through coa-

lescence of already formed crystalline grains. On the other hand,

crystal growth of Fe2B proceeds relatively continuously (Fig. 2) and

this is reflected in texture analysis, with texture coefficients un-

dergoing change as the average crystal size of Fe2B increases with

increase in annealing temperature.

Fig. 5. Matusita curves for a-Fe(Si)/Fe3Si (a), Fe2B (b), Fe16Nb6Si7 (c) and Fe2Si (d) phases.

Fig. 6. Texture coefficients of a-Fe(Si)/Fe3Si and Fe2B at different annealing temperatures.
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4. Conclusions

Crystallization of Fe73.5Cu1Nb3Si15.5B7 amorphous alloy ribbons

occurs through two well separated processes: the first corre-

sponding to crystallization of a-Fe(Si)/Fe3Si and Fe2B and the sec-

ond corresponding to crystallization of Fe16Nb6Si7 and Fe2Si phases.

Phase analysis from Mössbauer spectroscopy reveals that the for-

mation of a-Fe(Si)/Fe3Si and Fe2B occurs through several interme-

diate phases, which often exhibit mixed character in terms of

crystalline structure (like Fe3B/Fe2B) or content (like Fe(Si,B) and

Fe3SiB2) reflecting the transitory nature of these compounds in the

segregation of FeeSi and FeeB crystalline systems. Crystal growth

of both a-Fe(Si)/Fe3Si and Fe2B appears to be impeded by relatively

high Si content of the as-prepared alloy as well as the presence of

Nb and Cu, which disrupt Fe-based crystal lattices. Formation of

larger crystallites occurs only after the crystallization of Fe16Nb6Si7
and Fe2Si phases at higher annealing temperatures, leading to a

decrease of Si content in a-Fe(Si)/Fe3Si with corresponding changes

in lattice parameters. Crystal growth of twomain crystalline phases

a-Fe(Si)/Fe3Si and Fe2B is initially two-dimensional and changes to

predominantly one-dimensional, as suggested by analysis of both

DSC and XRD data although texture analysis suggests that a-Fe(Si)/

Fe3Si crystals grow mainly through coalescence of smaller crystal-

line grains, while Fe2B crystals exhibit continuous growth with

increase in annealing temperature.
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h i g h l i g h t s

� Structural relaxation homogenizes the alloy and removes crystalline clusters.

� XRD and Mössbauer spectra show different level of complexity of crystallization.

� Crystallization is complex with initial formation of metastable intermediates.

� Functional properties determined by crystallization and dominant interfaces.

a r t i c l e i n f o

Article history:

Received 10 July 2013

Received in revised form

13 September 2013

Accepted 29 October 2013

Keywords:

Amorphous materials

Annealing

Mechanical properties

Magnetic properties

a b s t r a c t

Fe73.5Cu1Nb3Si15.5B7 amorphous alloy undergoes a series of thermally induced structural transformations 
in temperature region between 25 and 800 �C, including structural relaxation, two Curie temperatures 
and crystallization. The changes in microstructure caused by these transformations are characterized in 
detail using XRD, TEM, Mössbauer spectroscopy and EDX elemental analysis. Mössbauer spectroscopy, in 
particular, reveals that there is a very small degree of crystallinity in the as-prepared alloy, which is lost 
during structural relaxation after annealing at temperatures below 400 �C. In addition, it suggests that 
crystallization of the alloy is much more complex process than suggested by XRD data, with several 
metastable intermediate phases serving as precursors to crystallization of stable crystalline phases. 
Magnetic, electrical and mechanical properties of the alloys are heavily influenced by the observed 
structural changes, most notably during crystallization of the alloy, where formation of crystalline phases 
and creation of new types of interfaces are the main factor to determine the performance of the alloy. 

1. Introduction

Iron-based amorphous alloys have recently been attracting

considerable scientific interest. Their good soft magnetic properties

are mainly determined by magneto-elastic and annealing-induced

anisotropies [1], and they are also characterized by good mechan-

ical properties, high electrical resistivity and high corrosion resis-

tance [2]. These properties make them suitable for use in a variety

of applications, such as power devices [3,4], information handling

technology [5], magnetic sensors [6] and anti-theft security sys-

tems [7]. This has made it necessary to investigate their structural,

magnetic and electrical properties [8e10]. Following the work of

Inoue [11] who produced bulk metallic glasses in quaternary Fee

BeSieNb system, interest has been shown in derivatives of this

system created by extending the elemental scale to (Fe,Co,Ni)eNbe

BeSie(Cu) systems [12]. These alloys are thermodynamically meta-

stable and, on annealing, undergo stabilization through structural

transformations, involving, among others, structural relaxation and

crystallization. It is also well known that many of these systems

exhibit a large supercooled liquid region prior to the onset of

crystallization [13,14]. Supercooled liquid has high resistance to

crystallization, and the size of supercooled liquid region is an in-

dicator of glass-forming ability of the alloy.

Fe73.5Cu1Nb3Si15.5B7 amorphous alloy and its magnetic and

electrical properties have been studied in some detail [15e20]. Allia

et al. found that evolution of nanocrystalline phase in

Fe73.5Cu1Nb3Si15.5B7 amorphous alloy during isothermal measure-

ments was proportional to the measured variations in the electrical
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resistance [15]. Polak et al. proposed a mathematical model

describing changes in magnetic properties of Fe73.5Cu1Nb3Si15.5B7

amorphous alloy during structural relaxation and crystallization

[16], estimating the distribution function of the magnetization

vectors and the dimension of long-range stresses in the nano-

crystalline state. A study of iron-based alloy powders [17] revealed

that hardness of the alloy is at maximum when the sample is

composed of a mixture of crystalline nanoparticles and amorphous

phase. The authors attribute this, in part, to the fact that amor-

phous/crystal interface has lower interfacial energy than crystal/

crystal interface [18] and this structure suppresses propagation of

shear bands [19] and cracks along these interfaces. Additionally,

Singh et al. found increased hardness in nanoquasicrystaleglass

composites, obtained by annealing an amorphous alloy, compared

to the original amorphous material [20].

Our study of Fe73.5Cu1Nb3Si15.5B7 amorphous alloy started with

investigation of thermal stability and crystallization [21], followed

by investigation of mechanical [22] and magnetic and electric

properties [23,24]. Thisprevious researchdealtmorewith structural

transformations in general, without detailed characterization of

changes in microstructure of the alloy both before and after its

crystallization. In order to complement these results with correla-

tion of structural transformations and changes in functional prop-

erties, as a part of multidisciplinary investigation of influence of

thermal treatment on Fe73.5Cu1Nb3Si15.5B7 amorphous alloy, here

we studied the dependence of the functional properties on micro-

structure of this alloy, with particular focus on the effect of crystal-

lization mechanism on change in functional properties of the alloy.

2. Experimental

Fe73.5Cu1Nb3Si15.5B7 amorphous alloy was prepared in form of

ribbon, 2 cmwide and 35 microns thick, using the standard proce-

dure of rapid quenching of a melt on a rotating disc (melt spinning

method). For the purpose ofmicrostructural analysismeasurements

were performed on an alloy sample was repeatedly thermally

treated at successively higher temperatures, for 30 min at each

temperature. All X-ray diffraction (XRD) measurements were done

on solid samples in the formof a ribbon at roomtemperature For the

purpose of microstructural characterization, alloy ribbon samples

were sealed in a quartz ampoule under vacuum and annealed for

30 min at different temperatures. Annealing was followed by slow

cooling to room temperature. XRD patterns were recorded using an

X’Pert ProMPDdiffractometer fromPANalyticalwithCoKa radiation

operated at 40 kV and 30 mA. For the routine characterization

diffraction data were collected in the range of 2q Bragg angles (15e

135�, step0.08�). AllXRDmeasurementsweredoneonsolid samples

in the formof a ribbon at roomtemperature. The qualitative analysis

of the XRD patterns was performed with the X’Pert High Score Plus

software and PDF-2 database [25,26]. For the quantitative analysis

the ICSD database was used and the Rietveld refinement using

TOPAS v.3.0 general profile and structure analysis software [27]

yielded the weight fraction F (wt%) and the mean crystallite size

dxRD (nm) foran identifiedphase [28].Mössbauer spectrawere taken

at roomtemperature, using the standard transmissiongeometryand

a 57Co(Rh) source. The calibrationwas done against a-iron foil data.

For the spectra fitting and decomposition, the CONFIT program

package was used [29]. The computer processing of Mössbauer

spectra, yielded intensities, I, of components, their hyperfine in-

ductions, Bhf, isomer shifts, d, and quadrupole splitting, s. The sur-

face morphology of the annealed sample was observed using the

scanning electronmicroscope (SEM) Lyra 3 XMU TESCAN. Chemical

homogeneity and compositionwere examined using JEOL JSM 6460

SEM with an Oxford Instruments INCA Energy analyser or Mira 3

TESCANSEMequippedwith aBrukerCompanyenergy-dispersiveX-

ray analyser (EDX). The transmission electron microscopy (TEM)

sample for observation microstructure inside of the sheet was pre-

pared using the FIB (Ga ions) method (at LYRA 3 XMU FEG/SEM-FIB

Tescan) for obtaining the lamella as the cut perpendicular to the

rolling direction and to the surface. The lamellawas thick just about

100 nm and of the width and length of approximately 8 mm and

12 mm, respectively, making it transparent on the entire cross sec-

tion, allowing observation of the microstructure near the surface

and inside of the sample, as well.

Thermomagnetic scan was used to study temperature induced

processes. The experiment was localized on the EG&G Vibrating

Sample Magnetometer in an evacuated furnace. In this process the

sample is heated, annealed and finally cooled in a vacuum furnace

at weakmagnetic field of 4 kAm�1while its magnetic moment was

monitored. Both heating and cooling rates were 4 C min�1 and the

dwell time at the maximum temperature of 800 �C was 30 min.

Electrical resistivity of the amorphous ribbon was measured using

4-point method, in the oven under hydrogen atmosphere, to pre-

vent oxidation during heating. Resistivity was measured non-

isothermally during heating from 25 �C to 650 �C, and, separately,

at room temperature after successive isothermal treatments lasting

800 s at different temperatures. Vickers microhardness tests were

performed using MHT-10 (Anton Paar, Austria) microhardness

tester, with loads of 0.4 N and loading time of 10 s, with up to seven

measurements performed on each individual sample. The micro-

hardness for each sample was calculated as the average value of

these measurements.

3. Results and discussion

3.1. Microstructural analysis

X-ray diffraction (XRD) data of alloy samples annealed at

different temperatures (Fig. 1) show that the as-prepared alloy

exhibits broad halo peaks around 52 and 96�, indicating the pres-

ence of domains of short-range crystalline ordering. Using Rietveld

analysis, the size of these domains was estimated to around 1.2 nm.

The position of broad halo peaks corresponds to position of

diffraction peaks of a-Fe(Si) crystalline phase, suggesting that this is

the dominant character of short-range crystalline ordering. Con-

current crystallization of a-Fe(Si) and Fe3Si was first observed after

annealing at 475 �C and these remain the only crystalline phases, in

addition to substantial amount of amorphous phase, until after

Fig. 1. XRD spectra of amorphous alloy after annealing at different temperatures.
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annealing at 575 �C, where crystallization of Fe2B phase is observed.

Due to similar structures of Fe3Si and a-Fe, where Fe3Si lattice can

be created by replacing an iron atom with a silicon atom in a-Fe

lattice, resulting in overlapping peaks in XRD, it was not possible to

separate the individual contributions of a-Fe(Si) and Fe3Si crystal-

line phases. Therefore, the phase content of a-Fe(Si) and Fe3Si is

shown jointly, as a sum of the two phases. Additional crystalline

phases Fe5Si3 and Fe2Nb were observed after annealing at 675 �C,

and the identification of these phases and temperature-dependent

phase composition of the alloy are shown in Fig. 2.

Additional details on formation of different crystalline phases

during crystallization were provided by Mössbauer spectra of the

alloy annealed at different temperatures. Typical spectra, exhibit-

ing characteristic features which can be correlated with appear-

ance of either amorphous matrix or different crystalline phases,

are shown in Fig. 3. These spectra illustrate the different shapes of

the lines in the spectra of amorphous structure, characterized by

short-range ordering, and crystal structure, composed of individ-

ual iron containing crystalline phases, respectively. Prior to the

onset of crystallization, the alloy is composed mainly of amor-

phous phase, with Fe(Si,B) phase as a minor component (Table 1).

The amorphous phase exhibits broad-line components of both

high-field and low-field components of Mössbauer spectrum,

which is indicative of short-range crystalline ordering, while the

presence of Fe(Si,B) component, which is considerably sharper

than amorphous phase signal, is indicative of small crystalline

clusters, which are probably too small to detect in XRD. After

annealing at temperatures up to 390 �C, Fe(Si,B) component

gradually disappears during structural relaxation of the alloy

sample, most likely due size-inherent instability of crystals of such

a small size. After annealing at 425 �C, Fe(Si,B) component appears

again and in substantial amount (around 15 at.%), indicating that

nucleation of crystalline phases has begun. The spectra of crys-

tallized alloy (annealed at temperatures above 425 �C) show the

presence of different crystalline phases, which exhibit as sharp

lines, indicating crystalline structure with well-defined positions

of Fe-atoms. The final spectrum, of a sample annealed at 725 �C,

represents fully crystallized alloy. The contents of the iron-

containing phases (at.% of iron atoms) were determined as pro-

portional to the relative areas of the corresponding spectral

components. However, the exact quantification of the phase con-

tents could only be done when possible differences in values of

LambeMössbauer factors were considered. The pattern charac-

teristics for the FeeB phases were taken from Refs. [30,31]. Some

basics about the FeeSi Mössbauer spectra fitting can be found in

Ref. [32].

In addition to information pertaining amorphous structure and

structural transformations prior to crystallization, phase analysis

from Mössbauer spectra reveals much more complex picture of

crystallization of Fe73.5Cu1Nb3Si15.5B7 amorphous alloy than sug-

gested by XRD spectra (Table 1). When it comes to crystallization of

FeeSi phases, it allows us to separate contributions of a-Fe(Si) and

Fe3Si phases, as only a part of the a-Fe(Si) solid solution contains

enoughSi tobuild the full Fe3Si lattice. In addition, it reveals that, after

annealing at 475 �C, a-Fe(Si) and Fe3Si phases nucleate asmetastable

FeeSieB systems (Fe(Si,B) and Fe5SiB2 components), rather than as

pure FeeSi systems, even though a-Fe(Si)/Fe3Si is observed in XRD in

this sample. These metastable phases disappear after annealing at

525 �C, and signals from a-Fe(Si) and Fe3Si phases are observed,

suggesting that boron is expunged from FeeSi matrix during nucle-

ation and crystal growth. Fromthis point on, FeeSi and FeeB systems

are completely separate. Several other crystalline components crys-

tallize in addition to a-Fe(Si)/Fe3Si solid solution after annealing at

475 �C, includingstableFe16Nb6Si7andmetastableFe3B.Sincenoneof

these phaseswere observable inXRD, this suggests that their average

crystallite size is probably too small, indicating that these phases are

probably in early nucleation phase. Appearance of components cor-

responding toFe3BphasemixedFe2B/Fe3Bphase,prior to appearance

of Fe2B phase suggests that the crystallization of Fe2B occurs with

Fe3B as an intermediate. The mixed Fe2B/Fe3B phase probably cor-

responds to the regions where the reaction of conversion of Fe3B to

Fe2B is underway and already partially complete. This view is rein-

forced by the fact that none of these components appear after the

crystallization of Fe2B phase is observed.

Component identified as Fe16Nb6Si7 can be correlated with

crystalline phase identified as Fe2Nb in XRD, due to the presence of

Si in all iron phases. This phase is observed in XRD only after

annealing at 675 �C, which coincides with a maximum in its phase

contribution. This suggests that, while this phase nucleates after

annealing at 475 �C, the fact that it contains Nb means that it is

unable to grow significantly until high enough local concentrations

of Nb have been created by the growth of a-Fe(Si)/Fe3Si phases and

exclusion of Nb from a-Fe(Si)/Fe3Si system. Therefore, Fe16Nb6Si7
probably undergoes additional nucleation after annealing at 575 �C,

which exhibits as an increase in phase content in Table 1, and,

through subsequent crystal growth, achieves high enough crystal

size to be detected in XRD after annealing at 675 �C.

In order to obtain more detailed characterization of the final

morphology and microstructure of crystallized alloy and formed

stable crystalline phases, TEM of alloy sample annealed at 725 �C

was used. TEM images show a fully crystallized granulated struc-

ture (Fig. 4) and presence of several crystalline phases can be

Fig. 2. Peak identification for alloy sample after annealing at 725 �C (left) and phase composition diagram (right).
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detected using electron diffraction (Supplemental material). Indi-

vidual grains have irregular shape with mean diameter varying

from 10 to 1000 nm. Grains of respective crystalline phases are

usually grouped in clusters, which is expected in a system where

crystallization of individual phases depends on both the local

chemical composition and the prior crystallization of other phases.

Electron diffraction of the sample indicates that Fe3Si is the domi-

nant phase, while individual crystallites of a-Fe(Si), Fe2B and

Fe16Nb6Si7 phases were identified by electron diffraction of indi-

vidual crystallites.

Fig. 3. Mössbauer spectra of the alloy after annealing at different temperatures.

Table 1

Phase analysis from Mössbauer spectra (results are shown as at% of Fe atoms).

T (�C) Amorph. Fe(Si,B) Fe3B Fe2B/Fe3B Fe2B Fe3Si Fe16Nb6Si7 FeB a-Fe Fe5SiB2

25 96.5 3.5

200 97.9 2.1

275 100 0

390 100 0

425 85.1 14.9

475 27.5 17.9 10.1 24.1 e e 5.2 3.9 e 11.4

525 e e e e 21.7 39.7 3.8 e 8.4 e

575 e e e e 22.6 29.5 7.1 4.4 12.9 e

625 e e e e 24.4 28.9 8.9 1.9 13.2 e

675 e e e e 32.6 26.3 11.5 1.4 13.9 e

725 e e e e 31.8 26.1 8.9 2.2 14.8 e

Fig. 4. TEM images of alloy after sintering at 725 �C.
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Technical reasons prevented detection of boron in EDX

elemental analysis. EDX elemental analysis (Table 2) performed in

seven different spots on a sample annealed at 725 �C shows that the

distribution of Si in the sample is surprisingly consistent with 17e

21 at.%. It also shows separation of Nb into distinct regions, where

high content of Nb correspond to lower content of Fe, suggesting, as

expected, that Nb atoms replace Fe atoms. Content of Cu, on the

other hand, shows relatively uniform distribution with no observ-

able dependence of Cu content on the content of other elements.

The variations in Cu content were, therefore, probably random in

nature, which is supported by the fact that no Cu-containing phase

was observed in either XRD or Mössbauer spectra.

3.2. Functional properties

Having characterized the thermally induced microstructural

changes in the alloy sample, we can consider the effect of these

changes on magnetic, electrical and mechanical properties of the

alloy. Thermomagnetic curve of the alloy sample shows appearance

of two Curie temperatures (Fig. 5). The first one, corresponding to

the Curie temperature of the amorphous alloy is around 340 �C,

afterwhich the alloy remains paramagnetic until around 500 �C and

the onset of crystallization. The formation of magnetic crystalline

phases leads to an increase inmagneticmoment of the alloy sample,

which decreases again on reaching the second Curie temperature,

corresponding to the Curie temperature of magnetic crystalline

phases. Even though successive crystallization of several iron-

containing crystalline phases was observed in XRD and Mössba-

uer spectra, after annealing at temperatures between 500 and

600 �C, the behavior of thermomagnetic curve in this temperature

region, on heating, (symmetrical shape and relatively low ampli-

tude of the peak) suggests that the main contributing phase here is

a-Fe(Si)/Fe3Si solid solution. This is probably due to relatively small

average crystalline size of other phases, which nucleate at higher

temperatures, which means that the available size of magnetic

domains would be too small to stabilize it at the relatively high

temperatures of 500e600 �C. After the dwell time of 30 min at

800 �C, the average crystalline sizes of all phases increase, resulting

in appearance of a signal around 740 �C on cooling. On further

cooling, magnetic moment exhibits significant increase around

640 �C, which probably corresponds to the Curie temperature of

Fe3Si and a-Fe(Si) phases. Magnetic moment of fully crystallized

alloy around 100 �C is higher than the magnetic moment of amor-

phous alloy at the same temperature.

Electrical and mechanical properties of Fe73.5Cu1Nb3Si15.5B7

amorphous alloy are also affected by observed thermally induced

structural changes, as shown in electrical resistivity derivative and

microhardness curves shown in Fig. 6. Electrical resistivity deriva-

tive curve shows the rate of change in resistivity with temperature.

The region between 100 and 350 �C corresponds to structural

relaxation, as indicated by higher rate of resistivity increase with

temperature in this region, which is caused by decreased density of

free electrons at the Fermi level of the amorphous alloy [24], due to

elimination of defects. Microhardness of the annealed alloy in-

creases after annealing at temperatures of 500 �C, due to the onset

of crystallization and creation of a composite of small nanocrystals

embedded in the amorphous matrix. Crystallization is observed as

an asymmetric peak around 530 �C in resistivity derivative curve,

where crystallization of metallic phases causes a large decrease in

resistivity. This is followed by an increase on further temperature

increase, due to the more pronounced effect of crystalline grain

boundaries. Microhardness in this material is determined by the

dominant type of interface: crystal/amorphous interface produces

better properties than both pure amorphous or crystal/crystal

interface [33]. Due to the fact that Fe2B and minor crystalline

phases only crystallize after annealing at temperatures of 575 �C

and higher, the nanocrystal/amorphous composite is relatively

Fig. 5. Thermomagnetic curve of the alloy on heating (solid) and cooling (dash).

Table 2

EDX elemental analysis of sample after annealing at 725 �C.

Spot Si (at%) Fe (at%) Cu (at%) Nb (at%)

1. 19.7 76.7 1.4 2.2

2. 20.8 77.9 0.9 0.4

3. 18.3 72.6 1.2 7.9

4. 18.2 75.4 1.3 5.2

5. 17.0 74.4 1.4 7.2

6. 17.5 76.8 1.5 4.1

7. 18.5 79.7 1.8 0.0

Fig. 6. Differential curve of change in electrical resistivity with temperature (left) and change in microhardness with annealing temperature (right).
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stable at lower temperatures, leading to continuous increase in

microhardness up to the annealing at 600 �C. The crystallization of

Fe2B and the resulting decrease in content of amorphous phase

changes the dominant type of interface to crystal/crystal, leading to

a decrease in microhardness after annealing at temperatures above

600 �C, due to increased interfacial energy and more successful

propagation of shear bands and cracks along these interfaces.

4. Conclusion

Microstructural analysis of Fe73.5Cu1Nb3Si15.5B7 amorphous alloy

after annealing at different temperatures shows that the alloy un-

dergoes a series of thermally induced structural transformations. A

combination of XRD measurements and Mössbauer spectroscopy

shows that crystallization of this alloy is a complex process

involving a number of metastable intermediary phases which

transform into stable crystalline phases during the early stage of

crystallization. It also shows the appearance of very small degree of

crystallinity in the as-prepared alloy, which is lost during structural

relaxation caused by annealing at temperatures below 400 �C, only

to reappear prior to crystallization, during nucleation of FeeSi based

phases. Magneticmeasurements show two Curie temperatures: the

first originating from amorphous alloy and the second originating

from magnetic crystalline phases formed during crystallization.

Mechanical properties of the alloy are improved by crystallization

through formation of a composite of nanocrystals embedded in

amorphous matrix, which exhibits exceptional microhardness.
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a b s t r a c t

Thermal stability of amorphous Fe73.5Cu1Nb3Si15.5B7 alloy and its crystallization kinetics and mechanism

have been investigated. The alloy is stable up to 748 K, after which it undergoes multi-step crystalliza-

tion with formation of �-Fe(Si)/Fe3Si, Fe2B, Fe16Nb6Si7, and Fe2Si crystalline phases. The crystallization

occurs in two distinct and well separated complex processes, each corresponding to formation of two

phases. Activation energy for the formation of the latter two phases is significantly higher, due to their

formation out of the previously formed iron–silicon crystalline phase. By comparison of Avrami expo-

nents of experimental system and a hypothetical system where no impingement occurs, the influence

of impingement on reaction mechanism was successfully isolated. While the reaction mechanism was

suggested as volume diffusion controlled growth of �-Fe(Si) and Fe2B phases, and interface-controlled

growth of Fe16Nb6Si7 and Fe2Si phases, impingement plays an increasingly significant role as the crys-

tallization progresses. The determined value of kinetic triplet was used to calculate the alloy lifetime,

showing its resistance against crystallization.

1. Introduction

Amorphous alloys (metallic glasses) have been widely studied

in the last fifty years due to their favorable physical, chemical

and mechanical properties which make them useful for various

applications, such as: power devices [1,2], information handling

technologies [3], magnetic sensors [4], anti-theft security systems

[5], etc. These materials are thermodynamically and kinetically

metastable and tend to transform to more stable form under cer-

tain conditions including high pressure and high temperature, or

prolonged activity at moderate temperature. Structural transfor-

mations occurring during structural stabilization process include

structural relaxation, crystallization and recrystallization, which

can result in loss of technologically favorable properties, or forma-

tion of hybrid nanocrystalline/amorphous structure with targeted

functional properties. Therefore, their region of stability, as well

as the mechanism and kinetics of structural transformation are

very important characteristics. Due to importance of crystalliza-

tion kinetics for development of amorphous and nanocrystalline

materials, kinetics of crystallization of amorphous alloys has been

studied extensively [6–11].

∗ Corresponding author. Tel.: +381 11 332 2883.

E-mail address: drminic@gmail.com (D.M. Minić).

Three-dimensional atom probe analysis of various stages of

crystallization in the amorphous Fe73.5Cu1Nb3Si13.5B9 alloy [12]

revealed that Cu-clusters were formed prior to the onset of the pri-

mary crystallization and then served as heterogeneous nucleation

sites for the crystallization of the Si-enriched �-Fe phase. Examina-

tion of amorphous Fe–Si–B–Nb–Cu rod alloy [13] showed multistep

crystallization process, which included precipitation of �-Fe phase

in the first step, followed by transformation of �-Fe-amorphous

to multicomponent system including �-Fe, Fe23B6, Fe2B, Fe3Si and

Fe2Nb crystalline phases in the second crystallization step. Study

of amorphous-to-nanocrystalline transformation in an amorphous

system with composition Fe73.5Cu1Nb3Si13.5B9 [14] revealed slow

decrease of electrical resistivity during nanocrystallization process,

as well as changes in nanocrystallization kinetics from a JMA-like

to an essentially power-law kinetics [14], but without explanation

for such kinetic behavior.

Influence of thermally induced structural transforma-

tions on functional properties of ribbon shape amorphous

Fe73.5Cu1Nb3Si15.5B7 alloy has been a subject of intense research

in our group [15–19]. Detailed study of its crystallization revealed

multi-step process which included formation of different iron-

phases and resulted in changes in functional properties. A

combination of XRD and Mössbauer data showed that complex

crystallization of this alloy involved, beside formation of stable

phases, a number of metastable intermediary phases, which

http://dx.doi.org/10.1016/j.tca.2014.03.028
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were transformed into stable crystalline forms [18,19]. All these

processes were manifested as two asymmetric exothermic peaks

in DSC curves indicating multistep crystallization occurring in dif-

ferent temperature ranges. According to results of microstructural

analysis, individual steps of crystallization process in temperature

range 770–880 K were ascribed to formation of �-Fe(Si)/Fe3Si and

Fe2B phase from the amorphous matrix, while the steps of crystal-

lization process in temperature range 940–1000 K were identified

as formation of Fe16Nb6Si7 and Fe2Si phases out of the already

formed �-Fe(Si)/Fe3Si phase [18]. As a part of multidisciplinary

study of Fe-based amorphous alloys, this paper represents an

expanded study of kinetics and mechanism of thermally induced

structural transformations in amorphous Fe73.5Cu1Nb3Si15.5B7

alloy.

2. Experimental procedure

Ribbon-shaped samples, 2.5 cm wide and 35 �m thick, of amor-

phous Fe73.5Cu1Nb3Si15.5B7 alloy were prepared using method of

rapid cooling of the melt on a rotating disk (melt-spinning method).

During that process, one of the sides was in direct contact with

cooled rotating disk (matte side), while the other side was in inert

atmosphere (shiny side).

DSC measurements were conducted using DSC-50 analyzer (Shi-

madzu, Japan). Alloy samples weighing 2–4 mg were heated in the

DSC cell from room temperature to 1020 K at constant heating rates

(5, 8, 12, 15 K min−1) under nitrogen atmosphere, with a flow rate of

20 mL min−1. Calibration of the instrument was performed for each

heating rate. Complex crystallization peaks were deconvoluted into

several symmetric peaks using OriginPro 8.5 software applying

Gaussian Lorentzian cross-product function shown in equation:

y =
a0

1 + a3((x − a1)/a2)
2

exp[(1 − a3)(1/2)((x − a1)/a2)
2
]

(1)

where the parameter a0 is the amplitude, a1 is the center, a2 is

the width and a3 is the shape parameter (0 ≤ a3 ≤ 1). The aim of

peak deconvolution is to separate a complex process into several

individual single-step processes, with high enough level of corre-

lation between theoretical and experimental curves. In this case,

the correlation factor R2, between theoretical and experimental

curves, was better than 0.99 for all heating rates, while the depend-

ence of apparent value of activation energy on conversion degree ˛
from isoconversional methods confirmed that deconvoluted peaks

represent single-step processes.

X-ray diffractometry was performed using an X’Pert Pro MPD

diffractometer from PANalytical, at room temperature, on samples

which were successively annealed for 30 min at different tempera-

tures in the range from room temperature to 998 K and then cooled

to room temperature. Co K� radiation was used in a Bragg–Brentano

geometry at 40 kV and 30 mA. For analysis of XRD patterns X’Pert

High Score Plus software, PDF-2 database [20,21] and ICSD database

were used. XRD measurements were made on both matte (contact)

and shiny (free) side of the ribbon.

Morphology examination was conducted on crystalline sam-

ples, using FIB-SEM, ESEM and TEM techniques. Fast ion beam

(FIB) technique involved cross section preparation using Quanta

200 (3D device, FEI Netherlands), applying Ga-ion beam, which

was focused perpendicularly to the surface. Sample measured by

FIB-SEM technique was previously annealed at 1173 K for 60 min.

XL 30 ESEM-FEG (Environmental Scanning Microscope with Field

Emission Gun, by FEI, Netherlands) was used for ESEM studies of

crystalline sample, thermally treated at 1123 K for 60 min. Trans-

mission electron microscopy (TEM) was carried out on sample

annealed at 998 K for 30 min, using instrument Philips CM 12 with

tungsten cathode and a 120 kV electron beam.

2.1. Solid-state kinetic analysis

For kinetic description of thermally activated single-step trans-

formation in solid-state, the following equation was used [22,23]:

d˛

dt
= k(T)f (˛) (2)

where t is the time, T is the temperature, k(T) is the rate constant,

˛ is the conversion degree which is, in case of non-isothermal

measurement, equal to the ratio of the area between the initial

crystallization temperature and temperature T, to the total peak

area, and f(˛) is the conversion function which can be presented in

certain mathematical form depending on the reaction mechanism

[24]. Replacement of rate constant k(T) with Arrhenius equation

yields expression for the rate of conversion in the form:

d˛

dt
= A exp

(

−E

RT

)

f (˛) (3)

where A and E are Arrhenius parameters (A is pre-exponential fac-

tor, E is activation energy) and R is the gas constant. The values of

E and A are related to each other by “compensation effect” which

allows application of the method of invariant kinetic parameters

to get the overall values of Arrhenius parameters [25]. It includes

the utilization of different forms the conversion function, which

are introduced into certain model fitting equation (for example

Coats–Redfern equation [26]) and fitted.

In solid-state kinetic analysis, the value of activation energy

can be expected to be independent on temperature and conver-

sion degree only in the case of single-step reaction. Based on a

quasi-single-step reaction, activation energy in Eq. (3) becomes an

apparent quantity (Ea). Under non-isothermal conditions, for con-

stant heating rate measurements, transformation of Eq. (3) yields:

ˇ
d˛

dT
= A exp

(

−Ea

RT

)

f (˛) (4)

where ˇ is heating rate, ˇ = dT/dt, and d˛/dt ˇ(d˛/dT).

Rearrangement and integration of Eq. (4) gives integral form of

the reaction model, g(˛):

g(˛) =

∫ ˛

0

d˛

f (˛)
=

AEa

Rˇ
p(x) (5)

where p(x) is the temperature integral for x = Ea/RT which does not

have analytical solution.

Kinetic description of a process in solid-state requires determi-

nation of a kinetic triplet, which includes determination of values of

Arrhenius parameters and the correct form of conversion function.

Kinetic triplet can be used to predict stability and the kinet-

ics of a process in different temperature regions. Time required to

reach a value of conversion degree ˛ at a temperature T, t˛, can be

calculated using following equation [27]:

t˛ =
g(˛)

A
exp

(

E

RT

)

(6)

The time required to reach conversion degree of 5% (˛ = 0.05) is

considered as estimated lifetime of material, and can be very useful

in the investigation of stability of materials [28].

3. Results and discussion

DSC measurements on the samples of the amorphous alloy

[18] showed stepwise process of crystallization manifested by two

clearly separated asymmetric exothermic peaks in temperature

ranges from 770 to 880 K and from 940 to 1000 K, respectively,

corresponding to formation of different iron phases (Supplement).

Pronounced asymmetry of each peak indicates that these corre-

spond to complex processes involving formation of more than one

������ ���
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Fig. 1. Phase composition of alloy samples annealed at different temperatures.

crystal phase. In order to investigate mechanism and kinetics of

crystallization process in detail, each asymmetric crystallization

DSC peak was deconvoluted into two individual steps [18], each

corresponding to a single-step process (Supplement). In correlation

with phase composition diagram (Fig. 1), individual crystallization

steps of the first exothermic DSC peak were attributed to formation

of �-Fe(Si) [ICDD-PDF 00-006-0696] and Fe2B phase [ICDD-PDF 00-

036-1332], respectively, while crystallization steps of the second

exothermic peak correspond to formation of Fe16Nb6Si7 [ICDD-PDF

00-053-0459] and Fe2Si [ICDD-PDF 00-071-0642] phase. The phase

composition diagram shows that the crystallization of Fe2B phase is

not as immediate and rapid as the crystallization of �-Fe(Si), indi-

cating that crystallization of Fe2B phase could be dependent on

crystallization of �-Fe(Si). X-ray diffractograms, Fig. 2, of both sides

of as-prepared alloy, as well as the samples which were successively

annealed at selected temperatures, did not reveal any difference

in terms of phase composition between the two sides of the alloy

ribbon.

Table 1

Arrhenius parameters of individual crystallization steps determined using different

methods.

Method �-Fe(Si) Fe2B Fe16Nb6Si7 Fe2Si

Kissinger, Ea (kJ/mol) 335 ± 7 259 ± 22 491 ± 14 474 ± 28

LnAb 49 ± 1 37 ± 3 60 ± 2 58 ± 5

IKP, Ea (kJ/mol) 330 ± 10 263 ± 25 511 ± 13 494 ± 31

LnAb 48 ± 1 37 ± 4 62 ± 2 60 ± 4

Ortega, Ea
a (kJ/mol) 333 ± 11 264 ± 26 512 ± 13 495 ± 31

a Average values of Ea determined at selected values of ˛ in range 0.1–0.9.
b Units of A in min−1 .

Fig. 3. Activation energies of individual steps of crystallization, determined using

Ortega’s isoconversional method.

3.1. Crystallization kinetics

Parameterization of Arrhenius equation for individual crys-

tallization steps (Table 1), from deconvoluted DSC peaks, was

conducted using several different methods [29–31]: both isocon-

versional and non-isoconversional. Negligible variations in the

effective values of apparent activation energy Ea,˛ with ˛ in isocon-

versional methods indicate that each individual deconvoluted step

represents a single-step process (Fig. 3). The approximate number

of atoms involved in each step can be calculated using the values

Fig. 2. X-ray diffractograms of annealed samples at selected temperatures: 998 K (a), 898 K (b) and 948 K (c).
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Table 2

Positions of maxima of Málek’s functions for individual crystallization steps and the determined form of the conversion function.

�-Fe(Si) Fe2B Fe16Nb6Si7 Fe2Si

˛max
y 0.28 ± 0.01 0.28 ± 0.01 0.42 ± 0.01 0.36 ± 0.01

˛max
z 0.50 ± 0.01 0.51 ± 0.01 0.50 ± 0.01 0.50 ± 0.01

f(˛) ˛0.46(1 − ˛)1.2 ˛0.51(1 − ˛)1.3 �1.0(1 − ˛)1.4 �0.60(1 − ˛)1.1

Average number of atoms involved in cryst. 120 ± 10 250 ± 50 470 ± 30 2300 ± 500

of enthalpy for the respective step [32], obtained from the surface

area of deconvoluted peak in DSC, and the calculated average value

of activation energy (Table 2). This gives an indication of the relative

complexity of individual crystallization steps. While all of the steps

can be described as highly complex, involving simultaneous move-

ment of at least 120 atoms, crystalline phases that form at higher

temperature exhibit even higher degree of complexity of crystal-

lization. The degree of complexity of crystallization is only one of

the factors affecting the value of activation energy of the formation

of individual phases. Lower value of Ea for crystallization of Fe2B

phase can be ascribed to favorable conditions for crystallization of

this phase, created through expulsion of boron from crystalline �-

Fe(Si) during its formation, increasing the boron concentration in

the surrounding amorphous matrix [33]. The values of activation

energies for formation of Fe16Nb6Si7 and Fe2Si phase are much

higher than Ea for the first two crystallization steps, due to their

crystallization mechanism, which includes crystallization out of the

previously formed iron–silicon phase. Crystallization of Fe16Nb6Si7
phase was caused by the presence of Nb, which does not form a solid

solution with Fe, while crystallization of Fe2Si phase was caused by

relatively high Si content of the as-prepared alloy, which desta-

bilizes the crystalline iron–silicon system formed earlier during

crystallization [18].

Convex shape, values of ˛max
y and well defined maxima of Malek

curves of individual crystallization steps (Supplement) suggest

applicability of JMA model, which assumes crystallization involv-

ing two separated steps: nucleation and growth of formed nuclei

[34].

Taking into consideration the values of ˛max
z of individual crys-

tallization steps, Table 2, the crystallization mechanism does not

exhibit the fingerprint of the JMA model (˛max
z = 0.632). This is

probably due to the fact that not all of the conditions for full

validity of JMA equation are fulfilled, either because nucleation

process does not occur only during the early stage of transfor-

mation or because of the presence of blocking effects in some

of the steps. In these cases, the use of Šesták–Berggren model is

recommended [35] for kinetic description of the solid-state trans-

formation. Šesták–Berggren model is an empirically developed

autocatalytic model, defined with three parameters: M, N and P,

where, through different values of these parameters, this model

can be transformed into any kinetic model applied for solid state

reaction [35]. The two parameter form of Šesták–Berggren model is

usually sufficient for description of a system, with the form where

P = 0 being the most commonly used. Application of this model

allows determination of the form of conversion function corre-

sponding to the formation of each crystalline phase, Table 2. The

form of the determined conversion functions of individual crystal-

lization steps, with M < 1 and N > 1, can be correlated with processes

controlled by nucleation, growth of nuclei and their branching

and interaction [35]. Determination of the kinetic triplet usually

requires its validation, and there are several methods that can be

used to this end. Master plot method, in which experimental and

theoretical master curves are compared [36], and Perez-Maqueda’s

criterion, which is based on the independency of kinetic param-

eters on heating rate [37], confirmed the validity of the kinetic

triplets for each crystallization step (Fig. 4a and c), without a change

of mechanism with increase in heating rate. Additional test of

validity of the obtained kinetic triplets of individual crystallization

steps was performed by comparing calculated kinetic curves in the

form of A exp(−Ea/RT)f(˛) = f(T), with corresponding ˇ(d˛/dT) = f(T)

curves obtained after deconvolution of experimental crystalliza-

tion peaks (Fig. 4b). Since functional properties of materials are

determined by their microstructure, and can be deteriorated by

structural changes, the lifetime of the material at operating tem-

perature represents a very important parameter for its practical

application. The value of lifetime at selected temperatures can be

determined using the obtained values of the kinetic triplet (Eq.

(6)). This shows that the alloy exhibits very high stability against

crystallization at room temperature (t0.05 = 2.2 × 1030 years), with

exponential decline of lifetime with temperature according to

equation t0.05 = −7.1 × 1029 + 1.5 × 1057e(−T/6.1). At the temperature

of the onset of the crystallization in DSC curve (773 K) lifetime of

less than 5 min was determined.

3.2. Crystallization mechanism

Additional information about morphology of formed crystalline

phases was obtained by electronic microscopy (TEM, FIB-SEM and

ESEM) of the surface and cross section of the annealed samples

(Fig. 5). Fully crystallized alloy structure containing several dif-

ferent phases was observed, with grain diameter of 10–1000 nm.

There is also evidence of merging of neighboring grains of the same

phase to create irregular micrometer sized domains. In addition, the

crystallization process created pores, several hundreds of nanome-

ters in diameter, visible as white regions in TEM and black regions in

ESEM images. Highly irregular shape of crystalline grains can also

be attributed, in part, to impeded growth at the grain boundary

junctions of different phases (impingement effect). This is espe-

cially visible in TEM image, where secondary crystallization of dark,

oblique crystals is apparent on the grain boundary of light, rectan-

gular crystals.

Additional information on the influence of impingement on

growth of crystalline phases was obtained using analysis of kinetic

data to determine local values of Avrami exponent, n, according to

equation [38]:

d(ln[− ln(1 − ˛)])

d(ln[(T − T0)/ˇ])
= n

[

1 +
Ea

RT

(

1 −
T0

T

)]

(7)

where T0 is the temperature of the onset of crystallization.

The slight decrease of n with progress of reaction (increase of

˛) suggests some changes in nucleation and growth mechanism

(Fig. 6a), which can be attributed to the increasing effect of impinge-

ment with progress of crystallization [39].

Crystallization process starts with formation of nuclei, which

hypothetically can grow in an infinitely large parent phase, in the

absence of other particles [40]. In that hypothetical case, the parti-

cles are characterized by extended volume, Vx, equal to the volume

of all particles at time t; and by extended volume fraction xe, equal

to the ratio of the extended volume to the sample volume. For

non-isothermal transformation, xe can be described using expres-

sion [40]:

xe = knh (T2)
nh exp

(

−
nhEa

RT

)

(8)
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Fig. 4. Validation of the determined kinetic triplets: master plot method (a) and comparison of calculated kinetic curves in the form of A exp(−Ea/RT)f(˛) = f(T) with corre-

sponding ˇ(d˛/dT) = f(T) (b) for crystallization of �-Fe(Si) phase (data for other phases are presented in Supplement); application of Perez-Maqueda’s criterion to crystallization

of individual phases (c).

Fig. 5. TEM (a), ESEM (b) and FIB-SEM (c) images of crystallized samples.

where nh is the value of Avrami exponent in that hypothetical case.

Differentiation and rearrangement of the logarithmic form of Eq.

(8), assuming that nh, Ea and k are constant, lead to:

d ln xe

dT
= nh

(

Ea

RT2
+

2

T

)

(9)

The value of transformation-rate maxima (˛p) in the curve

d˛/dt = f(˛), for non-isothermal measurements, gives an indication

of the prevailing type of impingement [41]. The values of ˛p = 0.5

found for all crystallization steps indicate anisotropic growth for

all crystallized phases. The blocking effect of growing particles

occurs earlier than in the case of isotropic growth, causing hard

impingement and leading to deviation from the classical JMA model

[40]. In this case, the anisotropic growth is described by equation

[40]:

d˛

dxe
= (1 − ˛)� (10)

where � is a parameter ≥1, which, under non-isothermal condi-

tions, can be determined from the position of transformation-rate

maximum as � − (1 − ˛p)1−� = 0 [41].

For ˛p = 0.5, the value of � is 2, which yields relation

xe = ˛/(1 − ˛). This allows us to determine the values of Avrami

exponent nh according to Eq. (9) for a hypothetical case where

impingement does not occur (Fig. 6b). Comparison of our exper-

imental system with this hypothetical system where impingement

does not occur provides an opportunity to isolate the influence

of impingement during crystallization in the experimental sys-

tem. The profile of change of nh with ˛ suggests a particular

mechanism of nucleation and growth of nuclei. Relatively con-

stant values of nh observed for all crystallization steps indicate

constant nucleation rate. The average values of around 2.5 for crys-

tallization of �-Fe(Si) and Fe2B phases indicate three-dimensional

volume diffusion controlled growth. The average values of around

4.3 for crystallization of Fe16Nb6Si7 and Fe2Si phases indicate three-

dimensional interface-controlled growth, which could be expected

Fig. 6. Local values of Avrami exponent, n (a) and the values of Avrami exponent for hypothetical growth of nuclei in an infinitely large parent phase, nh (b).
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considering that Fe16Nb6Si7 and Fe2Si phases are formed on the

surface of the previously formed �-Fe(Si) grains. Comparison of

dependence of n and nh with ˛, Fig. 6, indicates that impingement

causes a downward trend in change of n with increase of ˛, becom-

ing increasingly dominant as the reaction progresses. Its influence

becomes significant enough to lead to change of dimensionality

of crystal growth in the later part of the reaction, as shown in

previously published results [19].

4. Conclusion

Study of thermal stability of amorphous Fe73.5Cu1Nb3Si15.5B7

alloy showed that, during successive annealing for 30 min at differ-

ent temperatures, the crystallization of the alloy was first observed

after annealing at temperature of 748 K, when multi-step crystal-

lization process started, ultimately leading to formation of stable

iron-based crystalline phases, identified as �-Fe(Si)/Fe3Si, Fe2B,

Fe16Nb6Si7, and Fe2Si. Copper was not found to be a constituent

of any of the crystalline phases, indicating that it is dispersed

in amorphous matrix and on inter-grain boundaries, serving as

nucleation sites for crystallization of different phases. The values

of Ea and A for crystallization of �-Fe(Si) phase are in agreement

with values obtained in similar systems. Crystallization of Fe2B

phase, however, exhibited lower value of Ea than crystallization of

iron–silicon phase, probably due to creation of favorable conditions

for its crystallization through expulsion of boron from crystalline

�-Fe(Si) phase and increase of boron concentration in the surround-

ing amorphous matrix [33]. In addition, this value is also slightly

lower than the corresponding value of activation energy for Fe2B

phase in previously examined systems [33,42], probably because

the presence of Cu facilitates the nucleation process. Significantly

higher values of Ea for formation of the iron–niobium phase and

the second iron–silicon phase are probably caused by the instabil-

ity of the previously formed iron–silicon phase and the presence

of Nb, which does not form a solid solution with Fe. Constant

nucleation rate was suggested for crystallization of all phases, with

volume diffusion controlled growth of �-Fe(Si) and Fe2B phases,

and interface-controlled growth of Fe16Nb6Si7 and Fe2Si phases.

Impingement has a significant influence on mechanism of individ-

ual crystallization steps, which increases with reaction progress.

The lifetime of the alloy exhibits exponential dependence with tem-

perature, where the alloy is characterized by very high stability

against crystallization at room temperature.
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A B S T R A C T

The crystallization mechanism and kinetics of Fe40Ni40P14B6 amorphous alloy were studied under non-

isothermal conditions. Thermal stabilization of this alloy manifests in DSC through two complex peaks,

corresponding to crystallization and recrystallization, respectively. The complex crystallization DSC peak

was deconvoluted into individual steps corresponding to crystallization of individual phases, where the

results using both Gaussian–Lorentzian cross-product and Fraser–Suzuki function were compared. It was

determined that the values of kinetic triplets of the individual steps did not exhibit any significant

difference, depending on the deconvolution function. Anisotropic growth was indicated to be the

prevailing type of impingement for all crystallization steps. Using the calculated values of the respective

kinetic triplets and the mechanisms determined from the value of Avrami exponent, distinct values of

activation energies for nucleation and crystal growth for crystallization of each individual phase were

calculated, showing significantly higher values for nucleation than those for crystal growth. Alloy

samples treated non-isothermally in the DSC cell exhibit inhomogeneous surface morphology with

highly granulated structure dependent on heating rate.

1. Introduction

Amorphous alloys (metallic glasses) represent a class of

materials which lack long-range atom ordering, resulting in

isotropic structure and functional properties. Multi-component

iron-based amorphous alloys have shown to be particularly

interesting due to their favorable magnetic, electrical, mechanical

and chemical properties [1–6]. These properties make them

potentially useful for various applications, such as magnetic

sensors, information handling technologies, power devices, anti-

theft security systems [7–11]. In addition, amorphous alloys are

thermodynamically and kinetically metastable and, therefore,

prolonged use at moderate temperature, heating or exposure to

high pressure can cause structural stabilization through different

processes including structural relaxation, crystallization and

recrystallization. Microstructural changes which occur during this

stabilization process can bring about either deterioration of the

favorable functional properties or can even improve them, if a

structure containing nanocrystals embedded in amorphous matrix

is formed [12,13]. For future development of new materials with

targeted properties, it is necessary to understand the range of

stability, as well as mechanism and kinetics of structural trans-

formations in amorphous alloys.

Kinetics of solid-state transformations is most commonly

studied using thermal analysis methods under isothermal or

non-isothermal conditions with constant heating rates [6,14–19].

Transformations occurring in solid-state are often multi-step

processes, followed by partially or completely overlapped thermal

effects manifested in DSC. In these cases, deconvolution of the

complex DSC curves is required to examine kinetics of individual

transformation steps. In a study of crystallization in As40Te50In10

glass, Gaussian function was used to separate overlapped DTA

peaks and determine apparent activation energy and reaction

order corresponding to the individual crystalline phases [20].

Gaussian function was also applied to deconvolute overlapped

crystallization DSC peaks of Fe80P13C7 metallic glass, in order to

deduce crystallization mechanism from the local values of Avrami

exponent [21]. By fitting different mathematical functions to the
* Corresponding author. Fax: +381 11 2187 133.
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curves corresponding to different kinetic models, Perejón et al.

suggested the use of Fraser–Suzuki function as the most

appropriate deconvolution function [22]. In addition, this function

was successfully applied to deconvolute overlapped steps in DSC or

DTG curves of some Se–Te glassy systems, coordination complexes

and lignocellulosic biomass samples [23–25].

Amorphous alloy Fe40Ni40P14B6 is potentially useful for differ-

ent applications [26], and, therefore, it has been a subject of many

studies [26–37]. An examination of the structure of the alloy

sample isochronally heated at 40 K min�1 up to 723 K revealed that

a completely crystalline sample contained (Fe, Ni)3(P, B) and

g-(Fe, Ni) phases [27]. Changes in the microstructure with heating

rate of non-isothermally devitrified alloy were also predicted [28].

In addition, influence of pre-annealing on relaxation phenomena

has been a subject of several research papers [27,28]. Overall

crystallization kinetics was studied using isothermal and non-

isothermal electrical resistivity measurements [29,30], transmis-

sion electron microscopy [31], and DSC measurements [32,33,37].

Differences in crystallization activation energies published in the

literature, ranging from 367 to 440 kJ mol�1, have been attributed

to differences in the quenching rates and the presence of a variable

number of quenched-in nuclei [28]. In spite of great scientific

interest regarding crystallization process in amorphous

Fe40Ni40P14B6 alloy, there is no information about crystallization

kinetics of individual phases. Therefore, the aim of this work is to

examine mechanism and kinetics of crystallization of individual

phases in detail, which will include identification of formed

crystalline phases at different temperatures, thermal analysis

using DSC and deconvolution of complex DSC peaks into individual

steps using different deconvolution functions, with detailed

kinetic analysis of each individual step.

2. Experimental

Preparation of amorphous Fe40Ni40P14B6 alloy samples was

conducted using melt-spinning method, which included rapid

quenching of a melt on a cold rotating disk. Obtained alloy samples

were 35 mm thick ribbons.

In order to examine phase composition of the as-prepared and

annealed alloy samples, X-ray diffractometry (XRD) was performed

at room temperature with the automatic X’Pert Pro (PANalytical)

diffractometer, in Bragg–Brentano geometry, using CoKa radiation

and beta filter in incident path. The annealing procedure included

heating of the alloy samples, sealed in a quartz ampoule, at

successively higher temperatures up to 873 K for 30 min. For

qualitative and quantitative analysis of the obtained X-ray

diffractograms, PDF-2 database, Crystallography Open Database,

X’Pert High Score Plus and MAUD software [38–41] were used.

Differential scanning calorimetry (DSC) measurements were

carried out using TG-DSC 111 from Setaram in a stream of helium,

flowing at a rate of 30 cm3min�1, under non-isothermal conditions.

Curves were recorded at constant heating rates of 2, 5, 8, 11 and

14 K min�1 in the temperature range from room temperature to

873 K. Surface characterization of the samples heated in a DSC cell

was performed using scanning electron microscope JEOL JSM-6390.

2.1. Solid state kinetic analysis

Rate of thermally activated single-step process occurring in the

solid state is most commonly described using the following

equation [42–44]:

da

dt
¼ Aexp

�Ea
RT

� �

f ðaÞ (1)

where variables t and T are time and temperature, respectively, R is

the gas constant, while Ea and A are the apparent activation energy

and the pre-exponential factor, which are collectively referred to as

Arrhenius parameters and characterize the rate constant,

kðTÞ ¼ Aexpð�Ea=RTÞ. In the Eq. (1),a is the conversion degree

which, under non-isothermal conditions, can be determined

experimentally as the ratio of the area between the initial

crystallization temperature and temperature T, to the total peak

area. Mechanism of the process is described by conversion

function, f(a). Full kinetic characterization of a process means

determination of the kinetic triplet, which includes apparent

activation energy, pre-exponential factor and conversion function.

Constant values of the apparent activation energy with respect to a

and T can only be expected for the processes occurring in a single

step [44]. Under non-isothermal conditions, at constant heating

rates, b = dT/dt, Eq. (1) can be transformed to:

b
da

dT
¼ A exp

�Ea
RT

� �

f ðaÞ (2)

In the solid-state kinetic analysis, time dependence of the

conversion degree describing crystallization process is often

represented by JMA equation [45]:

a ¼ 1 � exp½�ðktÞn� (3)

where k and n are time-independent parameters—the rate

constant and Avrami exponent, respectively. According to Blázquez

et al. [46], the local Avrami exponent, n, can be calculated using

following expression:

dðln½�lnð1 � aÞ�Þ

dðln½ðT � T0Þ=b�Þ
¼ n 1 þ

Ea
RT

1 �
T0

T

� �� �

(4)

where T0 is the temperature corresponding to the onset of

crystallization. Value of the local Avrami exponent, and the way it

changes can suggest a particular mechanism of the process.

In the hypothetical case including growth of nuclei in an

infinitely large parent phase, without the influence of impinge-

ment, the particles are described by the extended volume, equal to

the volume of all particles at a time t;  and by the extended volume

fraction xe, equal to the ratio of the extended volume to the sample

volume [47]. The value of Avrami exponent in that hypothetical

case, nh, can be determined by taking into account the appropriate

impingement type, assuming that nh, Ea and k are constant:

dlnxe
dT

¼ nh

Ea

RT2
þ
2

T

� �

(5)

and this provides more information about the transformation

mechanism. In the case of non-isothermal experiments under

constant heating rates, the position of the transformation rate

maximum (ap) gives a direct indication of the prevailing type of

impingement [48]. Accordingly, prevailing type of impingement

can be deduced by solving the appropriate equations or using

diagrams in Ref. [48].

3. Results and discussion

In order to examine thermal stability and kinetics of thermally

induced crystallization of Fe40Ni40P14B6 amorphous alloy, DSC

measurements were performed at 5 different heating rates in the

range 2–14 K min�1. It was observed that the alloy was stable up to

a temperature of around 650 K, after which it underwent stepwise

thermally activated stabilization through crystallization, Fig. 1.

Two distinct complex, poorly separated, exothermic peaks at

around 665 and 700 K, respectively, suggest that the exothermic

stabilization process consisted of at least two overlapping

processes involving more than one step.
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According to XRD analysis conducted on the as-prepared and

thermally treated alloy samples, thermally induced transformation

of an amorphous into a completely crystalline sample was a

complex process involving formation of several crystalline phases,

some of which subsequently undergo recrystallization. Micro-

structure of the as-prepared alloy exhibits short-range atom

ordering and changes after annealing at 613 K, when some

amounts of a-(Fe, Ni) and g-(Fe, Ni) crystalline phases appeared,

Fig. 2. Beside the presence of these two crystalline phases,

annealing at 643 K yields (Fe, Ni)3 (P, B) crystalline phase, Fig. 2c.,

whose peak positions suggest that it is richer in Ni than Fe. With

further annealing at higher temperatures, recrystallization of

a-(Fe, Ni) into g-(Fe, Ni) and (Fe, Ni)3 (P, B) crystalline phases leads

to a complete disappearance of a-(Fe, Ni), Fig. 2d. The co-existence

of g-(Fe, Ni) and (Fe, Ni)3 (P, B) phases in the final high-temperature

product is in accordance with Fe–Ni–P phase diagram [49].

According to XRD analysis, the first DSC exothermic peak could be

ascribed to crystallization of a-(Fe, Ni), g-(Fe, Ni) and (Fe, Ni)3(P, B)

phases, in that order, and the second one to their recrystallization.

Studyof surface morphologyof the samples heated in a DSCcell at

different rates, (2, 8,11 K min�1), from room temperatureup to 873 K,

was performed using SEM method. All thermally treated samples

showed an inhomogeneous surface structure, Fig. 3, and their

microstructure can be correlated with the heating rate and the

duration of thermal treatment. The sample heated at 11 K min�1,

exhibits inhomogeneous and granulated surface, with visible

agglomeration of grains, Fig. 3d. Sample heated at 8 K min�1 shows

a highly granulated structure of asymmetric grains 400–1000 nm in

diameter, Fig. 3c. Compared to the sample heated at 11 K min�1, the

grains are larger with more visible contour, which can be attributed

to longer thermal treatment time. Sample treated at the lowest

heating rate (2 K min�1) exhibits a fully crystalline non-uniform

surface with grains 50–300 nm in size, Fig. 3a and b. These grains are

smaller and appear to be more symmetrical than the grains observed

at higher heating rates. This can be correlated with significant

difference in heating rate (2 compared to 8 and 11 K min�1), where

significantly lower heating rate produces a difference in the ratio of

rates of nucleation and crystal growth compared to the higher

heating rates [28]. This results in finer microstructure at lower

heating rates, with higher number of smaller grains than at the

higher heating rates. The roughness of the surface layerof the sample

treated at 2 K min�1 varies, leading to variation in surface

morphology. The single layer of nanocrystals does not show any

particular superstructure, Fig. 3b, and the regions containing

multiple layers of grains exhibit a degree of assembly, where grains

connect into chains of varying length, typically of few microns in

Fig. 1. Experimental DSC curves recorded at different heating rates.

Fig. 2. X-ray diffractograms of as-prepared alloy (a), and samples annealed at different temperatures: 613 K (b), 643 K (c) and 873 K (d), with peak indexing.
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length, Fig. 3a. This suggests that the larger grains are formed

through oriented attachment of the smaller grains.

Chemical mapping of the surface performed on the sample

heated in DSC cell at 11 K min�1 from room temperature up to 873 K

shows that the Ni-rich regions correspond also to Fe-poor regions

and P-rich regions, Fig. 4. The fluctuations in concentration of Fe are

much smaller than those of P and Ni. This, together with peak

positions in XRD, indicates that Ni-rich regions are richer in (Fe,

Ni)3(P, B) crystalline phase, while in Fe-rich regions, g-(Fe, Ni) is the

dominant crystalline phase. The entire surface is porous, and the

difference in surface morphology of Ni-rich and Fe-rich regions is

easily observable. The regions richer in (Fe, Ni)3(P, B) phase exhibit

honeycomb structure, while in the other regions, crystalline

aggregates are formed without any particular superstructure, Fig. 4.

3.1. Peak deconvolution

As the crystallization represents a complex stepwise process, in

order to investigate the mechanism of crystallization and the

kinetics and thermodynamics of formation of each phase, complex

DSC peaks were deconvoluted using symmetric Gaussian–

Lorentzian cross-product function and non-symmetric Fraser–

Suzuki function. Several deconvolution criteria were used con-

cerning the nature of the process and the number of formed

crystalline phases. Only deconvolution with high correlation

coefficient exhibiting constant values of the effective apparent

activation energy (Ea) of individual steps with the reaction

conversion degree (characteristic of single-step processes [44])

was accepted for further kinetic analysis. In addition, the

deconvolution into single-step processes and subsequent kinetic

analysis were performed under the assumption that the reaction

mechanism is independent on the heating rate. This allowed us to

investigate, in addition to the reaction mechanism of structural

transformations, the influence of the form of deconvolution

function on the calculated kinetic triplet. However, DSC curve

recorded at 2 K min�1 exhibits somewhat different shape than the

curves measured at higher heating rates, indicating a different

reaction mechanism. Therefore, only DSC curves recorded at

heating rates 5–14 K min�1 were deconvoluted and considered in

further kinetic analysis. Deconvolution into four steps, using either

Fraser–Suzuki or Gaussian–Lorentzian cross product function,

yielded the best results, Fig. 5. The fourth peak exhibits a typical

Lorentzian profile. Therefore, Fraser–Suzuki function could not be

used to fit it, and Lorentzian function was used instead.

Deconvoluted peaks obtained using two different functions

show that the positions, amplitudes and shapes of the first three

peaks are very similar (Supplement, Table S1). Therefore, the

overall values of apparent kinetic parameters of the individual

crystallization steps are very similar, Table 1. These values of Ea are

in accordance with the overall value of crystallization Ea [37],

determined for the system with the same chemical composition.

Thermodynamic parameters of activation were calculated, for

all transformation steps, using Eyring’s equation included in the

transition state theory [50,51], Table 1. As the observed processes

occurred in the solid-state, activation enthalpy was approximated

to be D#H � Ea. Crystallization steps exhibited values of D#S and

D#G of around 410 J(mol K)�1 and 180 kJ mol�1, respectively.

Positive values of activation entropy obtained for all crystallization

steps originated from the reduction in the degree of short range

ordering during the formation of activated complexes.

Fig. 3. SEM secondary electron images of the alloy samples heated at different rates up to 873 K: 2 K min�1 showing regions with different morphology, (a) and (b);  8 K min�1

(c);  and 11 K min�1 (d).

Fig. 4. SEM backscattered electron image of the alloy sample heated at 11 K min�1

and corresponding chemical maps of Fe, Ni and P, respectively.
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The application of Ortega’s [53] and Vyazovkin’s [54,55]

isoconversional methods indicated single-step processes and

yielded similar values of the effective apparent activation energy,

for both deconvolutions, Fig. 6, Table 2. However, changes in Ea
with the conversion degree were higher in the case of deconvo-

lution with Fraser-Suzuki function, but variations in Ea were 3–9%

Fig. 5. Peak deconvolution at 8 K min�1 using different functions: Gaussian–Lorentzian cross-product (a), and Fraser–Suzuki (b). Deconvolution with Fraser–Suzuki function

included fitting of the first three steps using Fraser–Suzuki function, while the fourth peak was Lorentzian function.

Table 1

Kinetic parameters for both deconvolutions determined applying Kissinger’s method [52] and thermodynamic parameters of activation for individual crystallization steps.

Deconvolution function Peak 1: a-(Fe, Ni) Peak 2:g-(Fe, Ni) Peak 3: (Fe, Ni)3(P, B) Peak 4: recrystallization

Gaussian–Lorentzian cross product Ea 454 � 14 450 � 24 458 � 30 456 � 24

LnA 82 � 3 80 � 5 81 � 6 78 � 5

Fraser–Suzuki Ea 447 � 14 449 � 23 446 � 29 458 � 30

LnA 81 � 2 80 � 4 79 � 5 79 � 5

D#S (J(mol K)�1) 414 � 3 405 � 5 413 � 6 396 � 25

D#G (kJ mol�1) 178 � 16 175 � 26 177 � 32 181 � 40

Fig. 6. Values of Ea at different a determined by using Vyazovkin’s isoconversional method, for individual crystallization steps obtained in both deconvolution cases.
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Thermally Induced Structural Transformations
of Fe40Ni40P14B6 Amorphous Alloy

MILICA M. VASIĆ, PAVLA ROUPCOVÁ, NADĚŽDA PIZÚROVÁ,

SANJA STEVANOVIĆ, VLADIMIR A. BLAGOJEVIĆ, TOMÁŠ ŽÁK,

and DRAGICA M. MINIĆ

Thermal stability and thermally induced structural transformations of Fe40Ni40P14B6 amor-
phous alloy were examined under non-isothermal and isothermal conditions. Formation of
metastable a-(Fe,Ni), and stable c-(Fe,Ni) and (Fe,Ni)3(P,B) crystalline phases as the main
crystallization products was observed, while the presence of small amounts of other crystalline
phases like Fe23B6 and Fe2NiB was indicated by electron diffraction in HRTEM. Thermo-
magnetic curve indicated that Fe content in different crystalline phases is very different, resulting
in markedly different Curie temperatures after crystallization. Transmission electron micro-
scopy and atomic force microscopy study suggested multiple-layered platelet-shaped morphol-
ogy, both on the surface and in the bulk of the crystallized alloy sample. The thermal treatment
heating rate and maximum temperature affected surface roughness and grain size
inhomogeneity.

DOI: 10.1007/s11661-015-3226-4

I. INTRODUCTION

SINCE their discovery, more than fifty years ago,
amorphous alloys (metallic glasses) have been attracting
great scientific interest because of their favorable mag-
netic, electrical, mechanical and chemical properties.[1–7]

Lack of long-range atom ordering produces isotropic
structure, leading to isotropic physical and mechanical
properties. These properties, including glass forming
ability, depend mostly on its chemical composition. In
Fe-based amorphous alloys, addition of metalloid amor-
phizers and substitution of Fe byCo andNiwere found to
improve glass forming ability, while addition of small
amounts of rare-earth elements brings about an increase
in Curie temperature.[8–11] Amorphous alloys are ther-
modynamically and kinetically metastable, striving to
stabilize through different processes at high pressure or
temperature or during prolonged use at moderate tem-
perature. These processes include structural relaxation,
crystallization, and recrystallization and can result in
deterioration of technologically important properties, or,
on the other hand, can yield a material containing

nanocrystals embedded in amorphous matrix, which
manifests better functional properties than purely amor-
phous or crystalline materials.[12,13] As the detailed
knowledge of microstructure and morphology of pro-
cessed amorphous alloys has an important role in creating
materials with targeted properties, these characteristics
are often included in research concerning amorphous and
nanocrystalline alloys.[14–16] Numerous studies per-
formed on systems containing Fe, Si, B revealed a-Fe or
a-Fe(Si) as themain crystallization product, while varying
content of other crystalline phases, such as Fe2B, Fe3B or
Fe23B6, were also observed.[4,14,17] Crystal morphology
obtained by thermally induced crystallization can be
greatly influenced by the temperature and duration of
thermal treatment, like in amorphous Fe83B17 alloy,
where dendritic crystal morphology was observed after
heating at 680 K (407 �C) for 1 minute, while a spherical
one was observed after heating at 580 K (307 �C) for
4 hours.[18]

Amorphous alloy Fe40Ni40P14B6, also known under the
trade name Metglas 2826, has been extensively studied due
to potential application in sensors, magnetic shielding, and
high frequency cores.[19–21] Microstructural analysis of
Fe40Ni40P14B6, isochronally heated at 40 K min�1 up to
723 K (450 �C), showed fully crystalline sample containing
(Fe,Ni)3(P,B) and c-(Fe,Ni) phases.[22] Microstructure of
nanostructured alloy with the same chemical composition
was described as two intertwining networks with small
grains dispersed in them.[23] This alloy was also used as a
precursor for obtaining nano-ribbons of (Fe,Ni)3(P,B)
phase by selective etching with aqua regia.[24] In addition,
a study of crystallization process in Fe80�xNixSi10B10

(x = 30, 35, 40, 45 at. pct) metallic glasses suggests that,
by controlling thermal treatment conditions, preferred
crystalline phases could be obtained, a+ c as well as c.[25]
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Herein we present an investigation of structural
transformations of amorphous Fe40Ni40P14B6 alloy,
using correlation of structural characterization of
as-prepared, as well as partially crystallized alloy sam-
ples, during thermal treatment of the alloy under
non-isothermal and isothermal conditions. This
involved analysis of thermally induced changes in
microstructure and morphology, including investigation
of compositional changes of crystallized alloy depending
on temperature and duration of thermal treatment. To
this end, a combination of microscopic, structural, and
thermal analysis methods was used.

II. EXPERIMENTAL

Samples of amorphous Fe40Ni40P14B6 alloy were
prepared in a form of a ribbon with a thickness of
35 lm and width of 2 cm, by rapid quenching of the
melt on a cold rotating disk (melt-spinning method).

Differential scanning calorimetry (DSC) data were
collected using TG-DSC 111 from Setaram, in a stream
of helium flowing at a rate of 30 cm3 min�1. Measure-
ments were conducted at constant heating rate of
5 K min�1 in the temperature range from room tem-
perature up to 993 K (720 �C). Thermomagnetic mea-
surements were performed in an evacuated furnace using
EG&G Vibrating Sample Magnetometer. The experi-
ment included heating, isothermal annealing at the
maximum temperature for 30 minutes, and cooling
under weak magnetic field of 4 kA m�1. Both heating
and cooling rates were 5 K min�1.

X-ray diffractometry (XRD) measurements were car-
ried out using an X’Pert Pro MPD diffractometer from
PANalytical with Co Ka radiation operated at 40 kV
and 30 mA. For this purpose, thermal treatment
included isothermal heating of the samples at succes-
sively increasing temperatures in the range from room
temperature to 873 K (600 �C), for 30 minutes. Mea-
surements were done after cooling to room temperature.
Before heating, the samples were sealed in a quartz
ampoule under vacuum to prevent contact with air. The
qualitative and quantitative analyses of the XRD
patterns were conducted using PDF-2 database, Crys-
tallography Open Database, X’Pert High Score Plus and
MAUD software.[26–29] Mössbauer spectra were
recorded in the common transmission geometry, using
57Co(Rh) source. Computer processing of them yielded
intensities I of components, their hyperfine inductions

Bhf, isomer shifts d and quadrupole splitting r.[30]

Spectra modeling was based on these values and
literature data. Relative abundance of identified crys-
talline phases given in the Table I are supposed to be
proportional just to the relative areas of the corre-
sponding spectral components, not considering any
aspects that can the particular values modify, such as
the Lamb–Mössbauer factors.
Transmission electron microscopes (TEM) Philips

CM 12 (tungsten cathode, using a 120 kV electron beam)
and JEM 2100F (Shottky cathode, using a 200 kV
electron beam) were used to study morphology of
crystallized material, after annealing at 873 K (600 �C).
Chemical compositions were analysed by energy-disper-
sive X-ray spectroscopy (EDX), while AZtecEnergy
software was used for chemical mapping. Electron
diffraction patterns were simulated by JEMS software
(P. Stadelmann). Foil for TEMobservationwas prepared
by electrochemical treating in a TENUPOL instrument.
Surface characterization was performed on the sam-

ples heated in a DSC cell to 873 K (600 �C) at different
heating rates using atomic force microscopy (AFM)
with NanoScope III A (Veeco Digital Instruments,
USA) device. The AFM observations were carried out in
the contact mode using silicon nitride cantilevers with a
force constant 0.06 N m�1. Surface roughness is calcu-
lated as root mean square average of height deviations
taken from the mean data plane. Scanning electron
microscope (SEM) JEOL JSM-6390 was used to exam-
ine the surface morphology of the alloy sample heated at
5 K min�1 to 993 K (720 �C).

III. RESULTS AND DISCUSSION

A. Thermal Stability

Study of thermal stability of Fe40Ni40P14B6 amor-
phous alloy was conducted using dynamic measure-
ments, DSC and thermomagnetic, at a heating rate of
5 K min�1. It showed that the alloy was thermally
stable up to about 653 K (380 �C) when stepwise
process of thermal stabilization occurred, Figure 1. In

Table I. Phase Composition Determined from Mössbauer
Spectra (at. Percent of Fe-atoms)

Temperature (Fe,Ni)3(P,B) a-(Fe,Ni) c-(Fe,Ni)

613 K (340 �C) detected* detected* detected*
643 K (370 �C) 0.23 0.26 0.51
673 K (400 �C) 0.28 0.14 0.58
693 K (420 �C) 0.34 0.66
773 K (500 �C) 0.35 0.65
873 K (600 �C) 0.33 0.67

* Due to large error, exact values could not be determined. Fig. 1—DSC and thermomagnetic curves of the alloy measured at
heating rate of 5 K min�1.
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DSC thermogram, this is manifested through a complex
exothermic event consisting of two clearly defined
maxima, around 663 K and 703 K (390 �C and
430 �C), respectively, indicating it contains at least two
individual processes, which were attributed to crystal-
lization and subsequent recrystallization of different
phases. Thermomagnetic curve of the as-prepared alloy,
Figure 1, mirrors the behavior of the DSC curve in the
crystallization region. It exhibits Curie temperature
around 643 K (370 �C), with complete loss of ferro-
magnetic properties. With further thermal treatment,
the sample exhibits clearly observable paramagnetic
region before the onset of the stepwise crystallization
process. This leads to an increase in magnetic moment
due to formation of magnetic crystalline phases, with
the two maxima corresponding to crystallization and
recrystallization process, respectively. Subsequent
decline in magnetic moment at temperatures above 753
K (480 �C) is a consequence of approaching the Curie
temperature of the formed crystalline phases. After the
loss of ferromagnetic properties, the alloy remained
paramagnetic up to 1073 K (800 �C). On cooling to
room temperature, the magnetic moment increased back
to the values roughly corresponding to the as-prepared
alloy in three separate and clearly defined increments.
The step-wise fashion of the increase is consistent with
presence of multiple crystalline phases with different
Fe:Ni ratios, where Fe-rich phases exhibit higher and
Ni-rich phases lower value of Curie temperature.

B. Structural Transformations

In order to examine the structural transformations of
the as-prepared alloy, and the alloy samples thermally
treated at selected temperatures, analysis of X-ray
diffraction patterns and Mössbauer spectra, in correla-
tion with TEM and HRTEM, was performed.
XRD pattern of the as-prepared sample exhibits two

broad halo peaks at around 52.5 and 96 deg,
Figure 2(b), corresponding to short-range ordered
domains, most likely with bcc-Fe-like atomic configu-
ration. Using Scherrer equation,[31] the size of these
domains was estimated to be 1.6 ± 0.5 nm. Diffrac-
tograms of thermally treated samples, Figure 2(a),
showed that the alloy retained the same structure up
to annealing temperature of 613 K (340 �C), when
well-formed peaks corresponding to a-(Fe,Ni) and
c-(Fe,Ni) crystalline phases emerged. Increase in the
annealing temperature to 643 K (370 �C) led to crystal-
lization of (Fe,Ni)3(P,B) phase as well. Peak positions of
(Fe,Ni)3(P,B) phase indicate that it contains higher
amount of Ni than Fe. a-(Fe,Ni) phase was the most
abundant at the onset of crystallization (60 wt. pct),
however, with the increase in thermal treatment tem-
perature, it underwent recrystallization into c-(Fe,Ni)
and (Fe,Ni)3(P,B) phases. It completely disappeared
from the XRD patterns after annealing at 773 K
(500 �C), as shown in the phase composition diagram,
Figure 3(a). Since several reflections of c-(Fe,Ni) and
(Fe,Ni)3(P,B) phases overlap, high correlation

Fig. 2—XRD patterns of the alloy measured after annealing at different temperatures (a), as-prepared sample (b) and the alloy heated at 673 K
(400 �C) with peak identification (c).

262—VOLUME 47A, JANUARY 2016 METALLURGICAL AND MATERIALS TRANSACTIONS A

������ ��

267



coefficients were obtained even when quantitative anal-
yses yielded significantly different ratios of c-(Fe,Ni) and
(Fe,Ni)3(P,B) phases for the same XRD pattern. There-
fore, summarized quantities of these two phases were
presented in Figure 3(a) instead of mass percentages of
individual phases.

Taking into account the results of XRDphase analysis,
the two maxima in the thermomagnetic curve in the
crystallization region, can be attributed to crystallization
of a-(Fe,Ni) and c-(Fe,Ni) phases and subsequent recrys-
tallization and transformation of a- to c-(Fe,Ni), respec-
tively. The third phase, (Fe,Ni)3(P,B), has higher
Ni-content, which results in lower Curie temperature,
below 673 K (400 �C). This is visible during the cooling
cycle, where the crystallized alloy sample exhibits incre-
mental increase in magnetic moment, the first corre-
sponding to the Fe-rich c-(Fe,Ni) and the second
corresponding to the Ni-rich (Fe,Ni)3(P,B) phase.

Mössbauer spectroscopy, Figure 4, applied on the
same samples as XRD, provided more details on the

distribution of Fe-atoms. Spectra of the as-prepared
amorphous alloy showed a typical shape, with two
different basic kinds of Fe-atoms, usually labeled as low
field (LF) and high field (HF) component. Both these
components exhibit a distribution around the hyperfine
field and an isomer shift, because the amorphous
structure does not conserve rigid interatomic distances.
No traces of any crystalline structure can be found in the
spectra of both as-prepared material and material
annealed at 473 K (200 �C). After annealing at 613 K
(340 �C), a-(Fe,Ni), c-(Fe,Ni), and (Fe,Ni)3(P,B) crys-
talline phases were observed, Table I. The surprisingly
high content of (Fe,Ni)3(P,B) component in this sample,
considering its absence in the XRD analysis, could be
explained by the high sensitivity of the Mössbauer
method, allowing detection of small groups of atoms
arranged in a particular way, while XRD requires
relatively voluminous crystals. The results of Mössbauer
spectroscopy are in agreement the XRD analysis: it
detected three crystalline phases (a-(Fe,Ni), c-(Fe,Ni),
and (Fe,Ni)3(P,B)), and confirms the transformation of
a-(Fe,Ni) into c-(Fe,Ni) and (Fe,Ni)3(P,B), Figure 4,
Table I. The values in Table I. correspond to atomic pct
of Fe and represent the relative distribution of
Fe-atoms, rather than the phase content of the sample.
Thus, the results in Table I. indicate a lower fraction of
(Fe,Ni)3(P,B) than c-(Fe,Ni) phase, due to higher
content of Ni than Fe in (Fe,Ni)3(P,B) phase.
TEM image of the alloy sample thermally treated at

873 K (600 �C) demonstrates polycrystalline structure,
containing more than one phase, with crystal sizes of
several tens to several hundreds of nanometers,
Figure 5. Chemical mapping, Figure 5, shows that,
while Fe and Ni are distributed relatively homoge-
neously, the distribution of P indicates a presence of a
crystalline phase that does not contain P. Content of
boron could not be determined by EDX. Electron
diffraction and Fast Fourier Transformation (FFT)
from high-resolution TEM identified two distinct crys-
talline phases, Figure 6: a tetragonal (Fe,Ni)3(P,B)
phase in the dark grains, with noticeable interference
fringes, similar in structure to Fe2NiP phase, and a cubic
c-(Fe,Ni) phase in the light grains. This is expected, and
in accordance with results of XRD and Mössbauer
spectroscopy, as the recrystallization process had been
completed in these samples. HRTEM images of the
same sample show it is composed of larger polycrys-
talline domains of a single phase, with relatively small
(tens of nm) embedded nanoparticles, Figure 6. While
these nanoparticles usually belong to the same phase,
some of them have been identified to belong to minor
phases not observed in XRD data (like Fe23B6, and
Fe2NiB). This indicates that there is significant inho-
mogeneity created by successive processes of crystalliza-
tion, transformation, and growth of the three main
crystalline phases.

C. Influence of Thermal Treatment on Microstructure of
Crystallized Phases

Crystallization was accompanied by changes in lattice
parameters of each individual crystalline phase,

Fig. 3—Phase composition diagram of the crystalline portion of the
sample (a); average crystallite size of individual phases after anneal-
ing at different temperatures (b).
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Figure 7, as observed in XRD patterns. Due to slightly
larger radius of Fe-atoms than Ni atoms, small increase
in lattice parameter of a-(Fe,Ni) phase, with Fe as a
major constituent and only a few percent of Ni,[32]

probably resulted from a decrease in Ni contribution to

a-(Fe,Ni) crystalline structure and increase of Fe con-
tent. In the case of c-(Fe,Ni), at the onset of the
crystallization, its structure deviated from cubic, being
more like orthorhombic, which transformed into the
regular cubic with progress of crystallization. The lattice

Fig. 4—Mössbauer spectra of the as-prepared alloy and the alloy annealed at 613 K, 643 K, and 873 K (340 �C, 370 �C, and 600 �C).

Fig. 5—TEM image of the alloy sample thermally treated at 873 K (600 �C) and corresponding chemical maps.
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of (Fe,Ni)3(P,B) phase expanded remarkably with
increase in the annealing temperature, Figure 7(c). The
most pronounced changes in lattice parameters of
c-(Fe,Ni) and (Fe,Ni)3(P,B) phase occurred in the
temperature region in which a-Fe phase was trans-
formed, originating from iron enrichment and further
reorganization of the structure of both phases, including
elimination of defects.

Crystallization progress also led to an increase in
average crystallite size, Figure 3(b). a-(Fe,Ni) phase
reached the largest crystallite size of around 30 nm at
643 K (370 �C), while c-(Fe,Ni) crystallite size exhibited
continuous growth to approximately 80 nm after
annealing at 873 K (600 �C). On the other hand,
average crystallite size of (Fe,Ni)3(P,B) phase was
determined to be around 17 nm after heating at 643 K
(370 �C) and remained relatively the same with further
annealing. This is probably caused by the fact that
segregation of P from Fe-rich phases during

crystallization occurs with accumulation of P atoms at
the immediate grain boundary.[33] This allows rapid
formation of nucleation sites of (Fe,Ni)3(P,B) phase,
which is supported by Mössbauer and XRD data
indicating formation of relatively large number of nuclei
of this phase. However, under these conditions, the
nucleation and the initial growth of (Fe,Ni)3(P,B)
crystals probably deplete P at the grain boundary,
inhibiting further crystal growth of this phase. The
apparent disagreement between TEM and XRD data on
crystal size is most likely the result of lamellar layering
of crystalline grains, as indicated by the appearance of
Moiré pattern in Figure 6(c). This suggests that the
crystalline grains are asymmetric and most likely
platelet-shaped, which affects the average sizes observed
in XRD patterns.[24]

SEM images of fully crystallized alloy sample heated
to 993 K (720 �C) at 5 K min�1 shows a surface with
large platelet-like crystals, microns in size, which create

Fig. 6—HRTEM images of the alloy sample thermally treated at 873 K (600 �C). Moiré pattern can be observed in figure (c); figures (e) and (f)
show grains (matrix) containing precipitates.

Fig. 7—Lattice parameters of different crystalline phases: a-(Fe,Ni) (a), c-(Fe,Ni) (b), and (Fe,Ni)3(P,B) (c).
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agglomerates on the surface, and these are the result of
relatively high temperature and long thermal treatment
(140 minutes), Figure 8. Crystallization and crystal
growth created numerous cracks and holes on the
surface, which can be seen more clearly in the enlarged
image.

D. Influence of Thermal Treatment on Surface
Morphology

With a view to analyzing the influence of thermal
history on the surface morphology, the samples heated
in a DSC cell at different rates (2, 8, and 11 K min�1)
to 873 K (600 �C) were studied using AFM, Figure 9.
All the examined samples exhibited grain size in the
range from 50 to 300 nm, with decrease in grain size
inhomogeneity with decrease in heating rate, Figure 9.

Grain size distribution in the sample treated at the
highest heating rate, 11 K min�1, was the broadest,
with grains as small as 100 nm, and as big as 300 nm.
On the other hand, the majority of grains in the sample
heated at the lowest heating rate, 2 K min�1, were
200–250 nm in size. Multiple layers of platelet-shaped
grains can be observed in all AFM images, with cross
section becoming more regular and square shaped as
heating rate decreases, as a result of longer thermal
treatment time. This resulted in the appearance of
platelets of irregular shape, beside the ones with
square-shaped cross section, and some spiky crystal
grains, Figures 9(d) and (e), in the sample heated at
11 K min�1. Values of surface roughness (RMS) deter-
mined for individual samples on 5 lm 9 5 lm section
showed that roughness decreased with decrease in
heating rate, Figure 9(f). The influence of temperature
increase can be observed in the alloy sample treated at
5 K min�1 up to 993 K (720 �C), where well-formed
pyramid-shaped grains ranging from several hundred
to more than thousand nanometers in diameter can be
observed, Figure 9(a). Roughness of this sample was
95 nm, as expected, higher than surface roughness of
the samples heated up to 873 K (600 �C), due to
overall larger crystal grain size.

IV. CONCLUSION

Multistep crystallization, followed by recrystalliza-
tion, of Fe40Ni40P14B6 amorphous alloy in 613 K to
693 K (340 �C to 420 �C) temperature range leads to
formation of metastable a-(Fe,Ni) and stable c-(Fe,Ni)
and (Fe,Ni)3(P,B) crystalline phases. Pre-existing
bcc-Fe-like atomic configuration of the short-range
ordering of the as-prepared alloy initially favored the
formation of a-(Fe,Ni) phase, which transformed
completely into c-(Fe,Ni) and (Fe,Ni)3(P,B) after
annealing at 773 K (500 �C). This is in accordance
with phase diagrams of the systems with similar
composition.[34,35] Crystallization is preceded by the
appearance of Curie temperature of the as-prepared
alloy, while the subsequent formation of ferromagnetic
phases leads to an increase in magnetic moment of the
sample, followed by a Curie temperature of the formed
crystalline phases. In addition to these phases, electron
diffraction in HRTEM indicated the presence of small
nanoparticles (tens of nm) of crystalline phases like
Fe23B6 and Fe2NiB, most likely in very small amounts.
Formation of asymmetric crystals, with laminar layer-
ing of platelet-shaped crystal grains, was found both
on the surface and in the bulk of the crystallized alloy
sample, suggesting that the crystalline phases predom-
inantly grow two dimensionally and that the crystal
growth mechanism is not affected by the presence of
the free surface.

Fig. 8—SEM images of the alloy sample heated to 993 K (720 �C) at
5 K min�1, with lower (2300 times) and higher (10,000 times) magni-
fication.
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Thermally Induced Microstructural Transformations
of Fe72Si15B8V4Cu1 Alloy

MILICA M. VASIĆ, RADOSLAV SURLA, DUŠAN M. MINIĆ, LJUBICA RADOVIĆ,

NEBOJŠA MITROVIĆ, ALEKSA MARIČIĆ, and DRAGICA M. MINIĆ

Thermal stability, mechanism, and kinetics of thermally induced microstructural transforma-
tions and their effects on magnetic permeability of Fe72Si15B8V4Cu1 alloy with combined
amorphous/nanocrystalline structure were studied. DTA curves revealed two separated
thermally activated exothermic events in the temperature ranges from 740 K to 820 K
(467 �C to 547 �C) and 870 K to 930 K (597 �C to 657 �C). Crystalline phases present in the
as-prepared and thermally treated alloy samples were identified, and their microstructural
parameters were determined using XRD, while, to gain further insight into the mechanism of
microstructural transformations, AFM and SEM–EDS analyses were performed. Deconvolu-
tion of the complex DTA peak into individual steps was conducted, and, in correlation with the
results of microstructural analysis, kinetic triplets corresponding to individual transformation
steps were determined, allowing for the estimation of the lifetimes of the alloy at different
temperatures. Magnetic permeability measurements showed that, in spite of the influence of
microstructural transformations on magnetic properties of the alloy, the favorable magnetic
properties are retained over relatively a wide temperature range.

DOI: 10.1007/s11661-017-4182-y

I. INTRODUCTION

NANOCRYSTALLINE alloys obtained from amor-
phous precursors have been attracting great scientific
interest in recent years due to their potential application
in different fields, which are based on their favorable
isotropic functional properties.[1–5] Due to kinetic and
thermodynamic metastability, the amorphous materials
are prone to structural stabilization under conditions of
high temperature or pressure, or even during prolonged
use at moderate temperatures, leading to formation of
nanostructured materials with advanced mechanical and
physical properties. Constructional Al-based alloys and
magnetically soft and magnetically hard Fe-based alloys
represent important groups of nanocrystalline materials
obtained from amorphous precursors.[2] Their basic
characteristic is crystallite diameter, while the optimal
volume fraction of nanocrystals depends on the desired
application. Thus, to obtain favorable, hard magnetic

properties, it is necessary to achieve full or almost full
crystallization, but on the other hand, the optimal soft
magnetic and mechanical properties are exhibited when
the material is in partially crystallized form, consisting
of nanocrystals embedded in amorphous matrix.[1–3]

Although nanocrystalline materials of special techno-
logical interest can be produced using various methods
and different starting phases,[2] the production from the
amorphous precursor represents relatively simple way to
obtain materials with desired properties. For this
purpose, it is necessary to achieve fast nucleation and
slow crystal growth rate.[2] These properties can be
obtained by an appropriate choice of chemical compo-
sition of an initial alloy as well as thermal treatment
procedure. The first nanocrystalline alloy which exhibits
soft magnetic properties, obtained by crystallization of
an amorphous alloy, was the one with chemical com-
position: Fe-Cu-Nb-Si-B, known under the trade name
FINEMET.[6] The presence of Cu and Nb elements has
a crucial role for creation of nanocrystalline structure.
In this case, Cu atoms form clusters which serve as
heterogeneous nucleation sites for crystallization of
a-Fe(Si) phase, leading to higher nucleation rate.[7,8]

On the other hand, Nb atoms, extruded out of the
a-Fe(Si) grains, diffuse very slowly to the amorphous
matrix due to the large atomic radius. In this way,
concentration-gradient layer of Nb atoms grouping
around grain hinders diffusion of Fe and Si atoms,
slowing down the crystal growth rate.[7,9] Partial
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MARIC̆IĆ are with the Faculty of Technical Sciences, University of
Kragujevac, C̆ac̆ak, Serbia. DUS̆AN M. MINIĆ and LJUBICA
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substitution of Nb with V, Mo, Ta, and W revealed that
the higher atomic radius of the substituting element
leads to lower crystal grain size.[7,10] Besides its influence
on grain size similar to that of Nb, the presence of V in
amorphous and nanocrystalline alloys has an additional
role. Namely, an advantage of the alloys containing V
instead of Nb refers to the significantly lower evapora-
tion temperature of V than that of Nb, which allows the
V-containing alloys to be produced using evaporation
techniques.[11] However, melt-spinning technique is
widely used to produce amorphous and nanocrystalline
Fe-Cu-V-Si-B ribbons. By this technique, Fe-Cu-V-Si-B
ribbons with nanocrystalline structure can be obtained
even without annealing process, by adding an appropri-
ate amount of Cu.[12] Among the as-spun Fe74.5-xCuxV3

Si13.5B9 nanocrystalline ribbons, the one with x = 2.5
exhibited the largest permeability, lowest magnetostric-
tion, and strongest magnetoimpedance.[12] A change in
sign of magnetoresistance from positive to negative was
observed with the increasing nanocrystalline/amorphous
ratio in the Fe-Cu-V-Si-B ribbon,[13] while the soft
magnetic properties of the annealed Fe-Cu-M-Si-B
(M = Cr, V, Mo, Nb, Ta, W) samples obtained by
rapid quenching were shown to depend on the annealing
temperature.[14]

Thermal stability and mechanism and kinetics of
structural transformations of amorphous and nanocrys-
talline alloys have been extensively studied in recent
years, due to their importance for development of new
materials with targeted properties.[15–20] In the current
study, Fe72Si15B8V4Cu1 alloy with combined amor-
phous/nanocrystalline structure was investigated before
and after thermal treatment, in order to reveal the
mechanism and kinetics of the thermally induced
microstructural transformations and their influence on
magnetic properties of the alloy. For this purpose,
different characterization methods and correlation of
the obtained results were employed, including struc-
tural, microscopic, thermal analysis as well as thermo-
magnetic measurements.

II. EXPERIMENTAL PROCEDURE

Samples of the alloy with nominal composition
Fe72Si15B8V4Cu1 (at. pct) were prepared by means of
the standard procedure of rapid quenching of a melt on
a cold rotating disk (melt-spinning method). This
included induction melting of all the components in a
protective helium atmosphere. The stream of melt was
then injected onto the cold copper disk rotating at
2000 rpm, under helium atmosphere. The alloy samples
obtained under these conditions were ribbon shaped,
with an average thickness of 55 lm.

DTA curves were recorded in a stream of helium,
under nonisothermal conditions, at constant heating
rates (5, 10, 20 Kmin�1), on a TA SDT 2960 instrument.
Prior to each of the measurements, the instrument was
calibrated for the corresponding heating rate. Decon-
volution of the complex DTA peak was conducted
applying Gaussian–Lorentzian cross-product function.
The criteria thus taken into consideration include the

nature of the processes and the number of formed
crystalline phases, correlation coefficient of deconvolu-
tion, and the invariability of apparent activation energy
values with the conversion degree.[21]

Atomic force microscopy (AFM) observations of
surface morphology of the alloy samples previously
heated in a DTA cell (at 5, 10, 20 Kmin�1) up to 1063 K
(790 �C) were carried out by means of a NanoScope 3D
(Veeco) microscope, operated in contact mode, using
silicon nitride probes with the spring constant ranging
from 20 to 60 N/m. The measurements were conducted
under ambient conditions. Surface roughness values are
expressed as RMS surface roughness (root mean square
average of height deviations taken from the mean data
plane).
Temperature dependence of relative magnetic perme-

ability was studied using a modified Faraday method,
with a sensitivity of the magnetic force measurements of
10�7 N. The measurements were carried out under an
argon atmosphere, under nonisothermal conditions
which included successive heating at 10 Kmin�1 from
room temperature up to different temperatures and
holding for 10 minutes at cutoff temperatures.
X-ray diffractometry (XRD) was performed at room

temperature using a Rigaku SmartLab diffractometer
with Cu Ka radiation. For the purpose of qualitative
and quantitative analyses of the XRD patterns, MAUD
software and databases PDF-2, COD, and ICSD[22–25]

were employed. Crystalline phases found by the
analysis were detected using cards: PDF#35-0519,
PDF#75-1062, and ICSD#54786. SEM–EDS study of
the as-prepared and thermally treated alloy samples was
conducted using a SEM JEOL JSM-6610LV micro-
scope, equipped with an energy dispersive X-ray spec-
trometer. Preparation of the alloy samples for XRD and
SEM–EDS analysis included isothermal annealing for
30, 60, or 180 minutes under nitrogen atmosphere, at
different temperatures in the range from 573 K to 973 K
(300 �C to 700 �C), and subsequent cooling to room
temperature.

A. Solid-State Kinetics

In the solid-state kinetic analysis, the following
equation is widely used to describe the rate of thermally
activated single-step transformation:

da

dt
¼ A exp

�Ea

RT

� �

fðaÞ; ½1�

where t is the time, T is the temperature; R is the gas
constant; Ea and A are the apparent activation energy
and pre-exponential factor, respectively, also known as
Arrhenius parameters; a is the conversion degree,
equal to the ratio of the area between the initial crys-
tallization temperature and temperature T to the total
peak area (nonisothermal conditions), while f(a) is the
conversion function (kinetic model), which depends on
the mechanism of the process.[26,27] Expression on the
right-hand side of the Eq. [1] represents the rate con-

stant, kðTÞ ¼ A expð�Ea

RT
Þ. In the case of single-step pro-

cess, it is expected that the values of activation energy
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are independent of temperature and conversion degree.
In addition, constant heating rate, b, can be repre-
sented as dT/dt, and thus the Eq. [1] can be trans-
formed into the following form:

b
da

dT
¼ A exp

�Ea

RT

� �

fðaÞ ½2�

By rearranging and integrating the Eq. [2], integral
form of the reaction model, g(a), can be obtained:

gðaÞ ¼

Z

a

0

da

fðaÞ
¼

AEa

Rb
pðxÞ ½3�

where x = Ea/RT and p(x) is the temperature integral
which does not have an analytic solution. To charac-
terize the kinetics of solid-state transformation, it is
necessary to determine kinetic triplet, which includes

apparent activation energy, pre-exponential factor, and
conversion function (kinetic model). By taking into
consideration the kinetic triplet, it is possible to predict
the lifetime of a material and the rate of a process in
different temperature regions by means of equation[28]:

ta ¼
gðaÞ

A
exp

E

RT

� �

½4�

where ta, is the time required to reach a value of
conversion degree a at a temperature T. An estimated
lifetime of a material can be calculated as the time
required to reach conversion degree of a = 0.05, and
could be regarded as a measure of thermal stability of a
material.[29] This is considered to be the main practical
goal of kinetic analysis.
Nowadays, various methods for determination of

kinetic model are available.[26,30,33,34] According to
Málek’s method,[30] functions y(a) and z(a), defined as
follows, are applied:

yðaÞ ¼
da

dt

� �

exp
Ea

RT

� �

¼ AfðaÞ; zðaÞ ¼
da

dt

� �

T2 ½5�

The curves y(a) and z(a) are generated using exper-
imental data, and then normalized in the range from 0 to
1. Shape of the curves, as well as positions of their
maxima (ay

max and az
max), could suggest applicability of

certain kinetic model for kinetic description of the
examined transformation.
Crystallization kinetics is usually described by JMA

model,[30] where the time dependence of conversion
degree can be described by the equation:

a ¼ 1� exp½�ðktÞn�; ½6�

where k is the rate constant and n is Avrami exponent,
both independent of time. For full applicability of thisFig. 1—DTA curves of Fe72Si15B8V4Cu1 alloy after baseline subtrac-

tion, recorded at different heating rates.

Fig. 2—Top view AFM images of the as-prepared alloy (30 9 30 9 2 lm) (a); and the alloy sample heated at 5 Kmin�1 up to 1063 K (790 �C)
(30 9 30 9 4.5 lm) (b).
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model, several conditions have to be fulfilled: isother-
mal conditions or nonisothermal conditions with
nucleation occurring only in the early stages of the
transformation; homogeneous nucleation; or heteroge-
neous nucleation at randomly dispersed second-phase
particles; low anisotropy of growing crystals; and

growth rate of the new phase controlled by tempera-
ture; and time-independent condition.[30] Using the
equation[31]

dðln½� lnð1� aÞ�Þ

dðln½ðT� T0Þ=b�Þ
¼ n 1þ

Ea

RT
1�

T0

T

� �� �

; ½7�

where T0 represents the onset temperature of transfor-
mation and n is local values of Avrami exponent,
determination of n can give some indication of the
mechanism of the process.
When some of the conditions for validity of kinetic

JMA model are not fully met, empirically derived
autocatalytic Šesták–Berggren model is most commonly
used instead.[32] In two-parameter form, this model can
be represented as

aM 1� að ÞN; ½8�

where parameters M and N can be determined from
the slope of the linear dependence:

ln da=dtð Þexp Ea=RTð Þ½ � ¼ f ln aC 1� að Þ
�

�
�

�

½9�

and the relation C ¼ amax
y = 1� amax

y

� �

¼ M=N.
Once the kinetic triplet of the process is determined,

its validation is required. For this purpose, various
methods and criteria can be applied, such as Master
plot,[26,33] in which the curves calculated from the
experimental thermal analysis data and from the values
of kinetic triplet are compared; and Perez-Maqueda’s
criterion,[34] according to which kinetic parameters are
independent of heating rate. In addition, experimental
DSC curves can simply be compared with those simu-
lated using the obtained kinetic triplet.

III. RESULTS AND DISCUSSION

A. Thermal Stability and Microstructural
Transformations Thermally Induced

DTA curves of Fe72Si15B8V4Cu1 alloy at different
heating rates, Figure 1, show the occurrence of stepwise
thermal stabilization process, which starts at around
740 K (467 �C). This process includes two thermally
activated and completely separated exothermic events in
the temperature ranges from 740 K to 820 K (467 �C to
547 �C) and 870 K to 930 K (597 �C to 657 �C). Peak
surface increases with the increasing heating rate and
corresponds to the enthalpy of the process. In this case,
the enthalpy of the process depends on heating rate as a
consequence of the fact that the final state of a structure
obtained by thermally induced structural transforma-
tion depends on the thermal history or, to be more
precise. on the heating rate.
AFM images of the as-prepared alloy and the alloy

samples thermally treated during DTA measurements
reveal the changes in surface morphology, resulting
from the thermally induced structural transformations
in the alloy, Figure 2. While the as-prepared alloy
exhibits relatively smooth surface morphology, the
surface of the alloy subjected to the thermal treatment

Fig. 3—SEM secondary electron image of the surface of as-prepared
alloy (20009) (the surface of the as-prepared alloy after polishing is
shown in inset (5009)) (a); SEM backscattered electron images of
the polished alloy samples annealed at 573 K (300 �C) for 1 h
(10009) (b), and at 973 K (700 �C) for 1 h (30009) (c). EDS results
presented in Table IV correspond to the spots marked with red
crosses.
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becomes granular as a result of further growth of grains.
The grains reach diameters in the range from 200 nm to
3 lm, thereby increasing the roughness. A decrease in
heating rate, due to longer heat treatment, leads to
growth of RMS surface roughness, Table I.

Further information on the surface morphology of
the alloy was obtained using SEM–EDS technique. It
can be observed that the surface of the as-prepared alloy
is relatively uniform, with the exception of some flecks
darker than their surroundings, Figure 3(a). The high
amount of oxygen detected by EDS analysis in these
flecks, whereby the atomic ratio of Fe to O was found to
be around 0.60, suggests that they correspond to
corrosion products (Fe to O weight ratio in Fe2O3 is
0.67), Table IV. However, amorphous alloys are con-
sidered as relatively highly corrosion-resistant materials.
The presence of surface corrosion of the alloy exposed
to air is a consequence of the relatively high content of
crystalline Fe-phases in the as-prepared alloy, Figure 4.
The surface of the as-prepared alloy after polishing,
displayed in inset of Figure 3(a), does not show any
evidence of corrosion.

Bearing in mind the relation between the functional
properties of an alloy and its microstructure, XRD
measurements were carried out to investigate the

microstructure of the as-prepared as well as the ther-
mally treated alloy samples. XRD pattern of the
as-prepared alloy shows halo peak at 45 deg, com-
pounded by sharp peaks, Figure 4, indicating that
crystalline and amorphous phases exist together in the
sample.[35] Further analysis of this XRD pattern reveals
almost equal fractions of amorphous and crystalline
materials (around 50 pct wt). The contents of individual
crystalline phases presented in Figure 5 were determined
by the quantitative analysis of the XRD data of the
as-prepared alloy and the alloy samples thermally
treated for 60 or 180 minutes. It was found that a-Fe(Si)
accounts for a major part of crystalline fraction (around
90 pct wt) in the as-prepared alloy, while small amounts
of metastable boron-containing phase, Fe23B6, can also
be observed. After annealing at 723 K (450 �C), several
additional sharp peaks appeared in the XRD pattern,
corresponding to Fe2B crystalline phase which is also
present in small quantities. A higher degree of crys-
tallinity of the alloy (determined according to procedure
in the Reference 36) was obtained by annealing at 823 K
(550 �C), Table II, while the peaks of metastable Fe23B6

phase completely disappeared from the XRD patterns.
The rise in temperature of thermal treatment and the
prolonged time of the treatment yielded the phases of
a-Fe(Si) and Fe2B as the final crystallization products,
Figure 5 and Figure S1 (Supplement), similar to other
iron-based amorphous and nanocrystalline alloys with
resembling composition.[35,37,38] It should be borne in
mind that, due to the small number of peaks of Fe23B6

and Fe2B phases and the presence of amorphous phase
in the alloy, at lower temperatures, quite high errors of
the phase contents of these two crystalline phases were
obtained.
In addition, after annealing at temperatures higher

than 823 K (550 �C), an increase in the content of Si

Table I. RMS Surface Roughness (100 3 100 lm Surface)
of the Alloy Samples Heated at Different Rates (5 to 20

Kmin21) up to 1063 K (790 �C)

Heating
Rate (Kmin�1)

Duration of
Thermal

Treatment (min)
RMS Surface

Roughness (nm)

5 153.0 400
10 76.5 338
20 38.2 271

Fig. 4—XRD patterns of the as-prepared alloy and the alloy samples annealed at different temperatures for a specified time.
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dissolved in the a-Fe(Si) phase and a lattice shrinkage
are observed, Figure 6(a) and Table III.

Texture coefficient, Tx, as a measure of preferential
orientation of crystal planes can be calculated from
XRD diffractograms using the equation[39]:

Tx ¼
I

1
n

P

n

i¼1

Ii

; ½10�

where I is the intensity of an individual reflection
normalized against the intensity of the same reflection in
a reference powder sample, and n is the total number of
reflections of the crystalline phase considered. Tx values

around 1, observed for all crystal planes of a-Fe(Si)
phase, Figure 6(b), indicate no preferential orientation
of the a-Fe(Si) crystals in the as-prepared alloy. The
annealing as well as prolongation of annealing time did
not induce any significant changes in Tx values. On the
other hand, average crystallite size of a-Fe(Si) phase, d,
determined using Williamson-Hall method,[40] increases
significantly at temperatures higher than 823 K
(550 �C), while the minimum dislocation density, q,
determined as q = 3/d2, exhibits a sharp decline,
Figure 6(c). This suggests that the crystal growth is the
main contributor to the high-temperature transforma-
tion observed on the DTA curve. Weak changes in
average crystallite size of a-Fe(Si) at lower temperatures
can be attributed to the presence of V in the alloy, which
is considered to hinder the crystal growth when present
in small quantities.[14]

SEM backscattered electron imaging of polished alloy
samples, together with EDS analysis, provides a more
detailed insight into the microstructural transformations
in the alloy, Figure 3(b) and (c). SEM backscattered
electron image of the alloy treated at 573 K (300 �C), for
60 minutes, shows shadows, which represent hollows
formed by polishing, and some black spots, which
suggest the chemical composition different from their
surroundings, Figure 3(b). EDS analysis reveals high
vanadium content in these spots (25 to 30 pct at.)
indicating the existence of V-rich phase, which most
likely corresponds to Fe2VSi solid solution, crystal
structure of which is similar to that of a-Fe(Si).[23]

However, only a small portion of the total amount of V
takes part in the formation of this phase, since the rest of
V is uniformly distributed in the bulk of the alloy, as
indicated by V content at different spots of the bulk,
Table IV. Annealing at higher temperatures was not
shown to yield any changes in V distribution. In
addition, the alloy annealed at 973 K (700 �C) for 60
minutes exhibits spots lighter than their surroundings,
Figure 3(c), in which high Cu content is observed. These
Cu-rich crystals probably correspond to the fcc e-Cu
phase, considering that Cu atoms create fcc-like clusters
prior to the onset of crystallization, Cu content of which
is much lower than the equilibrium value for the fcc
e-Cu.[8] These clusters grow fast in size, with the

Fig. 5—Crystalline phase contents in the as-prepared and thermally
treated alloy samples.

Table II. Degrees of Crystallinity of Thermally Treated
Alloy Samples, Determined from the XRD Patterns

Annealing Temperature
and Time

Degree of
Crystallinity (Pct)

723 K (450 �C), 1 h 42
823 K (550 �C), 1 h 90
973 K (700 �C), 3 h 100

Fig. 6—Si content of a-Fe(Si) phase, determined from the lattice parameter using the calibration diagram[38] (a); and texture coefficients of
a-Fe(Si) phase after annealing at different temperatures for specified time (b); average crystallite size and minimum dislocation density of a-Fe(Si)
phase after annealing for 30 min at different temperatures (c).

4398—VOLUME 48A, SEPTEMBER 2017 METALLURGICAL AND MATERIALS TRANSACTIONS A

������ ��

278

progressive growth of Cu content during heating. In
general, the role of these clusters is to serve as
heterogeneous nucleation sites for further crystallization
of a-Fe(Si) phase, due to the good matching between (1
1 1) of fcc-Cu and (0 1 1) of bcc-Fe phase resulting in
decreased interfacial energy when the a-Fe(Si) nucleates
on the cluster surface.[8] Since Cu-rich crystals are
present only in small amounts, this phase cannot be
detected using XRD.

B. Magnetic Properties

In order to investigate the magnetic properties and
their changes influenced by thermal treatment, thermo-
magnetic measurements were conducted nonisother-
mally, including successive annealing of the alloy with
the increasing cutoff temperatures. Initially and con-
stantly decreasing trend in normalized magnetic perme-
ability values observed with the increasing temperature
is a consequence of microstructural transformations
thermally induced in the alloy, Figure 7(a).

Although no significant microstructural changes were
observed in the temperature range from 473 K to 573 K
(200 �C to 300 �C), normalized magnetic permeability
increases by around 2 pct after annealing at these
temperatures, Figure 7(b), as a result of relaxation of
the initial structure involving a decrease in the number
of defects and free volume, providing greater mobility of
magnetic domain walls.[41] The highest normalized
magnetic permeability values were observed after
annealing at temperatures ranging from 673 K to
773 K (400 �C to 500 �C), corresponding to the further
structural relaxation and first crystallization step, during
which the optimal microstructure was obtained. Further
crystallite growth leads to a slight decrease in normal-
ized magnetic permeability. However, favorable mag-
netic properties of the alloy are retained over a wide
temperature range.

Faster decline in normalized magnetic permeability at
temperatures above 673 K (400 �C) suggests the
approaching toward the Curie temperature of the alloy,
Figure 7(a). With the increasing crystal content in the
alloy, after each heating cycle, the temperature of the
fast decline in normalized magnetic permeability value
increases, suggesting the increasing trend of the Curie
temperature, tending to reach the Curie temperature of
bcc-Fe (1043 K (770 �C)[7]).

C. Mechanism and Kinetics of Microstructural
Transformations

Asymmetric shape of the first DTA peak (peak 1)
indicates that the observed process contains several
single steps, which is further proven by great variation in
Ea value with the progression in the process, Figure S2
(Supplement). To study the mechanism and kinetics of
corresponding steps, the deconvolution of compounded
DTA peaks is required (presented in Figure S3a, (Sup-
plement)). On the other hand, the second DTA peak
(peak 2) is completely symmetric, as shown by the
comparison of experimental and fitted DTA curves,
Figure S3b (Supplement), indicating single-step
transformation.
The negligible variations in Ea value with conversion

degree (less than 6 pct of average Ea value for 0.2<a<
0.8), Figure 8, and high correlation coefficient
(R2

> 0.99) of deconvolution indicate the successful
separation of individual steps of the first DTA peak.
Taking into consideration all the results presented
herein, the individual steps obtained by deconvolution
can be ascribed to the formation and growth of a-Fe(Si)
and Fe2B, respectively, in the as-prepared alloy, which
already contains a certain degree of order, including the
presence of a-Fe(Si) and Fe23B6 nanocrystals besides the
short-range ordered amorphous matrix.
The second DTA peak can be attributed to the

process of further growth of the formed crystalline
phases, including further ordering and elimination of
defects. In addition, although this DTA peak is com-
pletely symmetric, application of isoconversional meth-
ods (Vyazovkin’s[42,43]) and Ortega’s[44]) indicates
changes in the limiting step of the mechanism of the
process, Figure 8, with the growing influence of diffu-
sion.[45] This could be expected considering a decrease in
the amorphous content in the alloy with the progress of
crystallization, which leads to a decrease in number of

Table III. Lattice Parameters of a-Fe(Si) Phase in the
as-Prepared and Thermally Treated Alloy Samples

Alloy Sample a-Fe(Si) Lattice Parameter (Å)

As-prepared 5.683 ± 0.003
723 K (450 �C), 1 h 5.691 ± 0.001
823 K (550 �C), 1 h 5.688 ± 0.002
973 K (700 �C), 3 h 5.676 ± 0.001

Table IV. A Few Examples of the Results Obtained by EDS Analysis of the as-Prepared and Polished Thermally Treated Alloy
Samples

Sample Spot Fe (At. pct) Cu (At. pct) V (At. pct) Si (At. pct) O (At. pct)

As-prepared bulk 43.8 1.5 5.8 17.5 31.4
fleck 31.7 1.4 5.4 7.5 52.5

Annealed at 573 K (300 �C) bulk 77.8 1.0 4.4 16.8 —
black spot 65.2 1.2 26.5 7.1 —

Annealed at 723 K (450 �C) bulk 77.5 0.9 4.5 17.1 —
black spot 53.1 0.8 27.1 18.8 —

Annealed at 973 K (700�C) bulk 72.7 1.5 4.8 21.0 —
light spot 11.7 79.4 3.5 5.4 —
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ad-atoms available for incorporation at the crystallite
surface.
Arrhenius parameters of the individual steps of

thermal stabilization process, determined by means of
Kissinger’s[46] and Ozawa’s[47] methods, are presented in
Table V. The determined value of apparent activation
energy of formation of a-Fe(Si) phase is lower than
those corresponding to amorphous alloys of similar
composition,[48,49] as a consequence of the presence of
considerable number of quenched-in nuclei in the
as-prepared alloy. As already published, relatively high
Ea values of individual transformation steps originate
from simultaneous correlated movements of the large
number of atoms participating in transformations.[49,50]

Detailed kinetic examination of structural transfor-
mations includes determination of conversion functions
corresponding to single-step processes. The obtained
concave shape of Málek’s functions y(a) and z(a)[30] with
clearly defined maxima, for both steps of the first DTA
peak, Figure S4 (Supplement), suggests that JMA model
could be applied for description of kinetics of individual
transformation steps. However, the positions of maxima
of z(a) functions (maxima at around a = 0.5 instead of
at a = 0.632) indicate that the conditions of validity of
JMA model are not wholly fulfilled. This could be
caused by nucleation process, which might be prolonged
or by the high anisotropy of growing crystals. In
addition, a downward trend of local values of Avrami
exponent with progress of the process, Figure S5 (Sup-
plement), suggests the occurrence of impingement,[51]

which affects the crystal growth during the transforma-
tions. The prevailing type of impingement deduced from
the conversion degree values at transformation rate
maxima[52] (ap = 0.5) corresponds to anisotropic
growth.
In such case, it is recommended to apply the empirical

Šesták-Berggren model.[32] Corresponding conversion
functions, determined using Eq. [9], are presented in
Table V. These conversion functions together with
Arrhenius’s parameters can be useful for predictions of
stability of the material and transformation kinetics in
different temperature regions.

Fig. 7—Temperature dependence of normalized magnetic permeabil-
ity during multiple successive heating processes (a); normalized mag-
netic permeability values at room temperature after successive
heating up to different temperatures, and holding for 10 min at cut-
off temperatures, as a function of maximum temperature of the pre-
vious thermal treatment (b).

Fig. 8—Values of Ea at different a determined by means of Vyazovkin’s and Ortega’s isoconversional methods, for individual transformation
steps, including formation and crystal growth of a-Fe(Si) (a) and Fe2B (b) phases, and recrystallization process (c).
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The validity of determined kinetic triplets, corre-
sponding to individual transformation steps, was
checked by Master plot method.[33] Full accordance
between theoretical and experimental master curves,
Figure S6 (Supplement), suggests that the obtained
kinetic triplets correctly describe the kinetics of the
examined processes. This finding was further supported
by applying Perez-Maqueda’s criterion. According to
this criterion, the valid kinetic parameters are supposed
to be independent of heating rate, yielding linear
dependence when particular differential or integral
model-fitting equations are applied to the data corre-
sponding to different heating rates.[34] For both steps of
the first DTA peak, such linear dependence was
obtained, Figure S7 (Supplement). Finally, the

experimental DTA curve was compared with simulated
DTA curve in the temperature region of the first DTA
peak, Figure 9. This procedure included insertion of the
determined kinetic triplets into the Eq. [2], normaliza-
tion, and multiplication of the obtained curves by
amplitudes. Good accordance between the experimental
and simulated DTA curves was achieved, Figure 9,
confirming the validity of determined kinetic triplets of
both steps of the first DTA peak.
Due to the fact that kinetic triplet can be used to

determine the value of lifetime of a material as an
indicator of its thermal stability, and its importance for
technological application, the values of lifetime of the
alloy against microstructural transformations, at differ-
ent temperatures, were estimated according to Eq. [4],
Table VI. Since the a-Fe(Si) phase was the first to be
subjected to the transformations, kinetic triplet corre-
sponding to a-Fe(Si) was used for this purpose. In spite
of its thermodynamic metastability, high value of the
time required to reach conversion degree of a = 0.05 at
298 K (25 �C) (t0.05 � 5.2 9 1020 years) indicates high
stability of the alloy against structural transformations
at room temperature. However, the temperature
increase leads to tremendous decline in lifetime values
obeying an exponential law, amounting to around 10 s
at 740 K (467 �C) (the onset of the first DTA peak).

IV. CONCLUSION

Fe72Si15B8V4Cu1 alloy with combined amor-
phous/nanocrystalline structure undergoes thermally
induced microstructural transformations during anneal-
ing. The alloy surface morphology and roughness are
affected by thermal treatment, wherein the lower heating
rate entails higher RMS surface roughness. On the other
hand, the corrosion products observed on the as-pre-
pared alloy surface are formed due to the relatively high
content of crystalline Fe-phases in the alloy. Thermally
induced microstructural transformations in the temper-
ature range from 740 K to 820 K (467 �C to 547 �C)
include the formation and growth of a-Fe(Si) and Fe2B
from the starting structure, while in the temperature
range from 870 K to 930 K (597 �C to 657 �C), recrys-
tallization process occurs, during which the formed
crystalline phases grow further, with further ordering
and elimination of defects. In addition, the presence of
traces of other phases (Fe2VSi, e-Cu) was suggested by
SEM–EDS analysis. Resulting from a large number of

Table V. Arrhenius Parameters of Individual Transformation Steps Determined Using Kissinger’s and Ozawa’s Methods, and
Corresponding Conversion Functions

Experimental Peak 1 Experimental Peak 2

Method step 1 step 2
Kissinger, Ea (kJ/mol) 281 ± 1 248 ± 4 317 ± 10
Ln (A/min�1) 43.0 ± 0.1 37.3 ± 0.8 42 ± 2
Ozawa, Ea (kJ/mol) 280 ± 1 248 ± 4 315 ± 10
Ln (A/min�1) 42.8 ± 0.1 37.3 ± 0.5 42 ± 2
f (a) a0.48(1�a)0.83 a0.89(1�a)1.34 —

Fig. 9—Comparisons of experimental DTA curve in the temperature
region of the first DTA peak and curve simulated using the obtained
kinetic triplets of individual steps of the first DTA peak (at 10
Kmin�1).

Table VI. Estimated Values of Lifetime of the Alloy Against
Microstructural Transformations at Different Temperatures

T (K) t0.05 (min)

298 (25 �C) 2.7 9 1026

350 (77 �C) 4.6 9 1019

450 (177 �C) 1.1 9 1011

650 (377 �C) 57.1
750 (477 �C) 0.093
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atoms participating in transformations, relatively high
Ea values of individual transformation steps were
obtained, while the crystallization Ea values for a-Fe(Si)
phase, lower than those in the systems with similar
composition, are correlated with the presence of a large
number of quenched-in nuclei in the as-prepared alloy.
Sharp decline in the value of lifetime against structural
transformations is observed with thermal treatment, in
spite of alloy’s high thermal stability at room temper-
ature. Magnetic properties of the alloy are affected by
the observed microstructural transformations, while the
most pronounced change in magnetic permeability
occurs near the Curie temperature, which moves to
higher temperatures with crystallization and further
ordering in the formed crystalline phases. However, the
alloy retains its favorable magnetic properties over
relatively a wide temperature interval, allowing for its
practical application in modern technologies.
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mochim. Acta, 2012, vol. 549, pp. 35–41.
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Njegoševa 12, 11000 Belgrade, Serbia
c
Center for Multidisciplinary Studies of the University of Belgrade, Kneza Višeslava 1, 11000 Belgrade, Serbia
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Abstract

Powder mixtures of zinc oxide and tin oxide in the molar ratio, ZnO:SnO2 = 2:1, were mechanically activated in a planetary ball mill in the time

intervals of 0–160 min. The adsorption–desorption isotherms, specific surface area, pore volume and pore size distribution spectra of mechanically

activated powder mixtures were established by N2 adsorption at 77 K. Microstructure analysis was performed using scanning electron microscopy

(SEM) and digital pattern recognition (DPR) microstructure quantity analysis. The phase composition of the mixed powders was determined by X-

ray analysis. Mechanochemical activation of the ZnO–SnO2 system resulted in fine grinding of the starting particles and generation of contacts

between them, mass transfer at contacts zones and formation of Zn2SnO4 spinel, which was observed after 40 min of activation.

# 2007 Elsevier Ltd and Techna Group S.r.l. All rights reserved.

Keywords: A. Milling; A. Powders: solid-state reaction; D. Spinels; Microstructure analysis

1. Introduction

It is well known that materials based on the ZnO–SnO2

system are widely used for the production of humidity and

combustible gas detection sensors, coatings for the use in

photoelectrochemisty and for fabrication of electrical contacts

[1–4]. Since the wide range of applications of these materials is

markedly influenced by the morphology of the initial powders it

is very important to control the morphology, texture and

particle size distribution during the powder preparation process.

In order to obtain spinel Zn2SnO4 various processing routes,

including the conventional high temperature solid-state

reaction between ZnO and SnO2, spray pyrolysis, sol–gel

and coprecipitation method have been proposed [5–7]. The

mechanochemical processing route has been developed

recently for the production of many nano-sized oxides

including some with a perovskite and spinel structure. The

advantage of this process is that the chemical reactivity of

starting materials can be significantly improved during

mechanochemical activation, so the solid-state reaction could

be activated only due to mechanical energy instead of high

temperatures. Furthermore, as a result of physical–chemical

changes in the material, which occur as a result of

mechanochemical activation, these powders possess much

higher sinterability than those synthesized by a conventional

solid-state reaction and with most wet chemical processes.

Mechanical activation by grinding is a collection of processes

that mostly emerge in four stages: material destruction,

formation of a new surface on the material which is destroyed,

fine grinding and transformation into a new material with a

completely different structure [8]. Finding the optimal

conditions in the first stage of powder processing—preparation

of powders (in this case grinding) gives the opportunity of

shortening the sintering time needed for complete formation of

the desired compound [9]. Having all this in mind, in this article

we investigated the influence of mechanochemical activation
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on the ZnO–SnO2 system, its effect on the microstructure and

development of extensive regions of Zn2SnO4 spinel.

2. Experimental

Mixtures of zinc oxide (99.9%,Aldrich) and tin oxide (99.9%,

Aldrich) powders, molar ratio ZnO:SnO2 = 2:1, were mechani-

cally activated in a planetary ball mill (Fritsch Pulverisette 5) in

the continuous grinding process regime, in air, and for 10–

160 min. We used zirconium oxide grinding balls (10 mm in

diameter, approximately) and bowls (500 cm3) with a ball to

powder mass ratio of 40:1. Different milled powder mixtures

were denoted according to the applied time of activation as ZSO-

10, ZSO-40, ZSO-80 and ZSO-160. The non-activated powder

mixture containing ZnO and SnO2 was marked as ZSO-00.

Phase analysis was carried out in an X-ray diffractometer

(Norelco-Philips PW-1050) with Cu Ka radiation at a scanning

speed of 0.028/0.4 s.

Nitrogen adsorption isotherms of mixed powders were

determined on a Sorptomatic 1990 adsorption analyzer

(Thermo Finnigan) at �196 8C. All samples were degassed

at 300 8C for 24 h prior to the measurements. Various models

and appropriate software—WinADP were used to analyze the

obtained isotherms. The change of specific surface area, SBET,

during mechanical activation was calculated according to the

Brunauer, Emmett, Teller (BET) method (Table 1) from the

linear part of the nitrogen adsorption isotherms (0.05 < p/

p0 < 0.35) [10–12]. The pore size distribution for mesopores

was calculated in the radius range from 0 to 100 nm by the

Dollimore–Heal Poresizes method from the desorption branch

of isotherm [13] while micropore volume was determined from

the Dubinin Radushkevich Line method [14]. The morphology

of obtained powders was characterized using scanning electron

microscopy (JEOL JSM-646OLV) and digital pattern recogni-

tion (DPR) microstructure quantity analysis [15] that was

performed for the obtained SEM micrographs. This method is

based on extraction of the foreground layer of a micrograph, its

grayscale segmentation, extraction of contours of the segmen-

ted object and FFT analysis of the angular distribution of

contour radii. It should be mentioned that the relative estimated

error of volume diameter distribution calculated by this method

is less than 5% for micrographs of very complex systems [16].

3. Results and discussion

Mechanochemical synthesis is a heterogeneous solid-phase

reaction in which dispersion of the components, generation of

contacts between them and mass transfer at contact zones

occurs. As a result of grinding of initial components, change of

the powder morphology, their distribution, interface interac-

tion, as well as the change of specific surface area may appear.

Specific surface area distribution analysis showed that during

grinding of the ZnO–SnO2 system, two stages emerge (Fig. 1).

During the first one, an increase of the specific surface area

(SBET) from 6.47 to 8.29 m2/g is observed, while during the

second one, the decrease of the SBET from 8.29 to 2.74 m2/g.

The increase of the SBET during the first stage of ZnO–SnO2

grinding may be related to breaking of powder particles and

formation of a new surface, while cold-welding of the initial

powder mixture, which arises in the second stage of grinding,

may lead to mechanochemical reactions in the system,

formation of new phases and decrease of the SBET. These

conclusions are in accordancewith the results obtained by XRD

analysis (Fig. 2). The initial powder mixture exhibits sharp

peaks of hexagonal ZnO (JCPDS PDF 36-1451) and tetragonal

SnO2 (JCPDS PDF 41-1445), while after 10 min of mechanical

treatment intensities of all starting phases were significantly

lowered. Lowering and broadening of diffraction peaks

indicates significant refinement in crystallite size and defect

formation during the initial stage of mechanochemical

activation. Calculations of the values of mean crystallite size

and the relative lattice strain obtained from the diffraction line

broadening of the non-activated samples and the samples

activated for 10 min pointed out that the mean crystallite size of

SnO2 and ZnO phase decreased from 76 to 65 nm and from 93

to 17 nm, respectively, while the relative lattice strain of these

phases increased from 0.126 to 0.148 and from 0.076 to 0.428,

Table 1

Porous property of non-milled and milled ZnO–SnO2 powder mixtures

Sample SBET (m2/g) V0.99 (cm
3/g) Vmicropore (cm

3/g) Dmedian (nm) Vcumulative (cm
3/g)

ZSO-00 6.47 0.026 0.0019 26.439 0.0402

ZSO-10 8.29 0.034 0.0031 22.552 0.0458

ZSO-40 4.18 0.029 0.0014 52.175 0.0386

ZSO-80 2.94 0.02 0.0012 79.140 0.0247

ZSO-160 2.74 0.02 0.0011 67.497 0.0253

Fig. 1. Change of the specific surface area in the range of 0–160 min of

activation.
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respectively. In agreement with microstructure analysis, in the

early stages of activation, continuous shearing across interfaces

of ZnO and SnO2 resulted in an increase of their interface area

and intermixing of the two components (Fig. 3). As the

activation time increased up to 40 min appearance of the spinel

zinc stannate phase (Zn2SnO4) besides the ZnO and SnO2

phases was noticed, thus indicating the beginning of mechan-

ochemical reactions in the system. With the increase of the

activation time the intensities of ZnO and SnO2 peaks become

lower, while the Zn2SnO4 peaks become higher. Calculations of

the values of the mean crystallite size and the relative lattice

strain of Zn2SnO4 for the samples activated 80 and 160 min

pointed out an increase of the mean crystallite size of Zn2SnO4

from 14 to 29 nm as the activation time increased, while the

relative lattice strain decreased from 0.520 to 0.260. Constant

collisions and rearrangement of the powder particles provided

by mechanical impact, shock, shear, and deformation created

opportunities for two or more Zn2SnO4 nuclei to meet at

favorable positions leading to growth in crystallite size. Thus,

the growth of nanocrystallites is a result of constant collisions

and rearrangement of the nanocrystalline nuclei proceeding as

the activation time increased. After 160 min of mechanochem-

ical activation zinc stannate as a major phase, with insignificant

amounts of unreacted ZnO and SnO2, was observed.

It should be noticed that, simultaneously with the formation

of the new Zn2SnO4 phase, secondary agglomeration occurred

as well, resulting in a continuous decrease of SBET during the

second stage of ZnO–SnO2 system grinding. This observation,

as well as the ones obtained by microstructure analysis of the

influence of the mechanochemical activation on powder

morphology evolution—SEM (Fig. 3), is also in accordance

with the results obtained by the XRD analysis.

In the case of non-activated samples we noticed that the

initial mixture consisted of two homogeneously distributed

particles types: smaller ones, with a spherical shape and

average size of 0.15 mm, which belong to ZnO and longer ones,

with a polygonal shape and average size of 0.25 mm, which

belong to SnO2 (Fig. 4). Activation longer than 10 min brings

about an increase in the specific surface area and chopping of

particles especially those with a spherical shape. The dominant

decrease in the number of spherical particles, after 10 min of

activation, appears primarily because they belong to the ZnO

phase that is a more than six times softer material than tin oxide

(microhardness values are 1.5 and 10 GPa for ZnO and SnO2,

respectively). For the samples activated 160 min, according to

histograms obtained by DPR analysis (Fig. 4C) four peaks at

0.15, 0.3, 0.7 and 1.2 mm were noticed. They were ascribed to

the average grain size of ZnO, SnO2 and Zn2SnO4 phase and

agglomerates, respectively.

Fragmentation and aggregation of particles, occurring

during mechanochemical synthesis, have also been observed

Fig. 2. XRD patterns of ZSO powder mixtures as a function of the time of

activation.

Fig. 3. SEM micrographs of samples: (a) ZSO-00; (b) ZSO-10; (c) ZSO-160.
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from the shape of the adsorption isotherms (Fig. 5). We have

noticed that all adsorption isotherms, according to the IUPAC

[12,17] classification belong to the Type IIb, which is

commonly related to mono-multi layered adsorptions on a

clear and stable powder surface, which may exhibit fractured

particles, aggregates and macro pores or even in limited micro

pores. All isotherms have a reversible part at low relative

pressures and hysteresis loops at higher relative pressures

which is characteristic of aggregates plane particles in forming

slit shape pores [11,12]. Namely, physical adsorption is in most

cases reverse. With isothermal decrease in pressure desorption

is happening along the same isotherm. However, in very porous

adsorbents inside fine pores and capillaries condensation can

occur on lower pressures than the equilibrium pressure.

Desorption is then harder and the adsorption curve shows a

hysteresis during desorption [18]. Our analysis showed that

pores with the biggest total bulk volume were determined in the

samples activated for 10 min. Decrease of the pore bulk

condition decreases the total pore volume. A lower total

porosity (volume) was observed in samples activated 80 and

160 min (0.025 � 0.003 cm3/g) versus other sample porosity.

Mean mesopore diameters, according to the Dollimore–Heal

method, vary from 22 nm for samples activated 10 min to

79 nm for the samples activated 80 min. The volume share of

the biggest pores (mesopores) decreased for higher activation

times so samples activated for 80 and 160 min had smaller

amount of the big pores. The increase of the activation time did

not lead to further texture development and porosity improve-

ment. Figs. 5 and 6 shows the adsorption–desorption isotherms

and pore size distribution spectra (PSD) of the analyzed powder

mixtures. Textural properties obtained from N2 isotherms, PSD

curves and by Dubinin–Radushkevich method are summarized

in Table 1.

Fig. 5. Nitrogen adsorption–desorption isotherms of different activated powder

mixtures.

Fig. 6. Pore size distribution (PSD) spectra of different activated powder

mixtures.

Fig. 4. Digital pattern recognition (DPR) histograms for ZSO-00; ZSO-10; ZSO-160.
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4. Conclusion

In this article the influence of mechanochemical activation

on the ZnO–SnO2 system has been investigated. Mechanical

activation in the observed ZnO–SnO2 system resulted in fine

grinding of the starting particles and generation of contacts

between them, mass transfer at the contact zones and synthesis

of Zn2SnO4 spinel, which was observed after 40 min of

activation. XRD and specific surface area distribution analysis

pointed out that during mechanical activation of the ZnO–SnO2

system two processes emerged. The first one was related to

breaking of the powder particles and formation of a new surface

while the second one led to mechanochemical reactions in the

system and formation of a new phase. Fragmentation and

aggregation of the particles, which occur as a result of

mechanochemical synthesis, has been investigated by SEM,

DPR and pore morphology evolution from adsorption isotherm

analysis. As a result of this analysis it is possible to optimize the

best conditions of powder preparation prior to the sintering

process as well as to optimize the processing route for the

advanced mechanochemical synthesis of zinc-stanate spinel.
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a b s t r a c t

Nanostructured nickel–cobalt alloy powder deposits were obtained electrochemically on Cu substrates in

the current density range 40–400 mA cm−2. The influence of the current density and of the Ni2+/Co2+ ratio

in the bath on the microstructure and phase composition of the Ni–Co deposits was studied by SEM and X-

ray diffraction methods. Both the bath composition and the current density strongly influence the deposit

growth mechanism as well as the deposit composition, microstructure, grain size and surface morphology.

If the concentration ratio in the electrolyte is Ni2+/Co2+ = 4, the deposit has a cauliflower structure with

mean grain size of 13 nm. In contrast, the particles deposited from the electrolyte with Ni2+/Co2+ = 0.25

show platelet structure with preferred orientations and mean grain size of 20 nm. When electrodeposition

was performed at high overpotentials, far from equilibrium conditions, face-centered cubic (FCC) solid

solutions of Ni and Co were generated while at low overpotentials, as well as at higher content of cobalt in

the electrolyte, hexagonal-close packed (HCP) Co was formed. The structure of nanocrystalline deposits

exhibits a strong tendency to structural changes under annealing. DSC of the alloy deposits shows a

stepwise process of structural changes in the temperature range from 393 to 823 K. It was found that under

annealing, HCP → FCC phase transformation occurs in nanocrystalline deposit obtained from electrolyte

with a concentration ratio Ni2+/Co2+ = 0.25.

1. Introduction

From the earliest papers in the nanostructured material science

[1] until now, nanoscaled materials have attracted a lot of atten-

tion from scientists all over the world concerning both scientific

and technological aspects [2–4]. Many synthesis techniques for the

production of nanostructured materials have been developed, for

example, inert gas-condensation, ball-milling, severe plastic defor-

mation, chemical vapor deposition and electrochemical deposition

[3]. Although electrodeposition is a method that uses well known

processes for synthesizing nanocrystalline materials, the properties

of the nanocrystalline electrodeposits formed by this method are

less well known, especially for tribological application in nanoscale

devices such as micro and nanoelectromechanical systems (MEMS

and NEMS) [5,6].

Electrodeposited Ni, Co and Ni–Co alloys have become an

important component in MEMS [7,8]. Reducing the grain size of

electrodeposits to the nanocrystalline regime (i.e. below 100 nm)

∗ Corresponding author. Tel.: +381 11 332 2883.

E-mail address: dminic@ffh.bg.ac.rs (D.M. Minić).

has recently received considerable interests for MEMS applications.

However, a common finding in the thermal stability studies of elec-

trodeposited nanocrystalline Ni is the significantly increased rate of

grain growth at relatively low temperatures [7,8]. For example, ther-

mal exposure of 30 min at 693 K is sufficient to completely consume

the as-deposited nanocrystalline matrix by abnormal grain growth

[8]. However, it is possible to design the starting nanocrystalline

microstructure – by alloying with Co [7]. Properties of nanostruc-

tured or nanocrystalline materials are significantly affected by the

large fraction of atoms that are situated at or near an external

interface, i.e. near the surface or near the grain (or heterophase)

boundary [9].

The electrodeposition technique has significant advantages

compared to other methods for the synthesis of nanocrystalline

materials; among the advantages is the easy preparation of materi-

als of high purity exhibiting different structures and morphologies

and the possibility of changing the composition and morphology

within a broad range, adjusting only the deposition parameters

[10,11].

Electrodeposition of Ni–Co powders from defined solutions was

established by the work of Calusaru [12]. Almost all metals can

be obtained in powder form, but the method for obtaining such

 doi:10.1016/j.tca.2009.07.007
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materials will depend on the intended properties and will affect the

structure of the materials [12]. The electrolytic powder production

method usually yields a product which has the desired chemical

composition and high purity and which can be well pressed and sin-

tered as we have shown in previous papers [13–15]. Fine Ni, Co and

NiCo alloy powders are required for developing magnetoresistive

sensors in thick-film form [16].

The electrodeposition of Co has been studied far less than Ni

electrodeposition [17]. Electrolytic Co crystallizes with two struc-

tures: HCP, the stable allotropic modification at temperatures below

690 K, and FCC, the stable allotropic modification at higher temper-

atures. With increase of pH, HCP is the only structure present and

the texture of the deposits depends mainly on solution pH [18].

The prevailing orientations and their stability with respect to the

operative conditions are characterized in detail for both sulfate [18]

and chloride based electrolytes [19]. Cohen-Hyams et al. showed

that the structure of electrodeposited Co depends significantly

on the level of the overpotential [20]. When electrodeposition is

performed far from equilibrium conditions, i.e. at higher overpo-

tentials, FCC Co is deposited while at lower overpotentials HCP Co

is formed with a lower rate of hydrogen evolution.

In the present paper, the composition, the morphology, and the

microstructure of Ni–Co powders galvanostatically deposited on

the Cu substrates are investigated as well as their thermal sta-

bility and structural changes in the temperature range from room

temperature to 823 K.

2. Experimental procedure

Ni–Co alloys of different chemical compositions were prepared

by electrochemical deposition from nickel and cobalt sulfate and

ammonium chloride in ammonia based electrolytes containing

Ni2+/Co2+ concentration ratios of 4, 1 and 0.25 at pH 10 in a glass

cell with a volume of 1.0 dm3 at a temperature of 298 ± 1 K. The

total concentration of NiSO4 + CoSO4 was 0.12 mol dm−3. Electrode-

posited Cu with a 1.0 cm2 surface area and 0.2 cm thickness used

as working electrodes were placed in the center of the cell. A Ti

plate anode covered with RuO2/TiO2 (10 cm2 geometric area) was

placed close and parallel to the Cu plate. The electrodeposition of

the powder was accomplished with a constant current in the range

40–00 mA cm−2.

The surface morphology was analyzed with a scanning electron

microscope (SEM) with field emission gun (XL 30 ESEM-FEG, FEI,

NL) equipped with an energy dispersive X-ray spectrometer system

(EDX) used for alloy composition analyses. The 3D reconstruction of

the specimen surface was characterized using MeX software from

Alicona (A). It enables a 3D analysis to be made directly from the

digital images, yielding profile and roughness measurements and

also area analysis as well as volumetric measurements.

X-ray powder diffraction (XRD) analysis was carried out using a

MPD diffractometer (Philips) with Cu K� radiation (40 kV/30 mA).

The samples were analyzed in Bragg–Brentano geometry by means

of step-scan mode in the range from 30◦ to 110◦ in 2� with a step

size of 0.03◦ and a counting time of 1.15 s/step. The XRD data were

evaluated by means of the Rietveld refinement software package

TOPAS (Bruker AXS, Germany). Values of the lattice cell param-

eters, crystallite size and the compositions of the samples were

calculated. In addition, it was attempted to indicate values of the

microstress, but the resulting values were below the error thresh-

old for the samples. Therefore, this parameter was not usually

refined. The progress of the refinement was checked by monitor-

ing the goodness of fit parameter. In order to study the structural

transformations induced by heating the samples of the alloy were

annealed in sealed evacuated quartz tubes at selected temperatures

for 30 min, water quenched and than analyzed by XRD.

Differential scanning calorimetry (DSC) measurements were

performed with 10 mg samples using a DSC-204 C (Netzsch, D) in

the temperature range of 298–823 K in an argon atmosphere with

a heating rate of 20 K min−1. Two heating runs were employed to

obtain a baseline: the first heating run was with an as-prepared

sample and the second heating run was conducted after cooling

the sample to ambient temperature [21,22].

3. Results and discussion

In our experiments it was possible to obtain a defined amount of

Ni–Co alloy only at current densities >40 mA cm−2 at the working

electrode. However, in all bath compositions at current densities

<65 mA cm−2, compact deposits were obtained. For higher current

densities (>150 mA cm−2), the deposits were in the form of powders

that could be easily removed from the electrode surface. It should

be mentioned that for higher current densities, hydrogen evolution

was quite intensive, providing conditions in which some amount of

the powder drops into the cell.

(a) Morphology of nanocrystalline deposits obtained from different

bath compositions

Fig. 1 presents SEM micrographs (micrographs (a)–(c)) of

the alloys, electrodeposited from electrolytes with three dif-

ferent Ni2+/Co2+ concentration ratios (4, 1, 0.25, respectively)

at a current density of 65 mA cm−2. The corresponding 3D SEM

reconstructions of the surfaces are shown in Fig. 2. The deposit

with the highest content of Ni2+ in the electrolyte (micrographs

(a)) exhibits a cauliflower-like structure, consisting of small par-

ticles with an average radius <500 nm, surrounded by diffusion

zones. The deposition took place in an spherically symmetri-

cal pattern. For the ratio of Ni2+/Co2+ = 1 (micrographs (b)), the

morphology of the deposit is different and the cauliflower-like

particles exhibit a platelet structure (Fig. 1(b)). Finally, the par-

ticles deposited from the electrolyte with the highest relative

content of Co2+ (micrographs (c)) show a platelet structure with

a preferred orientation and a size of the platelets in the �m

range.

The quantitative 3D dataset for Fig. 2 was calculated from two

stereoscopic images obtained by tilting the sample stage in the

ESEM at the eucentric point at an angle of 5◦. The calculated

roughness parameters are shown in Table 1.

Concentration ratios Ni2+/Co2+ = 4 and 0.25 led to surfaces

with similar roughness values in spite of their different mor-

phologies (Fig. 1(a) and (c)). In the case of Ni2+/Co2+ = 1, the

roughness of the deposit is about 3 times higher than that

observed for the specimens obtained from the electrolytes with

ratios of 4 or 0.25. Also the active surface (RS) increases in com-

parison with the specimens with ratios of 4 or 0.25. An increase

in the current density results in a decrease in roughness since at

higher current densities the number of crystal nuclei on the sur-

face in enhanced. The larger the nucleation rate, the smaller the

grain size is, leading to the formation of smooth deposits when

the grain size ≤10 nm (confirmed by X-ray diffraction analysis).

(b) Chemical composition of nanocrystalline deposits

The chemical compositions of the galvanostatically deposited

alloys as determined by EDX analysis of alloy samples with

10 �m2 surfaces with an error of ±2% are summarized in Table 2.

According to the EDX results, an increase in current density

leads to an increase in the Ni content of the deposits. At a cur-

rent density of 65 mA cm−2, the content of cobalt in the alloy is

always higher than in the electrolyte as a consequence of the

lower overpotential for the Co2+ reduction compared to Ni2+.

The deposits (alloys 3, 4 and 5 in Table 2) obtained from an

electrolyte with a concentration ratio Ni2+/Co2+ = 1 for selected
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Fig. 1. SEM micrographs of Ni–Co deposits galvanostatically prepared from the electrolyte with different Ni2+/Co2+ ratios: (a) 4, (b) 1, and (c) 0.25, at a current density
65 mA cm−2 .

current densities exhibit different compositions as well as
structures. Increasing the current density shifts the ratio of
nickel and cobalt in the alloys closer to the value of the
concentration of the corresponding ions in electrolyte. The phe-
nomenon of anomalous co-deposition (characteristic for the
electrodeposition of iron group metals) is very pronounced in
the production of compact deposits. However, in the case of
powder deposition, anomalous co-deposition is much less pro-
nounced, hence the composition of the alloy powder deposited
at high current density is almost similar to the concentration of
the metal ions in the electrolyte (alloy 5).

(c) Structure of the Ni–Co nanocrystalline deposits

The crystal structure, particle shape and size of the elec-
trochemically obtained nickel–cobalt alloy deposits depend
considerably on current density according to the SEM and X-
ray diffraction analysis (Fig. 3). Mean grain sizes and lattice
parameters were calculated from the peak broadening using the
Scherrer equation with the Rietveld refinement method [23].
Powder particles obtained with geometric size varying from
1 �m to about 10 �m were composed of fine nanograined crys-
tallites (cf. Table 3). Crystal structure and composition of the
deposits obey the phase diagram [24].

As can be seen from the results (Fig. 3, Table 3), a deposit
obtained from an electrolyte with a Ni2+/Co2+ concentra-
tion ratio of 4 (alloy 1) consists of the �-Ni phase with a
face-centered cubic lattice (FCC phase, space group Fm3m,
a = 3.524 Å, JCPDS 00-004-0850). The diffraction peaks of Cu
with low intensity result from the substrate material. The
mean grain size in the FCC phase was 13 ± 2 nm. The alloy
electrodeposited at the same current density with the ratio

Ni2+/Co2+ = 0.25 (alloy 2) consists of the �-Co phase with
a hexagonal-close packed lattice (HCP phase, space group
P63/mmc, a = 2.506 Å, c = 4.069 Å, JCPDS 01-071-4239). With
increasing Co content in the alloys (Table 3), the mean grain
size increases and ranges from 13 ± 2 to 19 ± 3 nm for the FCC
phase and from 15 ± 2 nm to 20 ± 3 nm for the HCP phase. The
diffraction patterns of alloys deposited at relatively low current
density for powder formation (65 mA cm−2) show a strong tex-
ture. In particular, the texture for alloy 2 in planes (1 1 0 ) and
(1 0 0 ) is an indication that the majority of grains are oriented
with their close packed planes parallel to the surface, as it was
shown in the SEM micrograph (Fig. 1(c)).

A detailed Rietveld’s analysis revealed that Ni–Co alloys
deposited from an electrolyte with the ratio Ni2+/Co2+ = 1 at
different current densities (alloys 3–5) are composed of solid
solutions of both the cubic FCC phase and the HCP phase. This
situation occurs due to the mutual miscibility of Ni and Co in
the range of concentration in the deposits (Table 2). An increase
in current density leads to an increase in the volume fraction of
the FCC phase in the solid solution as well as the formation of a
significant percentage of an amorphous phase.

An analysis of the diffractograms of the powdered alloys
electrodeposited from the same electrolyte at different cur-
rent densities, 65 mA cm−2 (alloy 3), 220 mA cm−2 (alloy 4) and
400 mA cm−2 (alloy 5), shows that the decrease of the current
density results in pronounced crystallization and an increase in
the size of crystallites as well as a higher volume fraction of the
HCP phase. Furthermore, it can be seen that the cell volume of
the alloys (alloys 3–5) increases slightly with increasing current
density. Alloy 1 (rich in Ni) and alloy 2 (rich in Co) exhibit cell
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L.D. Rafailović et al. / Thermochimica Acta 496 (2009) 110–116 113

Fig. 2. 3D SEM reconstructions of the surfaces of Ni–Co deposits galvanostatically prepared from the electrolyte with different Ni2+/Co2+ ratio: (a) 4, (b) 1, and (c) 0.25, at a
current density 65 mA cm−2 .

volumes comparable to the theoretical values of Ni (43.8 Å3)
and Co (22.1 Å3).

At lower current densities, the volume fraction of the Co in the
deposit exists only as a single HCP phase; whereas with increas-
ing current density the volume fraction of Co of the HCP Co is
reduced down to 3%. Beside an amorphous content of 8–15%
(Fig. 1), the rest of the Co forms a solid solution within the Ni FCC
phase, resulting in an increase in the cell volume (see Table 3).
The amorphous phase content was estimated by determination
of the integral area of the broad diffuse diffraction halo which
cannot be assigned to distinct diffraction maxima correlated
with crystalline phases and comparing it with samples without
amorphous phase.

(d) Thermal stability of nanocrystalline deposits

The thermal stability of alloys (prepared as powders from
electrolytes with concentration ratios of for Ni2+/Co2+ = 4 (alloy
1) and Ni2+/Co2+ = 0.25 (alloy 2) at a current density of

Table 1

Roughness parameters of alloys deposited from electrolytes with different Ni2+/Co2+

concentration ratios and current densities (Ra: mean roughness; Rz: difference
between the highest and the lowest point in the picture of a given scan; RS: active
surface, ratio of the real surface including topography to a projected surface of the
measurements in a rectangle with dimensions of 23 �m × 15 �m).

Ni2+:Co2+

concentration ratio
Current density
(mA cm−2)

Ra (�m) Rz (�m) RS (�m2)

4:1 65 1.0 4.7 1.64
1:1 65 3.0 13.1 1.98
1:1 220 1.1 5.2 1.38
1:1 400 1.0 6.5 1.62
1:4 65 0.7 4.7 1.64

65 mA cm−2 was characterized by DSC analysis (temperature
range from room temperature to 823 K) as well as by X-ray
diffraction and SEM methods. Because the intercrystalline vol-
ume represents a region of stored excess energy with respect
to the bulk of a grain, there is a significant driving force for
grain growth in nanocrystalline materials during heating. The
structure of nanoscaled materials are thus thermodynamically
unstable and show a strong tendency for structural changes
under annealing [25] or even at room temperature [26]. These
changes typically affect the density of crystalline defects, grain
size, crystallographic orientation and grain boundary structure
[27]. The enthalpy release due to annealing of the nanocrys-
talline structure can be directly measured by DSC.

3.1. Thermal stability of alloy 1

The thermal behavior of the Ni–Co powder of electrolyte ratio
(Ni2+/Co2+ = 4, j = 65 mA cm−2 – alloy 1) is depicted in a DSC curve,
Fig. 4. The presence of two complex shaped exothermic peaks in the
DSC curve indicates a stepwise process of the structural relaxation

Table 2

Chemical composition of the Ni–Co alloy deposits galvanostatically prepared from
the electrolytes with different Ni2+/Co2+ ratios and at different current densities.

Alloy 1 Alloy 2 Alloy 3 Alloy 4 Alloy 5

Ni2+/Co2+ ratio in the electrolyte 4 0.25 1 1 1
Current density (mA cm−2) 65 65 65 220 400
Ni content in alloy (at%) 80 5.5 33 40 43
Co content in alloy (at%) 20 94.5 67 60 57
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Fig. 3. X-ray diffraction patterns of Ni–Co deposits, experimental details as indicated
in Table 2 (� – reflections attributed to the FCC Ni; � – reflections attributed to the
HCP Co; S – reflection attributed to the Cu substrate).

Fig. 4. DSC of the Ni–Co powder deposit prepared from the electrolyte with con-
centration ratio Ni2+/Co2+ = 4 at a current density 65 mA cm−2 (alloy 1), heating rate
20 K min−1 .

and grain growth of the alloy powder in the temperature range of
393–823 K. The heat release associated with structural relaxation
in the temperature range 393–573 K was �H = −10.4 J g−1 and for
further structural change in the temperature range 653–803 K the
associated heat release was �H = −25.8 J g−1.

Structural changes in Ni–Co deposits (alloy 1) induced by
annealing at 523, 623 and 823 K are shown in the XRD pattern

Fig. 5. XRD patterns of as-prepared alloy 1 deposited on Cu substrates and annealed
samples at different temperatures. Experimental details are indicated in Table 2.

(Fig. 5). Rietveld refinement analysis (Table 4) shows only grain
growth. No reflections related to cobalt or nickel oxides were
detectable.

As found in many studies on the thermal stability of nanocrys-
talline materials [7–9,28], the Ni–Co alloy powder exhibits a
quasi-nucleation growth-process during heating. When nanocrys-
talline deposits are brought to an elevated temperature, the
nanometer-sized crystallites in the deposits start to grow in a ran-
dom, non-uniform way and some of the existing nanocrystallites
appear as nuclei and preferentially start to grow at the expense of
the surrounding nanocrystalline matrix. With increasing tempera-
ture, the grains become larger and the lattice parameters of the FCC
phase display only minor changes (Table 4). The pattern of the �

phase at the temperatures higher as 523 K with respect to peak posi-
tion and intensity remains unchanged, but the electrodeposited Cu
substrate exhibits thermally induced restructuring, indicated by a
significant change in the diffraction pattern (decreasing of the 1 1 1
reflection intensity and increasing of the 2 2 0 and 3 1 1 reflections).

A typical SEM micrograph of an alloy obtained upon annealing
at 823 K is shown in Fig. 6. The composition as well as the structure
of the deposit was attained with no significant change in the parti-
cle size as compared to the SEM image of an as-deposited sample
shown in Fig. 1(a).

3.2. Thermal stability of alloy 2

The thermal behavior of the Ni–Co powder of alloy 2 (elec-
trolyte ratio Ni2+/Co2+ = 0.25, j = 65 mA cm−2) is depicted in a DSC
curve, Fig. 7. The presence of a broad asymmetric exothermic peak
indicates a stepwise process of the structural relaxation and phase

Table 3

Phase composition, grain size and cell parameters of the Ni–Co deposits; experimental details as indicated in Table 2.

Alloy Crystal structure/content (%) Grain size (nm) Lattice parameter (Å) Cell volume (Å3)

a c

Alloy 1 FCC/100 13 ± 2 3.5259(3) 43.833(9)

Alloy 2 HCP/100 20 ± 3 2.5057(2) 4.0690(4) 22.126(4)

Alloy 3 FCC/28 19 ± 3 3.5291(2) 43.955(4)
HCP/72 15 ± 2 2.5053(2) 4.0717(3) 22.127(4)

Alloy 4 FCC/70 13 ± 2 3.5296(3) 43.971(9)
HCP/22 amorphous phase/8 11 ± 2 2.4987(4) 4.0767(2) 22.043(8)

Alloy 5 FCC/82 11 ± 2 3.5329(3) 44.096(9)
HCP/3 amorphous phase/15 10 ± 2 2.4947(5) 4.1005(3) 22.100(5)

������ �

376
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Table 4

Phase composition and grain sizes of the as-deposited and annealed Ni–Co deposits (alloy 1 – prepared from the electrolyte with concentration ratio Ni2+/Co2+ = 4 at a current
density 65 mA cm−2).

Alloy Crystal structure Grain size (nm) Lattice parameter a (Å) Cell volume (Å3)

Alloy 1 as-prepared at 298 K FCC 13 ± 2 3.5259(3) 43.833(9)
Alloy 1 annealed at 523 K FCC 20 ± 3 3.5274(2) 43.891(7)
Alloy 1 annealed at 623 K FCC 47 ± 4 3.5270(2) 43.876(6)
Alloy 1 annealed at 823 K FCC 57 ± 6 3.5305(8) 44.004(3)

Fig. 6. SEM micrograph of Ni–Co deposit upon annealing at 823 K (alloy 1 pre-
pared from the electrolyte with concentration ratio Ni2+/Co2+ = 4 at a current density
65 mA cm−2; magnification 2000× (SE, accelerating voltage 10 kV).

transformation of the alloy in the temperature range 573–823 K. The
first exothermic feature in the temperature range 553–573 K can be
attributed to structural relaxation processes of the HCP phase. Dur-
ing grain growth, as the system moves from the condition of an
as-deposited nanocrystalline sample of higher excess free energy
to the condition of the annealed sample exhibiting lower excess of
free energy, there is an enthalpy release of �H = −190.6 J g−1 giving
a measure of the thermal stability of the sample with respect to the
phase transformation HCP → FCC.

Structural changes in Ni–Co deposits (alloy 2) induced by
annealing at 553, 623 and 823 K are shown in the XRD pattern
(Fig. 8).

Fig. 7. DSC of the Ni–Co powder deposit prepared from the electrolyte with concen-
tration ratio Ni2+/Co2+ = 0.25 at a current density 65 mA cm−2 (alloy 2); heating rate
20 K min−1 .

Fig. 8. XRD patterns of as-prepared alloy 2 deposited on Cu substrates and annealed
samples at different temperatures. Experimental details are indicated in Table 2.

The XRD of the as-deposited samples show the presence of only
the HCP phase with a mean grain size of 20 nm, Fig. 3. According
to the X-ray diffraction analysis of annealed samples, the volume
fraction of the low temperature HCP phase is continuously reduced
upon annealing.

The mean grain size of the FCC phase increases up to 50 nm,
while the mean grain size of the HCP phase decreases down to 7 nm
(Table 5). Annealing at temperatures of 553 and 623 K caused only
slight difference in grain size and lattice constant (Table 5). How-
ever, annealing at a temperature of 823 K generated grain size and
lattice constant changes due to the austenitic allotropic phase trans-
formation (HCP → FCC). At 823 K, the high temperature phase FCC
appears, and being retained after cooling at room temperature. The
sample annealed at 823 K shows a higher value of the lattice param-
eter (a = 3.4567 Å). The variation is most likely related with changes
in the chemical composition (i.e. Co/Ni ratio) in the FCC phase. As
in the case of alloy 1, the electrodeposited substrate exhibits also
structural changes, especially after annealing at a temperature of
823 K the intensity of the 2 2 0 reflection increases significantly,
indicating texture development.

The austenitic phase transformation temperature is a function
of heating rate [29] and in polycrystalline Co occurs at 695 K. Con-
sidering the chemical composition of an alloy with 94.5% of Co
in the nanocrystalline deposit (cf. Table 3), based on the phase
diagram [24] it can be assumed that the phase transformation
occurred at about the same temperature. DSC results confirmed this
assumption since a heat released associated with a phase trans-
formation has a maximum at 701 K. The volume fraction of the
FCC phase retained upon cooling to room temperature was over
70%.

SEM micrographs of annealed alloy 2 are shown in Fig. 9. The
platelet structure is preserved; however, the top of the particles
consists of the platelets with reduced size compared to the as-
deposited sample (Fig. 1(c)).
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Table 5

Phase composition and grain sizes of the as-deposited and annealed Ni–Co deposits (alloy 2 – prepared from the electrolyte with concentration ratio Ni2+/Co2+ = 0.25 at a
current density 65 mA cm−2).

Alloy Crystal structure Grain size (nm) Lattice parameter (Å) Cell volume (Å3)

a c

Alloy 2 as-prepared at 298 K HCP 20 ± 3 2.5057(2) 4.0690(4) 22.126(5)

Alloy 2 annealed at 553 K HCP 21 ± 3 2.5071(2) 4.0706(3) 22.159(4)

Alloy 2 annealed at 623 K HCP 19 ± 3 2.5079(2) 4.0714(4) 22.177(4)

Alloy 2 annealed at 823 K FCC 50 ± 5 3.5467(1) 44.616(7)
HCP 7 ± 2 2.4790(4) 4.257(2) 22.660(1)

Fig. 9. SEM micrograph of Ni–Co deposit upon annealing at 823 K (alloy 2 prepared
from the electrolyte with concentration ratio Ni2+/Co2+ = 0.25 at a current density
65 mA cm−2); magnification 2000× (SE, accelerating voltage 10 kV).

4. Conclusions

The structure and morphology of the Ni–Co alloy powders gal-
vanostatically deposited from ammonium nickel and cobalt sulfate
solutions depend significantly on the deposition current density as
well as the bath composition. The FCC phase is the predominant
phase in the alloy deposit obtained from the electrolytes with a
ratio Ni2+/Co2+ = 4. An increase in the volume fraction of the HCP
phase in the nanocrystalline deposits is caused by an increase in
the Co2+ ion concentration in the bath and by a decrease of the
deposition current density, whereas an increase of the current den-
sity and a decrease of the Co2+ ion concentration in the bath yield
finer grain deposits. An increase of the deposition current density
in electrolytes with a ratio Ni2+/Co2+ = 1 leads to a decrease of the
volume fraction of the HCP phase in the obtained deposits. Under
heating, a significant thermal effect in nanostructured Ni–Co alloy
powder deposits has been observed. On the whole, a heat release in
the deposit obtained from electrolytes with a ratio Ni2+/Co2+ = 0.25
is caused by both, the phase transformation and grain growth. The
heat release associated with the phase transformation (HCP → FCC)
has a maximum at 701 K. Annealing at 823 K results in the appear-
ance of the high temperature phase FCC being retained at room
temperature.

Acknowledgments

This research was supported by the research project “Bulk
Nanostructured Materials” within the research focus “Material Sci-

ence” of the University of Vienna. The investigation was partially
supported by the Ministry of Science and Environmental Protection
of Serbia, under Project 142025 and within the K plus programme
at CEST by the Austrian Research Promotion Agency (FFG) and the
government of Lower Austria.

LR is grateful for the support by the I.K. “Experimental Materials
Science – Nanostructured Materials”, a college for PhD students at
the University of Vienna.

References

[1] H. Gleiter, Nanocrystalline materials, Prog. Mater. Sci. 33 (1989) 223.
[2] R.P. Andres, R.S. Averback, W.L. Brown, L.E. Brus, W.A. Goddard III, S.G. Kaldor,

J. Mater. Res. 4 (1989) 704.
[3] M.A. Meyers, A. Mishra, D.J. Benson, Prog. Mater. Sci. 51 (2004) 427.
[4] U. Erb, Nanostruct. Mater. 6 (1995) 533.
[5] N.V. Myung, K. Nobe, J. Electrochem. Soc. 148 (2001) 136.
[6] D.-Y. Park, K.S. Park, J.M. Ko, D.-H. Cho, S.H. Lim, W.Y. Kim, B.Y. Yoo, N.V. Myung,

J. Electrochem. Soc. 153 (2006) 814.
[7] G.D. Hibbard, K.T. Aust, U. Erb, Mater. Sci. Eng. A 433 (2006) 195.
[8] G. Hibbard, U. Erb, K.T. Aust, U. Klement, G. Palumbo, Mater. Sci. Forum 386–388

(2002) 387.
[9] G. Wilde, P. Bunzel, H. Rösner, J. Weismüller, J. Alloys Compd. 434–435 (2007)

286.
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a b s t r a c t

Starting mixtures of ZnO, TiO2 and MgO (0, 1.25 and 2.5 wt.% MgO) powders were mechanically activated

for 15 min in a planetary ball mill. The powders obtained were sintered non-isothermally to temperatures

between 800 and 1100 ◦C and then held at those temperatures for 120 min. Analysis of the influence of

MgO addition on the synthesis of zinc–titanate ceramics showed that its addition increased slightly the

temperature at which the reaction process started, accelerated the reaction and resulted in higher sample

densities. These results were correlated with the results of structural characterization using X-ray powder

diffraction method and SEM analysis. Also, the results of electric resistivity, capacitance and loss tangent

of the sintered samples were obtained.

1. Introduction

Spinels have awakened great interest particularly in the study

of the physico-chemical properties of binary compounds and solid

solutions [1]. Much attention has been paid to the synthesis and

electrical properties of zinc titanate due to its attractive applica-

tions in microwave dielectrics [2,3]. Zinc titanate (Zn2TiO4) is an

inverse spinel, which has been used as a catalyst and pigment

[4].

Phase transitions in the ZnO–TiO2 system are relatively complex,

and sensitive to the starting material, additives and the prepara-

tion process [5]. The formation temperature for each of the ZnTiO3,

Zn2Ti3O8 and Zn2TiO4 phases was shown to vary significantly with

the preparation method and the Zn/Ti molar ratio of the starting

materials [6–11]. A number of studies up to now have been devoted

to the preparation, compound formation, crystal structure, stabil-

ity, additives, as an effective way to simplify the synthesis process

and improve the microwave dielectric properties, as well as the

electrical properties of zinc titanates [4,12–18].

∗ Corresponding author. Tel.: +381 11 20 27 203; fax: +381 11 185 263.

E-mail address: ninao@bib.sanu.ac.yu (N. Obradovic).

In the present work, Zn2TiO4 ceramics with MgO addition were

prepared by a solid-state reaction. MgO has been proved to be an

effective sintering aid for zinc–titanate ceramics [19]. Having in

mind recent accomplishments made in the field of oxide addition to

the ZnO–TiO2 system, we presumed that MgO addition would form

a solid–solution (Zn, Mg)2TiO4 and therefore stabilize the crys-

tal structure, improve both densification and microstructures after

the sintering process. The phase structure, microstructures along

with electrical properties as well as dilatometer investigations of

reactive sintering of zinc–titanate ceramics with MgO addition was

investigated.

2. Experimental procedure

Zinc–titanate samples with addition of MgO = 0–2.50 wt.% were prepared by

a conventional solid-state reaction method using ZnO (99.99% p.a. Aldrich), TiO2

(99.99% p.a. Aldrich) and MgO (97% p.a. Merck) powders. The starting materials

were mixed in ethanol with a magnetic whisk for 2 h in order to obtain homogene-

ity of the mixture and then dried at 120 ◦C for 2 h. The powders were submitted to

mechanochemical treatment for 15 min in a planetary ball mill device (Fritch Pul-

verisette 5) at the angular speed of the supporting disc set on 400 rpm. Samples

were denoted according to the added oxide, ZMTO-0, ZMTO-1.25 and ZMTO-2.50.

Powders were then sieved through a 0.2 mm sieve.

X-ray diffraction patterns of powder mixtures after milling and sintering

were obtained using a Philips PW 1050 diffractometer with �Cu K� radiation

and a step/time scan mode of 0.05◦/1 s. The morphology of obtained pow-

 doi:10.1016/j.jallcom.2008.03.090
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ders was characterized using scanning electron microscopy (JSM-6460LV JEOL

25 kV).

In order to investigate the reactive sintering process the relative shrinkage of

samples was followed by a sensitive dilatometer (B hr Ger tebau GmbH Type 702 s).

Heating was carried out in air with a constant heating rate of 30 ◦C/min, from room

temperature to 800, 900, 1000 and 1100 ◦C followed by holding times of 2 h. The

density of specimens was calculated from precise measurements of specimen’s

diameter, thickness and mass.

The measurements of electrical resistivity, capacitance and loss tangent of sam-

ples were measured in the frequency range from 400 Hz to 4 MHz with a HIOKI

3532–50 LCR HiTESTER device at a constant voltage mode (amplitude 0.5 V of sinu-

soidal signal applied to the specimens). The “four-probe” configuration has been

employed. The samples were prepared by painting silver electrodes on both sides

following with thermal treatment at 120 ◦C for 2 h performed in order to improve

the paint conductivity.

3. Results and discussion

Scanning electron images presented in Fig. 1 show a significant

difference in the starting powders. MgO powder consists of regu-

larly shaped, spherical particles with a size of 50 � approximately

(Fig. 1(a)). The surface is eroded with irregularly shaped pores with

a size of 200–300 �m (Fig. 1(b)). Compared to MgO particles, ZnO

and TiO2 particles are smaller. Scanning electron images indicated

polygonal sub-micron particles of ZnO powder (Fig. 1(c)) and spher-

ical particles with a size of 150 nm of TiO2 powder (Fig. 1(d)). Having

in mind mechanical properties of MgO oxide [20], we presumed

that MgO particles probably served as nuclei coated with ZnO and

TiO2 particles (Fig. 1(e))

X-ray diffraction patterns of mechanically activated starting

mixtures with different amounts of MgO are presented in Fig. 2. All

three analyzed mixtures were submitted to the same milling con-

ditions, but there are significant differences. The mixture without

MgO addition (ZMTO-0) has broad and low intensity ZnO diffraction

peaks and very low intensing anatase (TiO2) peaks in agreement

with intensive disappearance of an ordered crystal structure after

mechanical activation due to the high transfer of mechanical energy

to the powder. The very first detectable traces of Zn2TiO4 were also

present in the ZMTO-0 mixture, as expected [11].

Fig. 1. Scanning electron micrographs of (a) MgO with amplification 1000, (b) MgO with amplification 20,000, (c) ZnO with amplification 10,000, (d) TiO2 with amplification

10,000, and (e) ZMTO-1.25 with amplification 5000.
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Fig. 2. X-ray diffraction patterns of mechanically activated starting mixtures with

different amounts of MgO.

In powders with MgO (ZMTO-1.25 and ZMTO-2.50) all peak

intensities are sharper, showing that the presence of rigid and

stable MgO particles obstructs both mechanical treatment and

mechanochemical reactions (Young modulus for MgO, ZnO and

TiO2 are 45, 108 and 116, respectively [20]). Barely visible traces

of the zinc titanate phase are also detectable in ZMTO-1.25 but not

in the ZMTO-2.50 mixture. MgO peaks were not detected.

Table 1

Densities of samples before (�0) and after (�s) the sintering process given in % TD

Sample �0/�s (800 ◦C) �0/�s (900 ◦C) �0/�s (1000 ◦C) �0/�s (1100 ◦C)

ZMTO-0 67.51/70.08 67.51/70.97 67.53/80.00 67.53/90.63

ZMTO-1.25 64.33/68.84 64.15/70.65 64.25/77.60 64.21/90.55

ZMTO-2.50 62.51/65.61 62.61/67.16 62.47/78.88 62.59/89.58

Fig. 3(a) shows the relative shrinkage of samples as a function of

time during heating and 2 h holding at 800, 900, 1000 and 1100 ◦C

for ZMTO-0 samples, obtained by dilatometer. Fig. 3(b)–(d) shows

relative shrinkage along with the derivative curves of ZMTO-0,

ZMTO-1.25 and ZMTO-2.50 sintered at 1100 ◦C for 2 h, respectively.

Thus, one can notice that intensive sintering of mixtures sintered at

1000 and 1100 ◦C is accompanied by characteristic shrinkage and

an expansion just before the sintering process, which is the char-

acteristic of spinel formation at lower temperatures [17]. Contrary

to that, the solid-state reaction in the samples sintered at 800 and

900 ◦C, preceded in a quite different manner. First, the characteristic

maximum of zinc titanate formation is not observed, and secondly

the sintering process is far away from the final stage.

Shrinkage curves of ZMTO-1.25 and ZMTO-2.50 mixtures exhib-

ited the same trend as ZMTO-0. Analyses of curves presented

in Fig. 3(b)–(d) indicate that MgO addition shifts the onset of

the reaction process to higher temperatures. As the inclination

of dilatometric curve is defined by reaction rate, one can notice

that larger inclination indicate the faster reaction within these

powders. Hence, we assume that the MgO addition accelerates

the spinel formation. This is correlated to the fact that the ther-

modynamic stability of system was actually improved due to

magnesium substitution [21,22]. We concluded, also, that MgO

Fig. 3. (a) Relative shrinkage of ZMTO-0 as a function of time during heating to 800, 900, 1000 and 1100 ◦C and 2 h holding. Relative shrinkage and derivative curve for (b)

ZMTO-0 sintered for 2 h at 1100 ◦C, (c) ZMTO-1.25 sintered for 2 h at 1100 ◦C, and (d) ZMTO-2.50 sintered for 2 h at 1100 ◦C.
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Fig. 4. X-ray diffraction patterns of (a) ZMTO-0, (b) ZMTO-1.25 and (c) ZMTO-2.50

sintered at 1100 ◦C for 2 h.

addition has no effect on sintering temperatures. The greatest

shrinkage was obtained for samples with 2.50 wt.% MgO sintered

at 1100 ◦C as shown in Table 1, given in percentages of theo-

retical densities (TDZMTO-0 = 5.060 g/cm3, TDZMTO-1.25 = 5.035 g/cm3

and TDZMTO-2.50 = 5.010 g/cm3), as expected [13].

Fig. 4 shows the X-ray diffraction patterns of (a) ZMTO-0, (b)

ZMTO-1.25 and (c) ZMTO-2.50 sintered at 1100 ◦C for 2 h. It is

clearly visible that after heating we have a pure zinc titanate

phase in sample without MgO and zinc titanate phase with a small

amount of ZnO in samples with MgO addition. All samples sintered

at 800 ◦C (Fig. 5(a)–(c)) for 2 h contained small amounts of ZnO

and with increasing sintering temperature the ZnO concentration

decreased but was still detectable in samples sintered at 1100 ◦C

with MgO addition. Also, the reflections are sharp and intensive

due to recrystallization.

Recovery of the activated material, the disappearance of defects

and grain growth are processes that occur during sintering. No

MgO phase was detected for all the samples examined. It is

important to note that the peaks of the sintered samples shifted

towards higher angles with an increase in MgO content. The a-

axis of the (Zn, Mg)2TiO4 linearly decreased as the amount of

MgO increased (a = 8.4760, 8.4709 and 8.4649 A for ZMTO-0, ZMTO-

1.25 and ZMTO-2.50, respectively), obeying the generally known

Vegard’s law. The decreased a-axis lattice parameters could be

explained by the difference in the ionic crystal radii of Zn2+ and

Mg2+ which are 0.74 and 0.66 A, respectively, tending to make it

easy to substitute the zinc site by a magnesium ion [21]. Con-

sequently, one can conclude that the substituted Mg stabilizes

the crystalline structure. That statement is clearly visible while

observing the decrease in a-axis parameter and its approaching to

the value 8.4150 A observed from zinc titanate JCPDS pattern no.

86–0156.

Fig. 5. X-ray diffraction patterns of (a) ZMTO-0, (b) ZMTO-1.25, and (c) ZMTO-2.50 sintered at 800 ◦C for 2 h.
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Fig. 6. Scanning electron micrographs of (a) ZMTO-0, (b) ZMTO-1.25, and (c) ZMTO-2.50 powders sintered at 1100 ◦C for 2 h.

Scanning electron images presented in Fig. 6 show a significant

difference in powders sintered at 1100 ◦C with different amount of

MgO. Evolution of microstructural constituents, grains and pores

occurs during the sintering process, where along with increasing

of both the temperature and sintering time, adequate processes of

grain growth and decreasing pore size take place. The micrograph of

ZMTO-0 indicates the presence of well-formed zinc–titanate polyg-

onal grains approximately 700 nm in diameter. Microstructures of

ZMTO-1.25 and ZMTO-2.50 show some similarities probably due

to formation of a solid–solution [9] and more homogeneous grain

distribution compared to ZMTO-0. Observing the microstructure of

ZMTO-1.25 (Fig. 6(b)), we can conclude that the grains are smaller

and spherical, approximately 200 nm in size with a more uni-

form pore distribution. More pronounced densifications along with

grains that are approximately 300–400 nm in size are noticeable for

ZMTO-2.50 (Fig. 6(c)). According to our analysis the most homoge-

nous microstructure was obtained for the sample with 2.50 wt.%

MgO sintered at 1100 ◦C.

The results of microstructure development are in accordance

with dielectric properties of the samples. The values of density

Table 2

Relative shrinkage and electrical properties (at the 4 MHz frequency) of samples

ZMTO-0, ZMTO-1.25 and ZMTO-2.50 sintered at 1100 ◦C for 2 h

Sample ds (%) εr Q tg ı (×10−3) � (� m)

ZMTO-0 25.50 7.16 131 7.63 1.76

ZMTO-1.25 29.70 13.72 83.5 11.97 3.92

ZMTO-2.50 30.12 13.82 130 7.69 2.87

changes during the sintering process (ds, given in %), quality fac-

tor (Q), relative dielectric permittivity (εr) and specific resistance

(�, given in � m) of samples sintered at 1100 ◦C for 2 h are given in

Table 2.

The electrical measurements pointed out that relative dielectric

permittivity of the specimens increased with MgO addition and is

in a good agreement with literature data. It is believed that the

density play an important role in controlling dielectric loss, as has

been often found in other microwave dielectric materials [10]. The Q

value is generally affected not only by the lattice vibrational modes,

but also by the pores, the second phases, the impurities, the lat-

tice defects, crystallizability and inner stress [23]. According to our

analysis, since a higher density or a greater shrinkage during sinter-

ing resulted in a higher dielectric permittivity owing to the lower

porosity for the fixed sintering temperature and since the amount

of the secondary phase is very small, as observed from XRPD, the

effect of the poly-phase mixture on dielectric permittivity change

is less sensitive than the density effect [24]. In addition, Zn2TiO4

doped with different amounts of Mg enhances the specific electri-

cal resistivity. The influence of the Mg impurities is that the Mg

atoms in Zn2TiO4 act as scattering centers [13,14].

4. Conclusions

The phase composition in ZnO–TiO2 solid solutions with the

addition of MgO = 0–2.50 wt.% along with the microstructures, elec-

trical properties and the analyses of non-isothermal sintering was

studied. The main conclusions are:
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• MgO is a very rigid and stable oxide compared to ZnO and TiO2

that are brittle and soft with spherical particles with a size of 50 �

approximately. It probably serves as nuclei coated with ZnO and

TiO2 particles, which are much smaller, and therefore its addition

obstructs both mechanical activation and the beginning of the

mechanochemical reaction.
• The reaction temperatures are shifted to higher temperatures

and the reaction of spinel formation is accelerated with MgO

addition. The thermodynamic stability of system was actually

improved due to the magnesium substitution. Also, densities of

all three mixtures increase with sintering temperatures reaching

their maximum for mixtures with MgO addition at 1100 ◦C, as

expected.
• The sintered samples crystallized in a solid solution along with a

small amount of ZnO in doped samples. The lattice parameter of

the samples decreased with MgO content, which indicates that

MgO addition stabilizes the crystal structure of zinc titanate.
• For the activation and sintering conditions we used, a higher den-

sity and homogeneity of morphology are dominantly responsible

for the higher values of relative dielectric permittivity. Also, MgO

addition increased the relative dielectric permittivity as well as

specific resistance, as expected.
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a b s t r a c t

The nickel and cobalt disperse alloy deposits of five different compositions were obtained by electrode-

position on Cu substrates in the galvanostatic regime from an ammonium sulfate-chloride solution.

The effect of cathodic current density and Ni2+/Co2+ ions concentration ratio in the electrolyte on the

composition, microstructure, morphology and mechanical properties of Ni–Co alloys were investigated.

Conditions for formation of nanostrustured disperse deposits and surface roughness was determined by

3D SEM reconstruction of the specimen surface. It was established that formation of the disperse deposits

with highly developed structures is favored from bath with equal Ni2+/Co2+ ions concentration ratio in

the electrolyte. Cathodic polarization diagrams determined for all investigated alloys have shown shift

of the cathodic potential for alloy deposition to the more negative values with increasing Ni2+/Co2+ ions

concentration ratio in the electrolyte. An increase of in the cobalt content in the alloy was observed

with decreasing the current density and increasing of the Co2+ ions concentration ratio in the bath. X-ray

analyses of nanocrystalline Ni–Co deposits show formation of a single phase face-centered cubic (FCC), a

single phase hexagonal-close packed (HCP) and mixture of FCC solid solutions and HCP phase depending

on the current density applied and electrolyte composition. The increase of HCP phase content in the

nanocrystalline deposits appears as a result of both, the increase in Co2+ ions concentration in the bath

and decrease of deposition current density. The mechanical properties of nanocrystalline deposits have

shown increase of the hardness with increasing Ni content in the alloy. The cross-section of the samples

electrodeposited on Cu substrates from electrolytes with equal ion metal concentration at lower current

density values revealed the beginning of a dendrite structure formation.

.

1. Introduction

The recent interest in the electrodeposition of iron-group met-

als (Ni, Co and Fe) and their alloys is due to their unique magnetic

and thermophysical properties [1,2]. Electrodeposition is a process

which is capable for depositing nanocrystalline metals and alloys

[3] onto recessed and non-uniform surfaces, and therefore has

found a role in microelectromechanical systems (MEMS) [2,4–7].

The hardness and strength of the electrolytic deposits are bet-

ter than alloys prepared by conventional metallurgical processes

[2]. One of the most important aspects of electrodeposition pro-

cess is possibility for production of nanocrystalline materials which

exhibit unique properties compared to the microcrystalline coun-

terparts [3].

A metal powder represents a loose deposit which can sponta-

neously fall off from the electrode or can be removed by tapping or

∗ Corresponding author.

E-mail addresses: dminic@ffh.bg.ac.rs, dminic2003@yahoo.com (D.M. Minić).

by other similar way [8–10]. The electrodeposition of the powders

from the solutions, established by the work of Calusaru [11] pos-

sesses significant advantages over other methods for synthesis of

nanocrystalline materials [3]. This method usually yields products

of requested chemical composition and high purity, which can be

well pressed and sintered [12–14]. The effect of operating condi-

tions, electrolyte composition, temperature and pH on the Ni–Co

composition and properties of obtained deposits are widely inves-

tigated [15–18]. On the other hand, electrodeposition at very high

current density and high overpotential is only investigated for the

case of the obtaining of powders [19–21].

However, electrochemical synthesis of disperse deposits on

the substrate is insufficiently investigated [8]. Investigations of

such Cu deposits formed at high current densities characterized

by open and very porous structures with extremely high surface

areas were initiated recently [22]. It has been stated that the open

and porous structures of copper deposits obtained at high current

densities were ideally suited for use as electrodes in electrochem-

ical devices such as fuel cells, batteries and chemical sensors [22],

while the extremely high surface area is relevant for evaluating

 doi:10.1016/j.matchemphys.2009.11.029

������ �

392
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some electrochemical reactions [23]. Surface microstructure plays

a crucial role in application such as a magnetic storage, printing

devices and all other similar technological procedures, but corre-

lation between surface morphology and roughness structure with

deposition parameters is still open topic [24]. Three-dimensional

(3D) characterization seems more adapted for applied research.

Therefore, the aim of this study is investigation of the influence

of deposition current density on microstructure of disperse Ni–Co

deposits and correlation between electrolysis conditions for for-

mation of such rough deposits on the substrates with morphology,

surface roughness and mechanical properties.

2. Experimental

The deposits were obtained in an open glass electrochemical cell with a vol-

ume of 1 dm3 , thermostatically controlled at a temperature of 298 K. A Ti-plate

covered with RuO2/TiO2 (10 cm2 geometric area), placed close and parallel to the

Cu plate, was used as an anode (DSA). The solutions were made from analytical

grade chemicals and triple distilled water. The alloys were electrodeposited from

mixed ammonium sulfate-chloride solutions of different Ni2+/Co2+ ions concen-

tration ratios of 0.25, 0.5, 1, 2 and 4 (total concentration of NiSO4 + CoSO4 was

0.12 mol dm−3) using 0.5 mol dm−3 NH4Cl and 3.5 mol dm−3 NH4OH as a buffering

agent and a supporting electrolyte at pH 10. The electrodeposition was performed

with a constant current regime ranging from 65 to 400 mA cm−2 . The deposition

time was adjusted to the same quantity of electricity (43 mA cm−2).

Polarization diagrams were recorded with the three-compartment standard

electrochemical cell at a temperature of 298 K. The platinum foil counter electrode

and the reference–saturated calomel electrode (SCE) were placed at separate com-

partments, connected to the working electrode by a Luggin capillary positioned at a

distance of 0.2 cm from the working electrode surface. The working electrode was a

copper electrode rod (d = 0.4 cm). Before each experiment the working electrode sur-

face was polished using 0.05 �m alumina impregnated polishing cloths. The Ni–Co

alloys were electrodeposited with same quantity of electricity (43 mAh cm−2).

Polarization measurements were performed by a computer controlled electro-

chemical system (PAR M 273A) using the corrosion software (PAR M352/252, version

2.01) with a sweep rate of 1 mV s−1 . To obtain polarization curves corrected for the

IR drop, current interrupt technique was used with the time of current interruption

being 0.5 s.

The current efficiency of alloy deposits was determined at different current den-

sities by measuring the mass of the deposit on the copper cathode which was used

as a working electrode.

Surface morphology was examined using an XL 30 ESEM-FEG (environmental

scanning electron microscope with field emission gun, FEI Company, NL). The 3D

reconstruction of the specimen surface was characterized by SEM using MeX soft-

ware from Alicona (A). It enables to carry out a 3D analysis directly from the digital

images yielding profile and roughness measurements and also area analysis as well

as volumetric measurements. An alloy composition analysis was performed by ESEM

using the energy dispersive X-ray spectrometry (EDX) software Genesis (USA). X-

ray powder diffraction (XRD) analysis was carried out using a MPD diffractometer

(Philips, NL) with CuK� radiation (40 kV/30 mA). Step scan mode was utilized with

0.03◦ in 2� per 1.15 s step.

The micro-hardness of the deposits was determined using a Vickers microhard-

ness indenter with a load of 50 �N. Cross-sections of the Ni–Co samples deposited

on the Cu substrates were performed for indentation measurements. The final value

quoted for the hardness of the deposits was the average of 10 measurements. Opti-

cal micrographs of the sample cross-sections were obtained by optical microscope

Olympus SZX 12 (JP).

3. Results and discussion

3.1. Current efficiency

Fig. 1 shows the polarization curves for different compositions of

the electrolyte performed on a Cu cathode. The shape and position

of the polarization curves strongly depend on the electrolyte com-

position. A decrease in the content of Co2+ as well as an increase in

the content of Ni2+ shifts the position of the corresponding polariza-

tion curves towards negative values of the potentials corresponding

to the potential of the Ni/Ni2+ deposition of pure nickel.

Metal and alloy deposition of the iron group from aqueous

solutions, is accompanied by a concurrent hydrogen evolution reac-

tion [25] which significantly affects the shape of the polarization

curve and the morphology of the obtained deposits. According to

the polarization diagrams, corrected for IR drop (which is indis-

Fig. 1. Polarization curves for the cathodic process of Ni–Co deposition on cop-

per cathode for different composition of the electrolyte: (�) Ni2+/Co2+ = 0.25; (♦)

Ni2+/Co2+ = 0.5; (�) Ni2+/Co2+ = 1, (�) Ni2+/Co2+ = 2 and (�) Ni2+/Co2+ = 4, corrected

for IR drop. Scan rate 1 mV −1 .

pensable because the galvanostatic deposition for production of

disperse deposits is performed at high current densities using small

ion metal concentration), the Ni–Co electrodeposition at overpo-

tentials higher than – 1.2 V is characterized by sharp increase

of the current density where disperse deposits with high devel-

oped structures are formed. Formation of the disperse deposits is

dependant on hydrogen evolution since at current density higher

than 200 mA cm−2, the current efficiency is less than 50% (Fig. 2)

for all investigated electrolyte compositions. Hydrogen provides

some additional stirring effect and enhances formation of disperse

deposits with more developed structures.

The hydrogen evolution during the deposition of the alloys

diminishes the current efficiency, depending on the electrolyte

composition as well as on the current density. These results are

in agreement with polarization measurements where alloys with

less nickel content have lower hydrogen overpotential and con-

sequently a lower current efficiency. In the current density range,

where the disperse deposits were obtained, the current efficiency

decreases with the increase of the current density and with the

decrease of the Ni2+ concentration in the electrolyte.

Fig. 2. Current efficiency of the Ni–Co deposition process for the different current

densities and compositions of the electrolyte: (�) Ni2+/Co2+ = 0.25; (�) Ni2+/Co2+ = 1

and (�) Ni2+/Co2+ = 4.
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Fig. 3. Dependence of the alloy composition on Ni2+/Co2+ ratio in the electrolyte at
a current density 65 mA cm−2 .

3.2. Composition of the Ni–Co alloys

In order to define the influence of the electrolyte concentra-
tion on composition of the obtained disperse Ni–Co deposits, the
electrodeposition from five electrolytes of different compositions
at current density of 65 mA cm−2 was performed. The chemical
composition of the alloys galvanostatically deposited was deter-
mined for alloy samples as an average of 3 measurements with
surfaces of 10 �m2 with an error of ±2%. Afterwards, current den-
sities of 220 and 400 mA cm−2 were selected to define the effect of
the current density on deposit composition for a chosen electrolyte
composition.

According to the EDX analysis, the electrolyte composition
(Ni2+/Co2+ ions ratio) as well as the current density, affects the com-
position of the electrodeposited alloys remarkably, Figs. 3 and 4.

Fig. 4. Dependence of the alloy composition on current density from an electrolyte
with concentration ratio Ni2+/Co2+ = 1.

Fig. 5. X-ray diffraction patterns of alloys deposited from the electrolyte with dif-
ferent Ni2+/Co2+ concentration ratio: (a) 0.25, (b) 0.5, (c) 1, (d) 2 and e) 4 at a current
density 65 mA cm−2 (�-reflections attributed to the �-Ni; �-reflections attributed
to the �-Co; S-reflection attributed to the Cu substrate).

However, the percentage of Ni in the deposit, especially for the
deposit obtained from the electrolyte with [Ni2+]/[Co2+] = 0.25 was
lower than in the electrolyte solution, Fig. 3. This indicates that the
electrochemical alloying leads to an increase in the reaction rate of
Co at relatively low current density of j = 65 mA cm−2 resulting in
the higher content of cobalt in the alloy than in the electrolyte. Such
behavior is in accordance with the term “anomalous co-deposition”
as introduced by Brenner [25] which refers to the preferential depo-
sition of the less noble metal, i.e. Co. Besides, with the increase of
the Ni2+ concentration in the electrolyte, the Ni content in the alloys
almost reaches its content in the electrolyte.

The difference between the electrolyte composition and the
deposit composition (Fig. 4) is much less pronounced at high cur-
rent density, i.e. j = 400 mA cm−2. The composition of the obtained
deposit is almost similar to the concentration of the metal ions
in the electrolyte. In this case, the composition of the deposits is
dependent on the current density, indicating that an increase of
the current density is accompanied by a decrease of the cobalt con-
tent in the deposit. An increase of the current density leads to an
increase of the overpotential which is combined by an increase of
the activation of the electrode reaction. This results in an increase
of the nickel content in the deposits.

3.3. Microstructure of deposits-Influence of chemical composition

of the electrolyte on microstructure

Fig. 5 shows a series of XRD patterns for all five alloys elec-
trodeposited from different bath compositions at a selected current
density of j = 65 mA cm−2 with same quantity of electricity and with
an average sample thickness of (25 ± 5) �m.

The X-ray analysis of the deposits shows the presence of solid
solutions of Ni and Co with a structure which changes progressively
with the change of their chemical composition depending on the
used electrolyte. For the lowest content of Ni, a single phase deposit
involves the hexagonal close-packed (HCP) phase also known as �-
phase (Fig. 5a). With the increase of nickel content in the deposit
ranging to 30–40 at%, the mixture of face centered cubic (FCC) also
known as �-phase and the HCP phase was found (Fig. 5b–d). With
the further increase of Ni content in Ni deposit, only a single FCC
phase is observed (Fig. 5e). The noticed diffraction peaks of Cu with
low intensity belong to the substrate material. Deposits rich in Co
and deposits rich in Ni (Fig. 5a and e) exhibit cell volumes compa-
rable to the theoretical values of Co (22.1 Å3) and Ni (43.8 Å3), cf.
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Table 1

Phase composition, grain size and cell parameters of the electrodeposited alloys.

Ni2+/Co2+/current density Crystal structure/concentration (%) Grain size (nm) a (Å) c (Å) Cell volume (Å3)

Ni2+/Co2+ = 0.25/ 65 mA cm−2 HCP/100 20 2.506 4.069 22.126
Ni2+/Co2+ = 0.5 65 mA cm−2 FCC/27 HCP/73 11/9 3.533/2.505 4.076 44.114/22.153
Ni2+/Co2+ = 1/ 65 mA cm−2 FCC/28 HCP/72 19/15 3.529/2.505 4.072 43.955/22.127
Ni2+/Co2+ = 1/ 220 mA cm−2 FCC/71 HCP/21 amorphous phase/8 13/11 3.530/2.499 4.077 43.971/22.043
Ni2+/Co2+ = 1/ 400 mA cm−2 FCC/82 HCP/3 amorphous phase/15 11/10 3.533/2.495 4.100 44.096/22.100
Ni2+/Co2+ = 2 65 mA cm−2 FCC/87 HCP/13 14/5 3.528/2.480 4.057 43.901/21.610
Ni2+/Co2+ = 0.25/ 65 mA cm−2 FCC/100 13 3.526 43.833

Fig. 6. SEM micrographs of Ni–Co deposits obtained at a current density 65 mA cm−2 from an electrolyte with different Ni2+/Co2+ concentration ratio: (a) 0.25, (b) 0.5, (c) 1,
(d) 2 and (e) 4.
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Fig. 7. X-ray diffraction patterns of alloys deposited from an electrolyte with

concentration ratio Ni2+/Co2+ = 1 at different current densities: (a) 65 mA cm−2 ,

(b) 220 mA cm−2 and (c) 400 mA cm−2 (�-reflections attributed to the �-Ni; �-

reflections attributed to the �-Co; S-reflection attributed to the Cu-substrate).

Table 1.

The morphology of all Ni–Co deposits strongly depended on the

chemical composition of the alloy deposit, i.e. the chemical com-

position of the electrolyte, Fig. 6. For the chosen current density of

65 mA cm−2 particles with a size varying from 5 to about 50 �m

composed of fine nanosized crystallites of different morphology

were obtained.

The morphology of the alloy deposited from electrolyte with the

highest concentration of [Co2+] ions in the electrolyte, at current

density of 65 mA cm−2 is shown in Fig. 6a. This deposit possesses

the platelet structure.

For the concentration ratio [Ni2+]/[Co2+] = 1 in the electrolyte,

the morphology of the deposit is slightly changed and consists of

cauliflower particles exhibiting a surface morphology based on pre-

ferred oriented platelets (Fig. 6c). Fig. 6b and d show enhanced

dendritic growth with more disperse deposits obtained from the

baths with the concentration ratio [Ni2+]/[Co2+] = 0.5 and 2, respec-

tively. At one and the same current density of 65 mA cm−2, more

developed structures are formed leading an increase of the mean

surface roughness. Finally, the particles deposited from the elec-

trolyte with the highest content of Ni show cauliflower structure,

Fig. 6e. The morphology of the deposits is similar to the morphol-

ogy of the pure Ni obtained from the Wath’s bath without addition

of a surfactant substance [8,20].

The SEM micrographs show that the surface morphology of the

deposit is determined by the nature of the electrochemically active

ions or complexes and the kinetics of the electrocrystallization pro-

cess.

3.4. Phase analysis of deposits-Influence of current density on

microstructure

A detailed Rietveld’s analysis revealed that the phase com-

position of the deposited Ni–Co solid solutions depends on the

composition of the electrolyte bath as well as on the applied cur-

rent density (Fig. 7). Rietveld’s refinement procedure [26] is able

to simulate the XRD pattern from given starting parameters. The

purpose of this simulation is therefore to refine individual param-

eters, e.g. phase content, grain size, and crystal lattice parameters,

to obtain a good fit. For this purpose Rietveld’s refinement program

TOPAS V3.0 (Bruker AXS GmbH, Germany) was used [27]. The qual-

ity of the refinement progress was controlled by monitoring the fit

parameter Rwp, the goodness of fit (GOF), and the Durbin–Watson

Fig. 8. Evolution of the FCC phase content in deposits as a function of current density

from an electrolyte with concentration ratio Ni2+/Co2+ = 1.

factor.

The deposits obtained from an electrolyte with a equal ion metal

concentration ratio, [Ni2+]/[Co2+] = 1, have shown the formation of

a mixture of both phases, HCP and FCC. The formation of solid solu-

tions is a consequence of the mutual miscibility of Ni and Co in the

range of concentration in the obtained deposits (Table 1) which is in

accordance to the phase diagram [28]. The decrease of the current

density results in pronounced crystallization and an increase of the

size of crystallites as well as a higher HCP content in the alloys. Evo-

lution of the FCC phase content from the same bath was achieved

by the increase of current density (Fig. 8).

If the kinetics of the deposition process is fast, a disperse deposit

can be obtained at low driving force, while a much larger driving

force is needed for kinetically slow processes such as Ni and Co

deposition [8] resulting in an electrodeposition process far from

equilibrium conditions, i.e. at high overpotentials, and in the for-

mation of the FCC phase. At low overpotentials, a higher amount of

Co as the HCP phase is formed.

3.5. Grain size of Ni–Co alloy deposits

The electrolyte composition and the current density have a

great effect on the grain size of the deposits. Average grain sizes

were calculated from the peak broadening from XRD according to

the Scherrer equation with the Rietveld refinement method [26].

Obtained alloy deposits were composed of fine nanosized crystal-

lites (cf. Table 1).

The alloy electrodeposited at selected current density of

65 mA cm−2 from the electrolyte with the ratio [Ni2+]/[Co2+] = 0.25

(Fig. 5a), contains the �-Co phase with hexagonal close-packed

lattice and with an average grain size of 20 ± 2 nm. The average

grain size in the deposits consisting single FCC phase was 13 ± 2 nm

(Fig. 5e). In general, deposits with finer grain sizes are obtained with

increasing [Ni2+] concentrations in the electrolyte. With increasing

Co content in the alloys (Table 1) the average size of crystallite

increases ranging from 13 to 19 nm for the FCC phase and from 15

to 20 nm for the HCP phase. The mixture of two phases leads to a

further grain size refinement of deposits.

A reduction of the grain size was also achieved by an increase

of the current density. Increasing the current density leads to the

increase of the overpotential, and therefore increases the nucleus

formation probability resulting in smaller critical radii and the

number of atoms constituting the nucleus. Hence, the increase

of current density decreases the grain size of the Ni–Co deposits

(Table 1). The formation of electrochemical deposits from elec-

trolytes with a higher [Ni2+]/[Co2+] ratio is accompanied by higher

overpotential values, therefore deposit with finer grains is formed
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Fig. 9. 3D SEM reconstruction of the surfaces of Ni–Co deposits obtained at a current density 65 mA cm−2 from the electrolyte with different Ni2+/Co2+ concentration ratios:

(a) 0.25; (b) 1 and (c) 4.

from a bath containing a higher Ni2+ ions concentration (Table 1.).

For the deposition of more disperse deposits composed from fine

nanosized crystallites, the use of the overpotentials higher than

1.3 V are requested, specifically in the case of the deposits obtained

from electrolyte with concentration ratio [Ni2+]/[Co2+] > 0.5.

3.6. Surface roughness of Ni–Co alloy deposits

The 3D dataset was deduced from two stereoscopic images

obtained by tilting the sample stage in the ESEM at the eucen-

tric point with an angle of 5◦, Fig. 9a–c. The calculated roughness

parameters are shown in Table 2.

The concentration ratios [Ni2+]/[Co2+] = 0.25 and 4 correspond-

ing to a single-phase systems, led to a surface with similar mean

roughness values in spite of different morphology, (Fig. 6a and e),

respectively. In the case of a ions concentration [Ni2+]/[Co2+] = 1,

involving more than one phase, the Ra values are almost 3 times

higher, and the active surface increases in comparison to the spec-

imens with ratios of 0.25 and 4. An increase in the current density

results in a decrease in the mean roughness (Table 2), since at higher

current densities the amount of crystal nuclei on the surface is

enhanced. The larger the nucleation rate, the more homogenous

is the grain size distribution leading to the formation of smoother

deposits (see also, Fig. 6a and e). 3D SEM reconstruction experimen-

tal results confirmed the beginning of disperse deposits formation

in galvanostatic deposition using current density, j ≥ 65 mA cm−2.

3.7. Mechanical properties of Ni–Co deposits

Nanoindentation test were performed to investigate the

mechanical properties of the deposited samples. A load of 50 �N

was applied on the cross-section of the samples (deposits on cop-

per substrate). The low applied load is needed to make penetration

depths small enough to avoid the influence of the substrate on

the hardness measurements. The nanoindentation test demon-

strated that nanocrystalline deposits have a higher hardness with

an increase of the Ni content in the sample (Fig. 10). The hardness

of the Ni–Co alloys deposited from the same bath composition but

at different current densities shows a reduction of the hardness,

not as significant as in the case of the hardness measured on the

samples prepared from the different bath compositions.

Table 2

Roughness parameters of alloys deposited from electrolytes of different Ni2+/Co2+ concentration ratio and at different current densities.

Ni2+/Co2+ concentration ratio Current densities (mA cm−2) Ra (�m) Rz (�m) RS

0.25 65 0.7 4.7 1.64

0.5 65 1.3 5.2 1.34

1 65 3.0 13.1 1.98

1 220 1.1 5.2 1.38

1 400 1.0 6.5 1.62

2 65 2.1 9.2 1.37

4 65 1.0 4.7 1.64

Ra, mean roughness, Rz, the difference between the highest and the lowest point in the picture of defined scan, RS, active surface, the ratio of the real surface including

topography to a projected surface of the measurements (a square with dimensions of 23 �m × 15 �m).
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Fig. 10. Hardness of Ni–Co deposits as a function of current density and electrolyte

composition: (�) concentration ratio Ni2+/Co2+ = 1 at different current densities, (�)

different concentration ratio Ni2+/Co2+ at a current density 65 mA cm−2 .

In contrast to some authors [29], the hardness is increased with

an increase of the Ni content in the deposits. According to the opti-

cal micrographs of the cross-sections of the deposits obtained on

the Cu substrate presented in Fig. 11, two possible reasons can

cause such behavior. One is the grain size and the second is poros-

ity inside the deposit with high Co content (Fig. 11a). The release

of hydrogen in the layer surrounding the electrode also affects the

properties of the obtained deposits, causing the formation of craters

in the deposit (Fig. 11c). The deposit obtained form the electrolyte

with the highest concentration of Ni2+ are compact (Fig. 11c), while

the deposits obtained at the same current density from the bath

with the concentration ratio Ni2+/Co2+ = 1 show a dendritic struc-

ture (Fig. 11b). It should be indicated that when the grain size is

smaller than 10 nm, the grain refinement may cause softening of

the nanocrystalline metals. In these measurements, differences in

the grain size have not been so significant, but they still affect the

large difference in the hardness value (Fig. 12).

The hardness measurements performed on the Ni–Co

deposits obtained from an electrolyte with a concentration

Fig. 12. Effect of the grain size on nanohardness of Ni–Co deposits performed

from an electrolyte with different Ni2+/Co2+ concentration ratio (d, average value

of grains).

ratio [Ni2+]/[Co2+] = 1 at different current densities have shown a

reduction of hardness. The explanation can be attributed to the

fact that at higher current densities a more disperse deposit with

porous structure and very high surface area is formed. Nanohard-

ness of deposits decreases with increasing current density since

evolution of the dendritic structure occurred during deposition at

higher current densities.

The grain size is the main parameter influencing the grain

boundary hardening. Based on the Hall–Petch relationship,

nanocrystalline material is expected to exhibit higher strength than

their microcrystalline counterparts [30]. In the present study, the

nanograin size did not affect the softening of the deposits formed

from electrolytes with equal ion compositions, Ni2+/Co2+ = 1 at dif-

ferent current densities, considering grain sizes of the deposits

were in the range of 10 nm. Although the more dendritic deposits

performed at higher current densities, are characterized by a reduce

Fig. 11. Cross-section of Ni–Co deposits obtained on copper substrate from an electrolyte with concentration ratio Ni2+/Co2+: (a) 0.25; (b) 1 and (c) 4 at a current density

65 mA cm−2 .
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grain size, the formation of the deposits with a very disperse den-

dritic structure has a decisive influence on the measurements.

4. Conclusions

The microstructure as well as the morphology of the Ni–Co alloy

deposits electrochemically obtained from an ammonium sulfate-

chloride solution depends on the deposition current density and the

bath composition. With a decrease in the deposition current den-

sity the volume fraction of the HCP phase in the deposits increases

accompanied by the crystal grain growth. The increase of HCP

phase content in the nanocrystalline deposits appears as a result

of both an increase in the Co2+ ions concentration in the bath and

a decrease of the deposition current density. The increase of the

current density and the decrease of the Co2+ ions concentration in

the bath results in finer grain deposits. Surface morphology and

mean roughness of the deposits depend on the concentration ratio

in electrolyte; in the case of equal ions concentration of Ni2+/Co2+

in the electrolyte, the mean roughness of the deposit is the high-

est. It is possible to achieve variety of microstructural properties by

choosing the current density or the electrolyte composition appro-

priately.
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[10] K.I. Popov, S.S. Djokić, B.N. Grgur, Fundamental Aspect of Electrometallurgy,
Kluwer Academic press, New York, 2002.

[11] A. Calusaru, Electrodeposition of Powders from Solutions, Elsevier, New York,
NY, 1979.
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Abstract

In this article, in order to obtain tetragonal nanocrystalline BaTiO3, structural investigations of mechanically activated BaTiO3 powder have

been performed. A mercury porosimetry analysis and scanning electron microscopy method have been applied for determination of the specific

pore volume, porosity and microstructure morphology of the samples. The lattice vibration spectra of nonactivated and activated powders, their

phase composition, lattice microstrains and the mean size of coherently diffracting domains were examined by Raman spectroscopy and the X-ray

powder diffraction method. The average crystal structure of obtained nanocrystalline powders, estimated from X-ray diffraction data, gave

evidence of retained, but slightly sustained tetragonality of powders, even for particles as small as �30 nm. Raman spectroscopy also gave clear

evidence for local tetragonal symmetries, in particular through the presence of a band at �307 cm�1.

# 2011 Elsevier Ltd and Techna Group S.r.l. All rights reserved.

Keywords: Nanocrystalline BaTiO3; Mechanical activation; X-ray diffraction; Raman spectroscopy

1. Introduction

It is well known that advances in microelectronics and

communication industries have led to substantial miniaturiza-

tion of many electronic devices such as multilayer ceramic

capacitors (MLCC), while the performance requirements have

increased [1]. During MLCC production process, a mixture of

ceramic powder and binder solution is formed into green

ceramic sheets by tape casting. Therefore, miniaturization

requires smaller and more uniform powder particle sizes of

many electroceramic materials [2]. For BaTiO3 ceramics,

which can be applied not only in ceramic capacitors, but also in

self-controlled heaters, communication filters and nonvolatile

memories, a narrow powder particle size distribution and high

tetragonality is required. Unfortunately, most methods for the

production of BaTiO3 fine powders, such as the conventional

solid state reaction method, alkoxide-hydroxide route, sol-

vothermal process, hydrothermal methods, etc., are unsuccess-

ful in preparing BaTiO3 nanopowder with a tetragonal phase. It

has been established that, depending on the processing route

which has been used, size effects and the formation of lattice

OH� groups, associated with strains and defects, are factors

which stabilize the metastable cubic structure in BaTiO3 [3,4].

As a result, formation of tetragonal BaTiO3 nanopowder is

suspended. Recently, Park et al. [5] reported that nanograined

BaTiO3 ceramics prepared from noncoated BaTiO3 nanopow-

ders showed a mixed state of cubic and tetragonal phases. Their

results indicate not only the possibility of tetragonal BaTiO3

nanopowder formation, but also emphasize that developing of a

low temperature synthesis procedure directly resulting in the
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formation of tetragonal BaTiO3 nanopowders is of extreme

interest.

In order to produce nanocrystalline powders and improve

the final properties of electroceramics, in recent years,

among the other methods, high energy mechanical activation

has been employed [6]. Several investigations have been

carried out in order to obtain BaTiO3 by mechanically

activating the reactants [7,8]. BaTiO3 resulted from milling

of BaO + TiO2 in a ball mill during 100 h [9], however high

temperature treatments were needed to preserve BaO in the

pure state, prior to the milling. Also, the milling in a

planetary mill of Ba(OH)2�8H2O + TiO2 resulted in a BaTiO3

powder which had poor crystallinity, so an annealing

treatment was necessary [10]. Unfortunately, all these

synthesis procedures failed to create BaTiO3 powder with

a tetragonal structure. Although production of nanocrystal-

line powders by mechanical activation can be done not only

by mechanochemical processes, but also by activation of a

single phase powder (by controlling the balance point

between fracturing and cold welding) [11], no systematic

investigation of single phase BaTiO3 mechanical activation

has been performed yet. These investigations are very

important since mechanical activation of initial powder

change its structure and reactivity and enable obtaining

ceramics with improved final properties. Therefore, in order

to investigate the possibility of obtaining tetragonal

nanocrystalline BaTiO3, structural investigations of mechani-

cally activated BaTiO3 powder have been presented in this

article.

2. Experimental procedure

As the starting material, a high purity commercial BaTiO3

powder (Aldrich, 99.9% purity, mean grain size < 2 mm) was

used. Mechanical activation was carried out in a planetary-ball

mill (Fritsch Pulverissete 5) for 10, 20, 40 and 60 min in an

agate jar with 8 mm in diameter agate balls. The ball/sample

mass ratio was 20:1 while the tray and vial rotation speeds were

317 and 396 rpm, respectively.

The influence of mechanical activation on the change of the

specimen’s bulk density, specific pore volume and total

porosity, have been performed using the mercury porosimetry

analysis. Bulk density (rbl) and specific pore volume (Vsp) of all

samples were estimated with a Carlo Erba Porosimeter 2000

using the Milestone 100 Software System. This type of high-

pressure mercury intrusion porosimeter operates up to

207 MPa, enabling determination of the total pore volume of

all pores greater than 7.5 nm in diameter. The total porosity of

the sample (P) was determined as a product of Vsp and rbl.

The microstructure morphology of nonactivated and

activated samples has been investigated using scanning electron

microscopy (JEOL-JSM-T20).

X-ray powder diffraction patterns of the initial and activated

powders were obtained in Bragg-Brentano geometry, on a

Philips PW-1010 powder diffractometer, using Ni-filtered Cu

Ka radiation. The diffracted intensities were collected in a step

scan mode 0.028/12 s, over the 2u angular range 10–1208.

Structural refinements were carried out using the Rietveld

method and the Koalariet-Xfit computer program with

algorithms described by Coelho and Cheary [12].

Room temperature Raman spectra of the initial and activated

samples were obtained in the spectral range from 200 to

1000 cm�1, in the backscattering geometry, by a Micro Raman

Chromex 2000, using the 532 nm line of a Nd:YAG laser. The

spectral resolution was 1 cm�1. The laser output power was

50 mW and the laser beam was focused to a spot size of 5 mm at

the sample surface.

3. Results and discussion

In general, during mechanical activation the introduction of

mechanical energy may cause numerous processes such as a

refinement in crystallite size, creation and movement of

structural defects, activation of phonons, amorphisation of the

crystalline phase, phase transformations, order–disorder transi-

tions and chemical reactions [13]. Although during the

formation of mechanically activated nanocrystalline powders,

in a size reduction process, powder particles break in

dependence on the applied stress and material properties, the

production of nanoparticles does not only depend on particle

comminution, but also on the capability of stabilization of

broken fragments and their rheology [14]. When powder

particles are subjected to a mechanical stress which exceeds

their strength, the formation of cracks is initiated. As the cracks

propagate, the stored strain energy releases, leading eventually

to particle fracture. In the case when the strength of the material

is exceeded locally, especially for particles of irregular shape,

the erosion of the particle surface, accompanied with the rise of

the strain and defect concentration, may occur [15]. As a result,

the change of the powder particle morphology and powder

porosity (which is manifested by interparticle voids and pores

within individual particles) emerges. Those changes can be

analyzed by measuring specific pore volume, bulk density,

specific surface area and total porosity.

Our investigations showed that mechanical activation

caused a significant decrease of specific pore volume (Vsp)

and total porosity (P) for the activation time up to 20 min,

especially for the first 10 min (Fig. 1a and b). Further increase

of the activation time has not led to a significant change of Vsp

and P. On the other hand, the maximum values of bulk density

(rbl) were obtained for activation up to 10 min, after which the

decrease of rbl has been noticed. However, the bulk density

values of the activated samples still remained significantly

above the value of the nonactivated one, even for the longest

time of activation. Considering the change in porosity, it is clear

that a pore system reduction, which is caused by the fraction of

particles during activation and expressed through the drop of

Vsp, is a dominant phenomena for the activation up to 10 min.

Namely, the calculated value of relative decrease of Vsp during

the first 10 min of the activation was �35.4%, while the relative

increase of rblwas just �14.6%. Therefore, the total porosity of

the samples significantly decreased in comparison with the

nonactivated material. Mechanical activation also caused the

change of the specific surface from 2.42 m2/g for the

V.P. Pavlović et al. / Ceramics International 37 (2011) 2513–25182514
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nonactivated samples, up to 4.49, 4.07, 4.06 and 4.02 for the

samples activated for 10, 20, 40 and 60 min. The change of the

specific surface and a decrease of the bulk densities of the

samples activated for more than 10 min can be attributed to

powder particle aglomeration, which is a consequence of an

increase of the particle surface energy during comminution of

the initial powder particles. It should be noticed that the

tendency of agglomeration, considerably influences the

sintering and final properties of BaTiO3 ceramics. According

to our previous investigations [16] a densification rate curve for

mechanically activated BaTiO3 samples can be divided into

three process. The first process is attributed to intra-

agglomerate particle sintering, the second one to sintering of

grains between agglomerates, while the third one can be

attributed to agglomerate sintering. As a result, mechanical

activation change the microstructure of sintered material and

significantly affects final electrical properties of BaTiO3

ceramics [17].

The results obtained from mercury porosimetry analysis are

in accordance with the results obtained by SEM (Fig. 2).

According to them, mechanical activation has led to the

formation of new surfaces and comminution of the initial

powder particles. It should be noticed that during the formation

of new surfaces, excess of the energy in the surface occurs,

which together with particle diminution may influence the

producing and properties of the nanocrystalline material [18].

Our X-ray analysis indicated that mechanical activation, in

spite of powder particle diminution, did not change the

tetragonal structure of the initial powder into the cubic one

(Fig. 3) [JCPDS Card No. 5-626]. The increase in structural

disorder during activation resulted only in a decrease of the

integral intensity of XRD reflections and broadening of

diffraction profiles (Fig. 4). This can be attributed to

destabilization of the crystalline phase, refinement in particle

and crystallite sizes and generation of stress fields. It should be

noticed that destabilization of the crystalline phase is thought to

occur by the accumulation of structural defects such as

vacancies, dislocations, grain boundaries and it may lead to the

formation of amorphous domains for increased activation time.

Although the mechanism of amorphization by mechanical

activation is not clearly understood, it seems to follow the

sequence [19]: ordered phase ! disordered phase ! fine-

grained (nanocrystalline) phase ! amorphous phase.

Since significant peak broadening, which is characteristic

for the formation of amorphous domains, did not occurred in

our diffraction patterns, we have concluded that in our case the

activation time required for amorphization has not been

reached, that is mechanical activation of BaTiO3 powder up to

60 min resulted only in the formation of a nanocrystalline

BaTiO3 phase. In order to obtain the crystallite size and
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Fig. 2. (a) Microstructure of nonactivated BaTiO3. (b) Microstructure of

BaTiO3 activated for 40 min.
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microstrain of the nonactivated and activated samples, the

Rietveld method has been applied. This method is based on the

whole profile fitting methodology and all reflections can be

analyzed with sufficient accuracy [17]. During the analysis, the

process of successive profile refinement was applied, until

convergence was reached [20]. Obtained values of Rwp

(weighted residual factor) varied from 9.8% (for the

nonactivated samples) to 12.6% (for samples activated for

60 min). The refinement showed that as a result of mechanical

activation tetragonal nanocrystalline BaTiO3 is formed. It was

observed that mechanical activation led to a significant

decrease of the mean crystallite size from 150 nm for the

nonactivated samples, down to 45 nm, 39 nm, 34.5 nm and

30.5 nm, for samples activated for 10, 20, 40 and 60 min,

respectively. At the same time, the generation of stress fields at

the particle edge caused increase of the sample microstrains

from 0.1 for the nonactivated samples up to 0.47, 0.61, 0.7 and

0.74 for the samples activated for 10, 20, 40 and 60 min.

According to our previous investigations, the formation of

uncompensated stress during mechanical activation can

influence the tetragonal distortion, thus leading to modification

of the phase transition temperature and electrical properties of

the sintered material [19]. Furthermore, numerous authors have

established that with decreasing of the crystallite size the

tetragonal distortion of the unit cell of BaTiO3, which is a

precondition for the presence of ferroelectricity, alters over the

pseudocubic to cubic, and finally disappears below a certain

critical size value [21–28]. The possible responsible mechan-

ism for this phenomenon is still under controversial discussion.

Arlt et al. proposed that a pseudocubic, paraelectric modifica-

tion of BaTiO3 is stabilized through internal stresses, which

arise from mechanical constraints at the boundaries, while Frey

et al. [22] suggested the so-called ‘‘brick wall model’’,

assuming that the ceramic grains consist of a tetragonal

ferroelectric core, which is surrounded by a thin layer of a cubic

phase, with a substantially lower dielectric constant. It is

important to notice that the critical crystallite value, which

enables stabilization of the room temperature cubic structure,

depends on the powder preparation method and usually ranges

from 20 to 100 nm [23–26]. Our investigations showed that the

applied mechanical activation can lead to the formation of

nanocrystalline BaTiO3 powder with a tetragonal structure,

even for particles as small as �30 nm. Since the formation of

micrometer powder particles with a tetragonal structure, as well

as cubic nanocrystalline powder particles, are not convenient

for application in multilayer ceramic capacitors production,

direct generation of nanocrystalline, tetragonal BaTiO3 is of

considerable interest [29].

The results of the X-ray analysis are in accordance with

those obtained by Raman spectroscopy measurements. Raman

spectroscopy has been employed to determine the lattice

vibrational spectra of nc-BaTiO3 powders. It is well known that

symmetry-group analysis in cubic BaTiO3 predicts no Raman

active modes, while in tetragonal BaTiO3 (space group P4mm)

it predicts eight optical Raman active modes: 4 modes of E

symmetry, 3 modes of A1 symmetry and one mode of B1

symmetry [1,24,30–33]. Each of these modes splits into
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transverse (TO) and longitudinal (LO) optical components, due

to long-range electrostatic forces associated with lattice

ionicity [24,30,32]. The number of Raman peaks in experi-

mentally obtained unpolarized spectrum of polycrystalline

samples is commonly less than the number of theoretically

derived modes, not only because of great overlapping of A1 and

E modes, as well as B1 and E modes, which frequencies are very

close to one another, but also due to the existence of a coupled-

mode interaction and overdamped character of the lowest

optical E mode (E(TO1) soft mode).

In our investigations, four Raman peaks have been recorded

and assigned to more than one phonon mode of tetragonal

BaTiO3, as presented in Fig. 5. According to literature data

[30,34] Raman peaks were interpreted as follows: the broad

peak centered around 270 cm�1 as a A1(TO2) mode, a sharp

peak at �307 cm�1 as B1 + E(LO2) + E(TO3), an asymmetric

broad peak at �520 cm�1 as A1(TO3) + E(TO4) and a broad

weak peak at �720 cm�1 as a sum of A1(LO3) and E(LO4)

modes. The observed spectrum of the nonactivated sample

agrees well with the powder Raman spectrum reported by

Hoshina et al. [26], Cho et al. [32] and Naik et al. [35], as well

as with those reported for some polycrystalline BaTiO3 samples

[30] and microcrystalline ceramics [36,37].

Our measurements show that as the applied activation time

increases, the Raman modes become broader and gradually lose

their intensity (Fig. 5). Such behavior of optical phonon modes is

a consequence of a decrease in the observed particle and

crystallite size, but also indicates a rise of lattice deformation,

defect number and disorder in the longer mechanically activated

powders. The estimated values of Raman-peak positions are

displayed as a function of the activation time, in Fig. 6. As it can

be seen, activation induced a shift to upper frequency for Raman

peaks around 260 cm�1 and 520 cm�1, particularly in compar-

ison with the nonactivated sample. These results are in good

agreement with investigations which pointed out that two

asymmetric broad A1(TO) modes, at �260 cm�1 and 520 cm�1,

are sensitive to structure defects [38]. Although as-read data

indicate that the Raman peak at �720 cm�1 also seems to be

skewed toward the high frequency side, the accuracy of this data

is reduced due to the overdamped and weak profile of that peak in

the activated samples. The observed blue shift of the A1 modes

can be related to the increase in tensile stress [39] introduced by

mechanical activation. The peak at 307 cm�1, which appears

sharp in the nonactivated sample, exhibits distinct broadening

(Fig. 5), but no significant frequency shift, as the activation time

increases (Fig. 6). Many investigations pointed out that the peak

at 307 cm�1 is specific for tetragonal BaTiO3, since it disappears

above the Curie temperature (Tc) where the structure becomes

cubic [27,28,32]. On the contrary, the persistence of Raman

bands around 260 cm�1 and 520 cm�1 well beyond Tc has been

reported [27,31,35], although this is not expected from the

symmetry group theoretical selection rules. Since the Raman

peak around 720 cm�1 has also been reported as observed only

below the phase-transition temperature [27,31,33], the broad-

ening accompanied by a drop in the intensity of Raman peaks

around 307 cm�1 and 720 cm�1 suggest that the tetragonal

structure might be slightly suppressed in activated powders [32].

4. Conclusion

In this article, the results of structural investigations of

BaTiO3 powders obtained by mechanical activation have been
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presented. It was noticed that mechanical activation caused the

decrease of the specific pore volume and total porosity,

especially for the first 10 min of activation. Microstructural

investigations showed that such activation has led to the

creation of new surfaces and comminution of the initial powder

particles. As a result, the formation of nanocrystalline BaTiO3

powder has been enabled. The Rietveld method has been

applied to analyze X-ray diffraction patterns in order to

determine the crystallite size and microstrains of the

nonactivated and activated samples. The refinement pointed

out that mechanical activation led to the decrease of the mean

crystallites size from 150 nm down to 30.5 nm, while the

microstrains increased from 2% up to 14.8%. The average

crystal structure of the obtained nanocrystalline powders,

estimated from X-ray diffraction data, gave evidence of a

retained, but slightly suppressed tetragonality of powders, even

for particles as small as �30 nm. Raman spectroscopy also

gave clear evidence for local tetragonal symmetries, in

particular through the presence of the band at �307 cm�1.

The influence of mechanical activation on lattice vibrational

spectra was expressed primarily through broadening and

gradual decrease of the Raman peaks intensity.
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0-, 1- and 2-dimensional nanocrystals of different vanadium oxides were synthesized using hydrothermal

reaction of commercial bulk monoclinic VO2 and V2O3 precursor, which, depending on reaction conditions,

produced nanoparticles, nanoribbons and nanosheets of different vanadium oxides. Addition of acetone

was used to direct growth and produce two-dimensional nanosheets, whose aspect ratio depends on

acetone-to-precursor concentration, while addition of different alcohols as ligands successfully controlled

the nanoribbon size. Variation of pH also changes the product dimensionality, allowing production of

nanosheets at pH , 3, nanoribbons at 3 , pH , 7 and, through inhibition of reaction, nanoparticles at

high pH. Products of different morphology exhibit systematic increase in unit cell volume with decrease in

thickness of nanocrystals. The reaction occurs with VO2+ ion as the primary reactant, requiring only a

source of VO2+ ions, and not necessarily crystalline VO2(M), allowing use of other precursors, like VOSO4.

Calculations indicate that nanoribbon formation is primarily caused by differences in relative stability of

individual crystal planes of VO2. Addition of different amounts of hydrogen peroxide changes the

oxidation state of vanadium to produce V3O7 and V2O5, without affecting the product morphology, while

use of bulk V2O3 as a precursor leads to the formation of V2O3 nanoribbons, nanoleaves and nanoparticles

with similar mechanisms of size and shape control.

Introduction

Macroscopic manifestations of electronic and lattice instabil-

ities in rutile VO2 during metal–insulator transition are

remarkable in magnitude: changes in electrical conductivity

and optical transmittance of up to 5 orders of magnitude at

temperatures relatively close to room temperature (67 uC in the

bulk).1 This is also accompanied by changes in magnetic

susceptibility, specific heat and Seebeck coefficient.2 Since its

discovery,3 this phenomenon has attracted attention by

experimentalists and theorists alike with debate over the

microscopic mechanism of this phase transition. In addition,

structurally and compositionally more complex systems

exhibiting similar strong electronic correlations have been

discovered, making VO2 a model system for these systems.4–6

On its own, VO2 is important for the many potential

applications of its near-room-temperature phase transition,

due to its tunability with doping, strain and scaling to finite

size,7 including ‘‘smart windows’’,8 Mott field effect transistor9

and a variety of optoelectronic applications.10,11 It is this last

aspect that has driven the effort to produce nanostructures of

VO2 and to achieve as much control as possible of their size

and morphology. In addition, nanosized materials offer the

opportunity to study VO2 phase transition in a single-domain

material, as opposed to a many-domain composition of a

typical macro- or micro-sized material.12

There have been many strategies employed to produce VO2

nanostructures including sol–gel synthesis,13 controlled oxida-

tion and sputtering,14 physical vapor transport,15,16 ion

implantation,17,18 hydrothermal syntheses19–21 and thermo-

lysis.22 Guiton et al. produced VO2 nanobeams on Si3N4

substrate by self-catalyzed vapor transport of granular VO2(M)

precursor in a tube furnace.16 Recently, hydrothermal pro-

cesses have been employed with great success for fabrication

of highly pure single-crystal nanostructures of VO2(M) with

compositional control, reproducible shape and tunable mor-

phology. Hydrothermal reduction of V2O5 by small aliphatic

alcohols and ketones, where the V2O5 layered structure is

intercalated by reducing agent’s molecules, produces VO2(M)

sheets, which can be doped by Mo or W by inclusion of their

precursors in the reaction solution.23 Whittaker and co-

workers have utilized bulk V2O4 powder in a hydrothermal

reaction with structure-directing molecules to produce nano-

belts 50–300 nm in diameter with lengths of 10–30 mm,

suggesting that the formation mechanism included hydration,

cleavage and exfoliation of bulk precursor.21 More impor-

tantly, they observed no significant nanostructure formation at

reaction times of less than 48 h. Wu and coworkers recently

synthesized VO2(M) by direct combustion of VO(acac)2 and

aFaculty of Physical Chemistry, University of Belgrade, Studentski trg 12-16,

Belgrade, Serbia. E-mail: dminc@ffh.bg.ac.rs
bVida Holdings Corp., Woodbridge, ON, Canada. E-mail: vladab64@gmail.com

3 Electronic supplementary information (ESI) available. See DOI: 10.1039/

c3ce40830b

CrystEngComm

PAPER

CrystEngComm, 2013, 15, 6617–6624 | 6617

View Article Online
View Journal  | View Issue

������ �

406

hydrothermal oxidation of V(OH)2NH2.
24,25 Significant depres-

sion of phase transition temperatures in VO2(M) nanostruc-

tured thin films have been observed in the diameter range of

20–40 nm,26,27 therefore, there is a strong motivation to

develop controlled synthesis of nanocrystals with dimensions

in this range or below. In addition, since doping of VO2(M) has

become the main method of depressing the phase transition

temperature, flexibility and ability to easily introduce doping

agents into the reaction is preferable.

Here we present full development of hydrothermal synth-

esis of VO2(M) nanocrystals through hydrothermal reaction of

bulk VO2 powder, where it is shown that precise manipulation

of size and shape of VO2(M) nanocrystals can be achieved

through simple changes in reaction conditions and addition of

relatively small concentrations of ligand molecules. In addi-

tion, a full mechanism of the hydrothermal reaction is

explained, showing that the real reactant is VO2+ ion in water

solution, allowing for the use of other precursors, like VOSO4,

producing nanocrystals that have a smaller diameter and

higher aspect ratio than any previously published, while

allowing an astonishing level of control over the product

shape and morphology. We will also show that this reaction is

not limited to just VO2, but can be extended to other vanadium

oxides, opening up a multitude of possibilities with respect to

manipulating the composition of these nanocrystals.

Experimental

Hydrothermal treatment of commercial VO2 powder was

conducted under different experimental conditions (different

pH, reaction time and temperature) to determine the optimal

conditions for synthesis of different VO2(M) nanocrystals. In

addition, different ligand molecules (methanol, ethanol,

1-propanol, 2-propanol, acetone, ethylene glycol, ethylene

diamine, propionic acid, succinic acid and EDTA) were added

to the reaction mixture. In a ligand-free reaction, 150 mg of

VO2 (or 1.8 mmol) rutile powder (Aldrich, 99.99%, 325 mesh)

and 15 ml of deionized water (Nanopure, pH = 6) were placed

in an autoclave, under a nitrogen or argon atmosphere, heated

to temperatures of 210 uC for a period between 2 and 72 h. The

resulting precipitate was washed with deionized water and

acetone and dried at ambient temperature. All the products

were kept and handled in an inert atmosphere where possible,

as they oxidize on the surface in the presence of oxygen.

However, the reaction can successfully be conducted in air,

resulting in VO2(M) nanocrystals, except they will have

oxidized on the surface. For reactions with growth-directing

ligands, set amounts of ligands (details given in discussion

below) were added to the mixture of deionized water and solid

VO2 precursor in the autoclave and then heated as described

above.

X-ray diffraction measurements were performed on an Inel

X-ray diffractometer with scintillating gas detector in a range

of 2h of 15–90u. TEM images were obtained using Philips 430

transmission electron microscope (TEM) with 200 kV accel-

eration voltage. Microstrain was calculated using the

Williamson–Hall method.28 The texture of individual crystal-

line phases, as a measure of preferential orientation of any

particular crystalline plane with respect to other planes of the

respective crystal phase, was determined using the following

equation:29

Tc~
I

1

n

Xn

i~1

Ii

(1)

where Tc is the texture coefficient, I is the intensity of an

individual reflection belonging to a particular crystal plane

normalized against the intensity of that same reflection in a

reference powder sample, and n is the total number of

reflections of individual crystalline phases considered.

Periodical 2-D calculation on VO2(M) surfaces were per-

formed using ABINIT 6.12 code,30,31 using local density

approximation (LDA) with CA-PZ functional.32,33 Vacuum slabs

of VO2(M) surfaces, corresponding to (100), (011), (0-11), (110),

(01-1) and (-201) planes, were cleaved from a 2 6 2 6 2

supercell. The relative stability of individual planes was

estimated by calculating energies required to remove one

two-coordinate oxygen atom from the surface layer of

respective vacuum slabs relative to the calculated energy of

the same process on (-201) plane. Adsorption energies of

different ligand molecules were calculated on the same

vacuum slabs, using simulated annealing on GROMACS.34,35

Calculations were performed starting with a single molecule

on the surface and then adding additional molecules until a

full monolayer was achieved. The results are presented as

average energy per molecule of a full monolayer.

Results and discussion

Hydrothermal recrystallization to form VO2 nanoribbons

Using X-ray diffraction (XRD), it was established that the

product of hydrothermal reaction of VO2 powder was M1

monoclinic VO2 phase [JCPDS 43-1051], the same as the initial

powder (Fig. 1). Additional XRD spectra for solid precursor and

products under different reaction conditions can be found in

the ESI.3 Through variation of the temperature of hydrother-

Fig. 1 XRD spectra of rutile VO2 nanoribbons (left: no ligand, 4 h at 210 uC,

right: 2-propanol, 1 : 5 molar ratio, 3 h at 210 uC, ground into powder).
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mal treatment, without ligand, it was established that the

optimal reaction temperature is 210 uC with an optimal

reaction time of 4 h. The resulting nanoribbons were 30–60

nm in diameter with a yield of over 90% (Fig. 2). A higher

temperature of hydrothermal treatment (up to 240 uC) resulted

in broader diameter size distribution of the nanoribbons. A

lower temperature of hydrothermal treatment resulted in

much longer reaction times, wider diameter distribution of the

nanoribbons and lower yield.

In order to achieve yield comparable to the reaction of 4 h at

210 uC, it took 6 h at 180 uC, and 24 h at 150 uC. However, the

nanoribbon diameter distribution of 50–150 nm was broader

than in reaction at 210 uC. Treatment at 120 uC yielded

nanoribbons after 216 h, but the yield was much lower, less

than 40%, and their length was greatly reduced to less than

100 mm. At temperatures below 100 uC, no reaction was

observed. Minimum observed reaction time at optimal

temperature of 210 uC, where nanoribbons were found in the

sample was 2 h, while further increase in duration of

hydrothermal treatment increased the yield.

Addition of EDTA was found to inhibit the reaction

completely and result in a dark-blue solution of vanadyl–

EDTA complex,36 suggesting that VO2 dissolves to produce

VO2+ ion. In order to prove that VO2+, rather than solid VO2, is

the reactant, VOSO4, which dissolves in water to form VO2+

and SO4
22, was utilized as a precursor, and it produced

nanoribbons at pH = 4 and nanosheets at pH = 2 (Fig. 2),

proving that solid crystalline VO2 serves merely as the source

of VO2+ ions and that the reaction is really crystallization of

VO2 from VO2+ in water solution, rather than real recrystalliza-

tion, because crystalline VO2 is neither necessary for the

reaction nor does it determine the structure of the reaction

product. VO2 crystallizes into the VO2(R) phase, probably due

to its high thermodynamic stability. Reaction from VOSO4 is

less practical than the one from VO2, because the solubility

limit of VOSO4 in water means that only relatively small

amounts of product can be produced, and the pH of this

solution is around 4, leaving very little room for manipulation.

It is, however, superior to VO2 reaction in terms of product

homogeneity. 2-Dimensional periodic calculations on VO2(M)

surfaces were used to determine why VO2 forms ribbon-shaped

nanocrystals in water, without any ligand. They show that the

relative stability of different crystal planes is as follows: (011)

. (110) . (01-1) . (100) . (-201) (Table 1). This corresponds

well to the observed intensities in XRD spectra (Fig. 1) and the

shape of nanoribbons, where (-201) plane forms the apex,

while (011) and (01-1) form the sides, suggesting that ribbon-

shaped growth of crystalline VO2(M) is driven primarily by

relatively large differences in stability of respective crystal

planes.

Reaction times of 4–12 h at 210 uC showed no change

regarding the size and diameter of the nanoribbons, while

longer reaction times showed slight deterioration of the

nanoribbons. Fig. 3 demonstrates, using texture coefficients

calculated from XRD spectra, the progression ligand-free

reaction with time. (011) plane is dominant, representing the

larger sides of the nanoribbons, and it reaches a maximum

after around 6 h of reaction. This is due to a combination of

nanoribbon growth and oriented bundling along the long axis,

in order to reduce strain (Fig. 3 right). The decrease in texture

coefficient of the (011) plane suggests that nanoribbons

continue to grow, probably through oriented attachment along

the longitudinal axis, indicating that nanoribbons with larger

Fig. 2 Comparison of TEM images of products of ligand-free reactions with solid

VO2 precursor (left) and with VOSO4 as a precursor at different pH (middle and

right).

Fig. 3 Changes in texture and microstrain of VO2 nanoribbon samples with

increase in reaction time.

Table 1 Calculated adsorption energies per molecule of different ligand molecules on different VO2(M) crystal planes, compared with stability of these planes relative

to (-201) plane

Plane Rel. stability (kJ mol21) Water (kJ mol21) Ethanol (kJ mol21) 1-Propanol (kJ mol21) 2-Propanol (kJ mol21) Acetone (kJ mol21)

(100) 273.0 7.5 10.3 12.5 12.1 9.4
(110) 2134.2 7.4 10.2 12.3 12.0 9.2
(011) 2163.1 7.3 9.7 11.4 11.3 9.1
(0-11) 2122.2 7.3 9.7 11.4 11.3 8.6
(01-1) 2123.1 7.3 9.6 11.4 11.2 8.9
(-201) 0.0 7.4 10.4 12.0 11.8 9.6
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diameters could be obtained through longer reaction times.

Microstrain of nanoribbons shows a decrease with increase in

reaction time, due to oriented bundling of nanoribbons.

Control of product dimensionality using pH

Hydrothermal reaction of VO2 powder produces different

product morphology depending on pH of the reaction

solution. Transformation into nanoribbons occurs in the 3–6

pH range, large two-dimensional structures crystallize at pH ,

3, while reaction becomes inhibited at pH. 6 and can be used

to produce nanoparticles (Fig. 4). Vanadium(IV) in water

solution forms stable VO2+ ion at pH , 3, while gray solid

precipitate of VO2?H2O at 3 , pH , 6, followed by clear brown

solution of VO(OH)3
2 at pH above 6.37,38 However, VO2+ ion

can be formed at higher pH than 3 (e.g. by dissolution of

VOSO4 in water) if there is a lack of OH2 ions to react with and

form VO2?H2O, and it is metastable in this pH region,

oxidizing to VO2
+ over a period of 6–12 h. With addition of

base, at any pH . 3, VO2+ will form VO2?H2O precipitate. The

reaction mechanism requires VO2 to dissolve in water to form

VO2+ ion, which then reforms into VO2(M) nanocrystals.

Formation of nanosheets at lower pH can be explained by

increased solubility of VO2 due to stability of VO2+ ion at pH ,

3, resulting in a higher equilibrium concentration of VO2+ ions

in the solution, which favors faster multidimensional over

one-dimensional growth. At pH . 6, the formation of

nanoribbons is inhibited due to the fact that vanadium will

readily form VO(OH)3
2 as the most stable species at this pH,

consuming OH2 in the process and reducing pH.

Thus, reaction only occurs once OH2 ions are consumed

and pH reduced to around 6, significantly increasing the

induction time of the reaction. The fact that the reaction

cannot occur at pH . 6 makes it possible to obtain relatively

small nanoparticles of VO2(M) in a high pH solution, by

running the reaction to dissolve VO2(M) solid precursor and

convert it to VO(OH)3
2, resulting in decrease in particle size of

the initial powder. After two hours of treatment at 210 uC,

nanoparticles 10–30 nm in diameter can be obtained. Due to

consumption of OH2 ions by the reaction, pH will decrease

steadily as VO2 dissolves, however, transformation to nanor-

ibbons will not occur as long as the pH remains above 6 during

the reaction. Therefore, it is imperative to start with a high

enough pH. After the reaction is complete, VO(OH)3
2 can

simply be washed away, leaving only VO2(M) nanoparticles.

Control of product dimensionality using ligands

Addition of ethanol, methanol, 2-propanol, 1-propanol and

acetone as ligand molecules was found to change the shape

and size of the product, allowing significant degree of control

Fig. 4 TEM images of VO2 nanocrystals synthesized at different pH (reaction

with 30 ml of 2-propanol, 2 h at 210 uC).

Fig. 5 TEM images of VO2 nanoribbons (a: no ligand, 4 h; b: 2-propanol, 1 : 5 molar ratio, 2 h; c: ethanol; d: 2-propanol, 1.3 : 1 molar ratio, 3 h; e: acetone, 1 : 5

molar ratio, 3 h; f: acetone, 1.3 : 1 molar ratio, 3 h).
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over product morphology (Fig. 5). 2-Propanol, at 1 : 5 molar

ratio to VO2 precursor (30 ml per 100 mg of precursor), was

found to decrease the diameter of the nanoribbons to 15–40

nm, without any observable decrease in nanoribbon length. At

1.3 : 1 molar ratio (200 ml per 100 mg), addition of 2-propanol

resulted in sheets around 200 nm wide and 10–20 nm thick

and addition of acetone in 1 : 5 molar ratio (30 ml per 100 mg)

had the same effect. Higher concentration of acetone (1.3 : 1

molar ratio, 200 ml per 100 mg) produced even larger sheets,

which exhibit a strong tendency to roll-up. Additionally, the

optimal reaction time was shortened to 3 h for reactions with

both 2-propanol and acetone. This is probably a consequence

of decreased diameter and thickness of the resulting nanor-

ibbons and nanosheets. Addition of methanol and ethanol to

the reaction mixture was found to cause formation of long

VO2(M) ribbons about 200 nm in diameter, which are

composed of self-assembled smaller nanoribbons (5–10 nm

in diameter).

Addition of 1-propanol has an effect very similar to the

addition of 2-propanol, except that it forms only nanoribbons,

even at higher concentrations, while ethylene glycol, ethylene

diamine, propionic acid and succinic acid were found to have

no observable effect on either size or shape of the product. As

stated above EDTA formed a dark-blue solution of its vanadyl

complex.

In order to gain further insight into the effect of different

ligand molecules on shape and size of VO2(M) nanocrystals,

adsorption energies of ligands used were calculated on

different crystal planes of VO2(M) using the unit cell

parameters obtained from experimental XRD data (Table 1).

These show that, surprisingly, 1-propanol, binds the

strongest to VO2 surfaces, while acetone, which shows the

largest effect in directing growth into two-dimensional

structures, exhibits the smallest adsorption energy of the

ligand molecules used in the experiments. Differences in

calculated adsorption energies on individual crystal planes are

relatively small for all ligands used (less than 10%), especially

when compared to differences in relative stabilities of

respective planes. This means that while these ligands might

be able to control nanocrystal size, it is unlikely that the

difference in their adsorption on different surface planes of

VO2 nanocrystals would be sufficient to change dimensionality

of product. Two-dimensional crystal growth, achieved by

addition of acetone, is probably caused by donor–acceptor

bonding of LO group in acetone to vanadium on the surface,

rather than simple adsorption. The similar effect observed by

additions higher concentrations of 2-propanol and small

concentrations of acetone in creating two-dimensional struc-

tures suggests that a portion of 2-propanol is oxidized to

acetone during the reaction.39,40 This is supported by the fact

that the same concentration of 1-propanol does not produce

nanosheets, but nanoribbons, the same as the reaction with

lower ligand concentration. Vanadium oxide is well known for

catalyzing oxidation reactions of organic molecules, therefore,

it is likely that it performs the same role here.41

Control of vanadium oxidation state in the product

Addition of hydrogen peroxide in different concentrations to

the reaction was found to allow manipulation of oxidation

state of vanadium in the vanadium oxide product, while

retaining nanoribbon shape and size (Fig. 6). Addition of 20 ml

of H2O2 per 100 mg of VO2 precursor formed V3O7 [JCPDS 71-

159], while 80 ml of H2O2 per 100 mg of precursor resulted in

formation of V2O5 [JCPDS 77-2418]. TEM images show that the

product of these reactions is in the shape of nanoribbons,

meaning that the morphology of the product was not affected

by the addition of the oxidizing agent and change in the

chemical composition of the product.

Using Rietveld analysis of the XRD data, the unit cell of the

VO2 nanocrystals was identified to be similar to the structure

of monoclinic rutile VO2 phase [JCPDS 43-1051]. The unit cell

is slightly deformed from monoclinic, probably due to its

small size, and the extent of this deformation is dependent on

size and shape of nanocrystals, as shown in Table 2. Unit cell

volume in nanoribbons synthesized without ligand is smaller

than that of macroscopic monoclinic VO2 powder, although

the volume increases with a decrease in size. Reaction with

ethanol, which produces the smallest nanoribbons, exhibits

the highest unit cell volume, probably due to their very small

size. The gradual shift in product dimensionality from

nanoribbons to large nanosheets shows a corresponding

increase in unit cell volume, suggesting that the deformation

of the unit cell is primarily determined by the thickness of

individual nanoribbons and nanosheets (nanosheets are

generally thinner, as observed in TEM images), rather than

the total volume of the crystal.

The product of both hydrogen peroxide oxidation reactions

exhibits a distorted unit cell, compared to the reference bulk

powder, with a very large difference (around 8%) in unit cell

volumes of respective bulk unit cell and unit cell of

Fig. 6 XRD spectra and TEM images of products of reactions with different concentrations of H2O2.
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nanoribbons obtained by hydrothermal oxidation of VO2

(Table 2). While V3O7 exhibits an expanded lattice, the lattice
of V2O5 is contracted compared to the orthorhombic lattice of
bulk material, and, while the lattice of V3O7 exhibits a loss of
symmetry, similar to the lattice of VO2, V2O5 retains
orthorhombic symmetry. This could suggest the presence of
excess oxygen atoms in V3O7 and oxygen vacancies in V2O5,
indicating that these reactions could be fine-tuned by
adjusting the initial concentrations of hydrogen peroxide.
Use of bulk V2O3 as a precursor allows the synthesis of V2O3

nanoribbons and nanoleaves, while an increase in 2-propanol
concentration reduces the dimensionality of the product to
nanorods and nanoparticles (Fig. 7). Longer reaction time
leads to an increase in thickness of nanoribbons from around
10 nm for 1 h to around 30 nm for 2 h. Nanoparticles obtained
at the highest concentration of 2-propanol are 20–50 nm in
diameter.
Since the size of some of the nanocrystals is much larger

than the crystal size of initial precursor powder, this suggests
that this is a rapid recrystallization reaction, rather than
simple cleaving or exfoliation of the bulk crystal material.

Conclusions

Hydrothermal reaction of commercial bulk VO2 powder allows
formation of a full range of VO2 nanocrystals, 0-, 1- and
2-dimensional, with excellent control over dimensionality and
size of the product using ligands and pH of reaction solution.
The reaction occurs with VO2+ ion, created by dissolution of
bulk VO2 powder, as the reactant, and it does not require the
presence of crystalline VO2, as the reaction can also be
performed with VOSO4 as a precursor. pH controls the product
shape through increased solubility of VO2 at pH , 3 and
inhibition of reaction through reaction of VO2+ with OH2 at
pH . 6. While different alcohols act as ligands and control the
size of VO2 nanoribbons, lack of significant difference in
calculated adsorption energies of individual ligands on
different VO2 crystal surfaces suggests that the LO group of
acetone creates a donor–acceptor bond with vanadium on the
surface and controls the product dimensionality. Addition of
different amounts of hydrogen peroxide allows conversion of
the product to V3O7 or V2O5 without change to its morphology.
Change of precursor to bulk V2O3 yields nanocrystals of V2O3,
suggesting that the versatility of this reaction might extend

Table 2 Unit cell parameters of VOx nanocrystals synthesized using different reactionsa

Ligand Product t (h) a (Å) b (Å) c (Å) a (u) b (u) c (u) V (%)

None VO2(M) 6 5.747 ¡ 0.001 4.521 ¡ 0.001 5.348 ¡ 0.001 89.9 ¡ 0.1 123.0 ¡ 0.1 90.0 ¡ 0.1 99.2
2-Propanol, 30 ml VO2(M) 3 5.735 ¡ 0.001 4.529 ¡ 0.001 5.371 ¡ 0.001 90.0 ¡ 0.1 122.8 ¡ 0.1 89.8 ¡ 0.1 99.8
2-Propanol, 200 ml VO2(M) 3 5.759 ¡ 0.001 4.509 ¡ 0.001 5.376 ¡ 0.001 89.9 ¡ 0.1 122.3 ¡ 0.1 90.6 ¡ 0.1 100.5
Acetone, 200 ml VO2(M) 3 5.805 ¡ 0.001 4.502 ¡ 0.001 5.362 ¡ 0.001 89.8 ¡ 0.1 121.9 ¡ 0.1 90.8 ¡ 0.1 101.3
Ethanol, 200 ml VO2(M) 3 5.813 ¡ 0.001 4.504 ¡ 0.001 5.361 ¡ 0.001 89.8 ¡ 0.1 121.8 ¡ 0.1 90.8 ¡ 0.1 101.6
H2O2, 20 ml V3O7(T) 7 14.726 ¡ 0.002 14.511 ¡ 0.001 3.697 ¡ 0.001 89.7 ¡ 0.1 91.8 ¡ 0.1 90.8 ¡ 0.1 108.1
H2O2, 80 ml V2O5(O) 7 11.447 ¡ 0.003 4.288 ¡ 0.001 3.353 ¡ 0.001 90 90 90 91.8

a
t is reaction time and V is unit cell volume relative to the respective reference systems.

Fig. 7 TEM images of V2O3 nanocrystals: 2 h at 210 uC with 50 ml (a, b), 100 ml (c) and 500 ml (d) of 2-propanol; 1 h at 210 uC with 30 ml of 2-propanol (e–g).
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beyond vanadium oxide and offer a universal route of

synthesizing nanocrystals of different oxides with limited

water solubility. The advantages of this reaction over other

recently published procedures13–25 are that it is a very simple

procedure, performed in mild conditions, has significantly

shorter reaction times than other hydrothermal reactions (3–6

h, compared to 1.5–7 days), uses only solid precursor, water

and a very small amount of growth directing ligand, resulting

in a very clean product with easily disposable waste, while the

process is easily scalable, has very high yield (close to 100%)

and can easily be modified to include doping agents. At the

same time, it offers an excellent degree of control over size and

shape of the product. The length of the nanoribbons obtained

in this synthesis is in hundreds of microns, at least ten times

longer than in any other report. In addition, the application of

a similar procedure to synthesise other vanadium oxide

suggests the possibility of a broader applicability in the

synthesis of transition metal oxide nanomaterials.
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Abstract. The thermogravimetric analysis of superabsorbing polyacrylic hydrogel dehydration, 

performed under non-isothermal conditions at different heating rates was discussed. Particularly, 

the influence of the heating rate on the obtained results is given in detail. For this purpose the 

Weibull distribution function was applied. The thermogravimetric curve when the heating rate tends 

to zero was evaluated. The activation energy E = 63 kJ/mol, pre-exponential factor A = 2.97 × 10
8
 

min
−1

, and rate constant k = 2.76 × 10
−3

 min
−1

 were determined on the basis of this curve. 

Introduction 

Super-absorbing cross-linked poly(acrylic acid) hydrogel, obtained by simultaneous radical 

polymerization of acrylic acid and cross-linking of the formed poly(acrylic acid) [1], swollen in 

water until saturation was analyzed thermogravimetrically. The thermogravimetric analysis was 

performed under non-isothermal conditions at different heating rates [1].  

By analyzing the obtained thermogravimetric results for the dehydration of superabsorbing 

cross-linked poly(acrylic acid) hydrogel, we found that the mentioned non-equilibrium system 

depended on the heating rate at the considered conditions. The heating rate is the control parameter 

leading the considered system to dynamic states far from thermodynamic equilibrium. Thus, beside 

the physicochemical processes and corresponding values that should be examined, the additional 

effect of the heating rate is present. Consequently, the results obtained by different 

thermogravimetric curves are difficult to compare. Particularly, the problem appears when we want 

to calculate, for example, the activation energy of the process considered, using thermogravimetric 

curves obtained at various heating rates. Therefore, our intention was to determine a 

thermogravimetric curve independent of the heating rate that could be examined as the one obtained 

under isothermal conditions.  

Experimental 

The experimental procedure is given in detail in reference [1]. Briefly, the super-absorbing cross-

linked poly(acrylic acid) hydrogel was prepared by simultaneous radical polymerization of acrylic 

acid and cross-linking of the formed poly(acrylic acid) in nitrogen atmosphere at 80
o
C, using 

initiators. The obtained hydrogel was cut into smaller pieces and dried in an air oven at 105
o
C to 

constant mass. Then, the pieces were immersed in a doubly distilled water bath at 25±0.1
o
C until 

saturation. Such equilibrium swollen poly(acrylic acid) hydrogel was analyzed 

thermogravimetrically.  

The TG curves were recorded by a DuPont thermogravimetric analyzer TGA model 9510. 

These analyses were performed with 25-30 mg samples in platinum pans under nitrogen atmosphere 
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at a gas flow rate of 10 ml/min. The experiments were carried out at heating rates of 5, 10 and 

20
o
C/min from ambient temperature to 350

o
C. 

Results and Discussion 

The obtained thermogravimetric curves of the dehydration of the equilibrated swollen super-

absorbing cross-linked poly(acrylic acid) hydrogel in original form and expressed as a function of 

degree of dehydration (α) versus time, obtained at different heating rates (5, 10 and 20 
o
C/min) are 

presented in Figs. 1 and 2, respectively.  

Fig. 1 Thermogravimetric curves of the 

equilibrated swollen super-absorbing 

cross-linked poly(acrylic acid) 

hydrogel at different heating rates.  
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The degree of dehydration α is the ratio of the loss of the mass of water at time t due to 

dehydration (difference between the mass of the sample at the beginning and at time t) to the total 

mass of water (difference between the mass of the sample at the beginning and at the end of the 

process). 

Under the considered conditions, the shape of the thermogravimetric curves is, obviously, a 

function of applied heating rates. Therefore, for kinetic consideration of the analyzed process, 

particularly for the determination of the activation energy (E) and pre-exponential factor (A), we 

chose to use methods by which the mentioned values could be calculated from every curve 

separately. For this purpose we applied the Coats-Redfern [2], Van-Krevelen [3,4] and Horowitz-

Metzger [5] methods. Since the results were similar, we decided to analyze in the following only the 

values obtained by the Coats-Redfern method. Thus we obtained that the equation: 

Fig. 2 Thermogravimetric curves of the 

equilibrated swollen super-absorbing 

cross-linked poly(acrylic acid) hydrogel 

in the form of α versus time, at the 

following heating rates: 5 ( ), 10 ( ) 

and 20 ( ) 
o
C/min. The corresponding 

thermogravimetric curve when the 

heating rate tends to zero is denoted by 

circles ( ).  
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( )
2

ln 1
ln ln

h

AR E

T v E RT

α−
− = − (1) 

was valid in the considered case. The values of α corresponding to the linear domain of equation 

(1), the activation energy E  and the pre-exponential factor A  determined by analyzing the relation 

between ( )( )2ln ln 1 /Tα− −  and 1/T  are shown in Table 1. 

Table 1 The values of α corresponding to the linear domain of equation (1), the 

activation energy E  and the pre-exponential factor A  of the dehydration of the 

superabsorbing poly(acrylic acid) hydrogel determined by the Coats-Redfern method at 

various heating rates 
h

v . 

The increase of the heating rate of the system leads to decreasing values of the activation 

energy and pre-exponential factor. The change of the logarithmic values of the pre-exponential 

factors with activation energy (compensation effect) [6,7,8] (Fig. 3) can be described by an equation 

in the form of: 

EbEaA 357.006.3ln +−=+= (2) 

were a  and b  are constants depending on the reaction system. 

In order to avoid the influence of the heating rate on the parameters E and A, we decided to 

determine a thermogravimetric curve independent of the heating rate. Thus, for the quantification of 

the influence of the heating rate on the form of the thermogravimetric curves, their general 

linearization was desirable. For this purpose, any appropriate mathematical function could be used. 

Having positive experience in similar cases with probability functions [9,10], we decided to apply 

the Weibull-distribution function. 

h
v

(
0
C/min) 

Linear

domain of  
A (min

− 1
) ln A E (kJ/mol) 

5 0.15-0.99 8.14 × 10
6 15.91 53.1

10 0.13-0.99 2.63 × 10
5 12.48 43.5

20 0.02-0.99 4.55 × 10
4 10.72 38.6

Fig. 3 The compensation effect for the 

thermal dehydration of water from 

superabsorbing poly(acrylic acid) hydrogel 38 40 42 44 46 48 50 52 54
10

11

12

13

14

15

16

ln
 A

 (
m

in
-1
)

E (kJ/mol)
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Accordingly, the degree of dehydration ( ) of the studied hydrogel as a function of reaction 

time ( t ) of a given TG curve at the selected heating rate can be described by the following 

equation: 

( ) 1 exp
t

t

β
γ

α
η

−
= − − (3) 

were there are three parameters: β, η and γ, where β is the shape parameter, η is the scalar and γ is 

the location parameter [11,12]. If γ is equal to zero, which is very often, and also in the case 

considered, equation (3) can be linearized by a double logarithmic. The dependence of 

( )( )ln ln 1 α− −  versus ln t  for the dehydration of water from superabsorbing poly(acrylic acid) 

hydrogel is presented in Fig. 4. Having successful linearity in the considered domain of α, the 

parameters β and η were easily determined. The obtained values are shown in Table 2. 

Fig. 4 The dependence of ( )( )ln ln 1 α− −  

versus ln t  for the dehydration of water 

from superabsorbing poly(acrylic acid) 

hydrogel at different heating rates: 5 ( ), 

10 ( ) and 20 ( ) 
o
C/min. The 

corresponding curve when the heating rate 

tends to zero is denoted by empty circles 

( ).  
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The obtained values of parameters β and η are also functions of the heating rate hv . The 

dependence of β and η on hv  can be described by the relations: 

exp h
o

v
c

d
β β= + − (4)

exp h
o

v
f

g
η η= + − (5) 

where β0 = 2.57, c = 1.44, d = 11.44 
o
C/min, η0 = 5.27 min, f = 22.82 min and g = 5.86 

o
C/min. 
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Table 2 The linear domain of equation (3), the parameters β and η of the Weibull 

distribution function with γ equal to zero, obtained for the dehydration of water from 

superabsorbing poly(acrylic acid) hydrogel at different heating rates. The corresponding 

values when the heating rate tends to zero are also given. 

By means of the obtained values for β and η when 
h

v  tends to zero (Table 2) and equation 

(3) when parameter γ is equal to zero, the corresponding thermogravimetric curve was calculated 

(Figs 2 and 4). However, this curve ought to be examined as the dehydration curve under infinitely 

slow heating-isothermal conditions. Since, in the case considered, the initial temperature is 25
 o

C, 

the isothermal process will be at this temperature. Thus, we can now apply any selected method for 

analyzing the obtained curve and calculate the corresponding rate constant. In order to determine 

the activation energy and Arrhenius factor, at least two such curves must be found. That means that 

we need at least two series of thermogravimetric measurements at different initial temperatures. As 

we analyzed the system only at one initial temperature, we should use an empirically determined 

relation between the parameter η  and the activation energy for different heating rates, Fig.5. 

Fig. 5 The linear dependence of ln 

 versus the activation energy E at 

different heating rates 35 40 45 50 55 60 65
1.6

2.0

2.4

2.8

3.2

3.6

ln
 ηη ηη

 (
m

in
)

E (kJ/mol)

In the considered case, this equation has the following form: 

E061.0522.0ln +−=η (6) 

By introducing the value of parameter η  for infinitely slow heating, min09.280 =η , the 

activation energy E = 63 kJ/mol, pre-exponential factor, A = 2.97 × 10
8
 min

−1
, and the rate constant 

k = 2.76 × 10
−3

 min
−1

, were determined, Table 3. 

h
v

(
0
C/min) 

 β  (min) 

 tends to 0 0.02-0.90 4.01 28.09 

5 0.02-0.93 3.50 14.99

10 0.02-0.93 3.17 9.41

20 0.03-0.92 2.82 6.02
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Table 3 Dehydration rate constants of the hydrogel for different heating rates 

h
v

(
0
C/min) 

k 

(×××× 10 
−−−−3

min
 −−−−1

) 

  tends to  0 2.76 

5 4.10

10 6.34

20 7.95

Conclusion 

The thermogravimetric analysis of superabsorbing poly(acrylic acid) hydrogel dehydration, 

performed under non-isothermal conditions at three different heating rates was performed. The 

corresponding curve when the heating rate is infinitesimally slow or when 
h

v  tends to zero, was 

determined. For this purpose the Weibull distribution function was used. On the basis of this curve 

the activation energy E = 63 kJ/mol, pre-exponential factor, A = 2.97 × 10
8
 min

−1
, and rate constant 

k = 2.76 × 10
−3

 min
−1

, were determined, Table 3. 
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Abstract

The possibility of applying the normalized Weibull distribution function of reaction times (WDt), for kinetic description of the non-isothermal

dehydration of equilibrium swollen poly(acrylic acid) hydrogel, was investigated. It was found, that the dehydration conversion curves at different

heating rates, may be successfully described by the Weibull distribution function of reaction times, in wide range of the degree of conversion

(α = 0.12–0.93). Also, it was found, that the increasing of heating rate leads to the exponentially increasing of Weibull distribution parameters

(scalar (η) and shape (β) parameters). The procedure for kinetics parameters determination of hydrogel dehydration process and determination of

the density distribution function of activation energies, based on the known normalized Weibull distribution of reaction times was exhibited. The

obtained values of kinetics parameters calculated by the procedure mentioned above are in agreement with values of kinetics parameters, obtained

using the stationary point (SP) and isoconversional methods.

© 2006 Elsevier B.V. All rights reserved.

Keywords: Weibull distribution function; Non-isothermal dehydration; Kinetics; Density distribution function; Poly(acrylic acid) hydrogel

1. Introduction

Hydrogels may be conveniently described as hydrophilic

polymers that are swollen by, but not dissolved in water. They

are three-dimensional cross-linked polymeric structures that are

able to swell in the aqueous environment. Due to characteristic

properties such as swellability in water, hydrophilicity, biocom-

patibility, and lack of toxicity, hydrogels have been utilized in a

wide range of biological, medical and pharmaceutical applica-

tions [1].

The most important properties of hydrogels are their swelling

capacity and swelling behavior, their mechanical properties and

also dehydration behavior. These properties will be affected on

usability of hydrogels in various applications. Although, the

swelling behavior, swelling kinetics and mechanical properties

of various types of hydrogels are extensively studied [2–12], but

there are no available apparent investigations concerning on the

kinetics and mechanism of hydrogel dehydration.

∗ Corresponding author. Tel.: +381 11 187 133; fax: +381 11 187 133.

E-mail address: bora@ffh.bg.ac.yu (B. Adnad̄ević).

In the paper of Jovanović et al. [13], applying the non-

isothermal Friedman isoconversional method (FR method) [14]

to the poly(acrylic acid) hydrogel dehydration, it was estab-

lished that the activation energy of the dehydration process

depends on the degree of dehydration (α) and vary within the

range from 98.2 to 11.2 kJ mol−1. On the contrary to that,

Janković et al. [15] determined the single value of the appar-

ent activation energy (Ea) and pre-exponential factor (A), which

depended only on the heating rate (Ea = 38.6–59.7 kJ mol−1 and

A = 4.55 × 104–7.47 × 107 min−1), applying different kinetic

methods such as Kissinger [16], Coats–Redfern [17], vanKrev-

elen et al. [18] and Horowitz–Metzger [19].

The possibility of applying the Weibull distribution function

(WDf) for description of non-isothermal conversion curves, and

determination of the kinetics parameters of dehydration process

of poly(acrylic acid) hydrogel were investigated in this paper.

2. Experimental

2.1. Materials and methods

Super-absorbing cross-linked poly(acrylic acid) hydrogel,

which has been applied for this investigation was synthesized

doi:10.1016/j.cej.2006.11.007
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using the procedure based on the simultaneous radical poly-

merization of acrylic acid and cross-linking of the formed

poly(acrylic acid), according to general procedure described in

previous work [13]. For that process, acrylic acid monomer,

initiators Na2S2O8, Na2S2O5, H2O and cross-linking agent

N,N�-methylenebisacrylamide (NMBA) were used. Equilibrium

swelling degree (SDeq) of the used hydrogel in distilled water

at 25 ◦C was 8500%, determined by standard method based on

weight difference of dry and swollen sample [2].

2.2. Thermogravimetric measurements

Thermogravimetric curves were recorded by a Du Pont

thermogravimetric analyzer TGA model 9510. These analy-

ses were performed with 25 ± 1 mg samples of equilibrium

swollen hydrogel in platinum pans under nitrogen atmosphere

at a gas flow rate of 10 ml min−1. Experiments were performed

at heating rates of 5, 10 and 20 K min−1, from ambient tem-

perature to 623 K. The degree of the dehydration is expressed

as:

α =
m0 − m

m0 − mf

(1)

where m0, m, mf refer to the initial, actual and final mass of the

sample.

3. Methods for determination of kinetics parameters of

the process

3.1. Stationary point (SP) method

In the heterogeneous chemical reaction kinetics, function

dα/dt = f(T) (where dα/dt is the velocity of process and T is

the absolute temperature), which have zero-initial velocity can

be observed as functions with local maximum. This maximum

appears in the so called stationary point: S[(dα/dt)max, Tmax]

(Tmax is the temperature at the maximal velocity of process

(dα/dt)max), where (d2α/dt2) = 0 [20]. Consequently, stationary

point is defined as a point in which the reaction system, under

given conditions, have maximal reaction velocity. In that case,

the following equation is valid:

(

dα

dt

)

max

= k(T, pj)f (αmax), (2)

where (dα/dt)max is maximal velocity of considered reaction or

process, k(T, pj) the temperature and partial pressure depen-

dent rate constant, f(αmax) a function of reaction mechanism at

αmax value, αmax the degree of conversion at T = Tmax, and pj

denotes the partial pressure of the gaseous products. For non-

isothermal conditions, when the temperature varies with time

with a constant heating rate vh = dT/dt, Eq. (2) can be written

in the form:

[

vh

(

dα

dT

)

max

]

= k(T, pj)f (αmax). (3)

If Arrhenius dependence of [k(T, pj)] on temperature is sup-

posed, Eq. (3) can be transformed in the following form:
[

vh

(

dα

dT

)

max

]

= A exp

(

−
Ea

RTmax

)

f (αmax) (4)

where Ea is the apparent activation energy of the overall process,

whereas A and R are the pre-exponential factor and gas constant,

respectively. Since the logarithmic form of Eq. (4) is

ln

[

vh

(

dα

dT

)

max

]

= ln[Af (α)max] −
Ea

RTmax
, (5)

and from the slope of the dependence between ln[vh(dα/dT )max]

and 1/Tmax, it is possible to determine the value of the appar-

ent activation energy Ea of the investigated process. However,

method of the stationary point does not enable directly cal-

culation of the pre-exponential factor (A). The value of the

pre-exponential factor (A) can be determined only in the case

when the exact mathematical form of the function f(αmax) is

known [20]. Furthermore, by this method we obviously can

obtain only one activation energy, the one that can be calculated

comparing the (dα/dt)max at different temperatures and which

corresponds to αmax (the degree of conversion at T = Tmax).

3.2. Friedman (FR) method

The differential isoconversional method suggested by Fried-

man [14] is based on the general kinetic equation in following

form:

vh
dα

dT
= A exp

(

−
Ea

RT

)

f (α). (6)

where dα/dT is the rate of process at any α, and f(α) is the

differential conversion function (reaction model). This method

is based on Eq. (6) in logarithmic form and leads to:

ln

[

vh,i

(

dα

dT

)

α,i

]

= ln[Aαf (α)i] −
Ea,α

RTα,i

(7)

where subscripts i and α designates a given value of heating

rate and the degree of conversion, respectively. For α = const.,

the plot ln
⌊

vh,i(dα/dT )α,i

⌋

versus (1/Tα,i) should be a straight

line whose slope can be used to evaluate the apparent activation

energy. By this method, as well as by the previous one, the value

of the pre-exponential factor (A) can be determined only in the

case when the exact mathematical form of the function f(α) is

known. However, here, on the contrary to the previous method,

we can get different values of activation energies for a process

depending on α.

4. Results and discussion

The experimentally obtained conversion curves at differ-

ent heating rates for dehydration process of poly(acrylic acid)

hydrogel are given in Fig. 1.

All the conversion (α–T) curves are asymmetric. Values of the

initial temperature (Ti), the inflection temperature (Tp), the final

temperature (Tf) and total mass loss (�mf or mf) of the sample,
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Fig. 1. The conversion (α–T) curves of non-isothermal dehydration of

poly(acrylic acid) hydrogel at different heating rates (5, 10 and 20 K min−1)

(from right to left).

Table 1

Values of Ti, Tp, Tf and �mf for dehydration of equilibrated poly(acrylic acid)

hydrogel determined by thermogravimetric analysis at different heating rates

vh (K min−1) Ti (K) Tp (K) Tf (K) �mf (%)

5 333 402 523 1.75

10 328 383 463 1.75

20 323 363 433 1.75

from conversion curves at various heating rates are presented in

Table 1.

Increasing of heating rate leads to the decrease of all char-

acteristic temperature values on the obtained conversion curves,

but total mass loss of the samples is independent from the heating

rates.

The differential conversion curves of hydrogel dehydration,

obtained from the experimental α–T curves at different heating

rates are shown in Fig. 2.

Fig. 2. The differential conversion (dα/dT − T) curves of non-isothermal dehy-

dration of poly(acrylic acid) hydrogel at different heating rates.

Table 2

Values of Tmax (Fig. 2) and corresponding kinetics parameters obtained by

stationary point (SP) method, at different heating rates for dehydration of

poly(acrylic acid) hydrogel

vh (K min−1) Tmax (K) Ea (kJ mol−1) ln[Af(αmax)], A (min−1)

5 402

10 383 39.5 10.75

20 363

The values of temperature Tmax, at which the velocity of

dehydration has the maximal value ((dα/dT)max) (Fig. 2) and

the values of kinetics parameters, Ea and ln[Af(αmax)], obtained

by stationary point (SP) method, are shown in Table 2.

Assuming that the reaction times of dehydration process are

randomly distributed by the laws of Weibull distribution func-

tion, and assuming that the value of Weibull distribution function

of reaction times is proportional to the degree of conversion (α),

it can be written:

α(t) = F = 1 − exp

[

−

(

t − γ

η

)β
]

, (8)

where F is the cumulative Weibull distribution function, t the

time, whereas β, η and γ are the shape, scalar and location

parameters, respectively. The location parameter γ is often equal

to zero. The fact that in such cases, time evolution of the process

follows any probability function is ascribed to the nonuniform

distribution of the free energies of active centers at the interface

where considered reaction take place [21–24].

Moreover, in the thermogravimetry there is functional rela-

tion between the time (t) and temperature (T) defined by the

selected form of the heating rate. If this relation is linear, as it is

in the case considered here,

t =
T − T0

vh

, (9)

where T0 is the temperature of the system at the beginning of

the process and vh is the heating rate, the time dependent degree

of conversion, α(t), can be written as a function of temperature

such that

α(T ) = 1 − exp

[

−

(

T − T0 − vhγ

vhη

)β
]

. (10)

The last equation is applied for the analysis of the considered

results, where α(t) is the degree of conversion of the studied

hydrogel dehydration process at a given heating rate and the

relation between time and temperature is linear. We found that

the location parameter γ is equal to zero in all three cases. Using

linear form of Eq. (10), given by the relation:

ln[− ln(1 − α(T ))] = β ln

(

1

η

)

+ β ln

(

T − T0

vh

)

(11)

We obtained the results presented in Fig. 3 and in Table 3. The

approximately linear relationship is satisfied in relative wide

domain of the degree of conversion (in all three cases R2 is

higher than 0.9980).

������ ��

430
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Fig. 3. The dependence of ln[−ln(1 − α(T))] vs. ln[(T − T0)/vh] for dehydra-

tion of poly(acrylic acid) hydrogel at different heating rates: 5 K min−1 (�),

10 K min−1 (�) and 20 K min−1 (�).

Obviously, the Weibull distribution function can be applied

for the analysis of the considered conversion curves (Fig. 1)

in the wide domain of the degree of conversion. The obtained

values of the parameters β and η increase with increasing of the

heating rate vh by the following empirical relations:

β = A + B evh/θ (12)

η = C + D evh/φ (13)

where A, B, C, D, θ and φ are corresponding fitting con-

stants necessary to describe the relationships between mentioned

parameters and heating rate. The constants A and B are dimen-

sionless as it is the parameter β; C and D have dimensions

of the parameter η, whereas θ and φ have dimensions of

the heating rate (K min−1). In the considered case: A = 3.176,

B = 0.133, θ = 15.512 K min−1, C = 32.610 min, D = 30.629 min,

φ = 36.622 K min−1.

If the temperature dependence of the degree of conversion is

well described by Eq. (10) with γ = 0, then corresponding rate

of dehydration can be given by first derivative of this function

with respect to temperature. Thus, we can write

dα

dT
=

β

vhη

(

T − T0

vhη

)β−1

exp

[

−

(

T − T0

vhη

)β
]

. (14)

Since time and temperature are directly correlated by Eq. (9),

the kinetic Eq. (14) is used for description of the process of

dehydration of poly(acrylic acid) hydrogel (Fig. 4).

Table 3

The linear domains of α (�α) and the parameters β and η of the Weibull distribu-

tion function with � equal to zero, obtained for the dehydration of poly(acrylic

acid) hydrogel at different heating rates with corresponding values of R
2

vh (K min−1) �α R
2 β η (min)

5 0.15–0.93 0.9981 3.36 5.89

10 0.12–0.93 0.9987 3.43 9.30

20 0.13–0.92 0.9989 3.66 14.87

Fig. 4. The differential conversion ((dα/dT)W − T) curves of non-isothermal

dehydration of poly(acrylic acid) hydrogel at different heating rates, based on

the Weibull distribution function (WDf) with parameters in Table 3.

We can see that the maximum of the curve, (dα/dT)max,

depends of the heating rate, vh. The value of Tmax, obtained

when the first derivative of Eq. (14) is equal to zero, is given by

the relation

Tmax = vhη

[

β − 1

β

]1/β

+ T0 (15)

The corresponding value of (dα/dT)max is given by the expres-

sion

(

dα

dT

)

max

=
β

vhη

[

β − 1

β

]β−1/β

exp

{

−

[

(β − 1)

β

]}

(16)

The values for Tmax and (dα/dT)max depend on heating rate since

β and η are functions of them (Table 4).

It is obvious that the values for Tmax are equal to the corre-

sponding ones for temperatures of inflection points, Tp, given in

Table 1, what would be if the experimental points are well fitted

by the Weibull distribution function.

Since we have shown above that the experimentally obtained

conversion curves are well fitted by the Weibull distribution

function, we can also calculate the activation energies at differ-

ent values for α, where α is taken from the mentioned function.

For this purpose, we apply the Friedman’s method (Eq. (7)).

The isoconversion lines obtained by the Friedman’s method at

different values of the degree of conversion, α, where α is in

the interval 0.05 ≤ α ≤ 0.98, are given in Fig. 5. Also, in the

same figure, the symbols designate the values of corresponding

magnitudes on the left-hand and right-hand sides of Friedman’s

equation (Eq. (7)), at three different heating rates.

Table 4

Values of Tmax and (dα/dT)max obtained by using the Eqs. (15) and (16) for

dehydration of poly(acrylic acid) hydrogel at different heating rates

vh (K min−1) Tmax (K) (dα/dT)max (K−1)

5 402 0.0109

10 383 0.0141

20 363 0.0187

������ ���

431
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Fig. 5. The dependence of ln[vh,i(dα/dT )α,i] vs. (1/Tα,i) at the different values

of α, for dehydration of poly(acrylic acid) hydrogel (solid lines are linear fitting

corresponding to different α).

Figs. 6 and 7 show the calculated changes of Ea and ln[Aαf(α)]

values with the degree of conversion (α), for dehydration of

poly(acrylic acid) hydrogel dehydration. Also, in the same fig-

ures, the symbols designate corresponding values of activation

energies and intercepts, which were calculated from the Fried-

man’s equation.

The analysis of curves Ea versus α and ln[Aαf(α)] versus

α shows two regions of the characteristic changes of Ea and

ln[Aαf(α)] with α. In the first region (α ≤ 0.3), Friedman’s

method shows a rapid drop in Ea and ln[Aαf(α)] values, but in

the second region (α ≥ 0.3), the values of Ea and ln[Aαf(α)] were

followed by a steady slow drop. Analyzing their mutual interde-

pendence at the same degree of conversion, we have found the

following linear relation, which is satisfied for every α:

ln[Aαf (α)] = −4.141 + 0.383Eα. (17)

Using Eq. (9), we can now obtain the time dependent relation

for activation energies (Fig. 8). The numerically fitted relation

Fig. 6. The activation energy (Ea) plotted as a function of the degree of con-

version (α), for dehydration process of poly(acrylic acid) hydrogel (solid line

represent the B-Spline curve which shows the trends of activation energy values

(symbols) with progress of α, calculated by Friedman method).

Fig. 7. Isoconversional logarithmic intercepts (Eq. (7)) plotted as a function

of the degree of dehydration (α), for dehydration process of poly(acrylic acid)

hydrogel (solid line represent the B-Spline curve which shows the trends of log-

arithmic intercept values (symbols) with progress of α, calculated by Friedman

method).

between activation energy and the time is given by the expression

Ea = ϕ ln
b

t − a
(18)

where a, b andϕ are the fitting coefficients. The coefficients a and

b must have the dimensions of time, whereas ϕ has the dimension

of energy. The fitting coefficient ϕ corresponds to the threshold

activation energy value for the investigated dehydration process

(Table 5), until the coefficients a and b (in Eq. (18)) represents

the “solid” constants and they do not have any physical meaning.

The influence of heating rate (vh) on the values of fitting

coefficients a, b and ϕ is shown in Table 5.

The values of fitting coefficients, a and b, increase with the

increasing of heating rate of the system. On the other hand, the

value of fitting coefficients ϕ, decrease with increasing of heating

rate.

Fig. 8. Time dependent evolution of the effective activation energies (Ea) during

the thermogravimetric analysis of the dehydration process of poly(acrylic acid)

hydrogel (solid line represent the B-Spline curve which shows the trends of

activation energy values (symbols) with progress of reaction times at different

constant values of α).
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Table 5

The influence of heating rate on the values of fitting coefficients a, b and ϕ, for

dehydration process of poly(acrylic acid) hydrogel

vh (K min−1) a (min) b (min) ϕ (kJ mol−1)

5 1.3201 23.1358 15.2388

10 3.0216 41.6306 13.0422

20 5.6272 65.0901 12.5823

The time dependence of activation energies can appear in very

complex reaction systems or in a simple system where there is an

energy distribution of active centers. In the last case we have the

sum of the parallel reactions that differ only in activation ener-

gies and consequently in corresponding rate constants [25–32].

There effective value of α must depend on time or temperature

(Eq. (9)) in a complex manner. Such dependence between α

and temperature is already given by Eq. (14). Our next aim is to

obtain dα/dEa. Therefore, we need to write Eq. (14) in a function

of time

dα

dt
=

β

η

(

t

η

)β−1

exp

[

−

(

t

η

)β
]

, (19)

and find dα/dEa using following relation:

dα

dEa
=

dα

dt
×

∣

∣

∣

∣

dt

dEa

∣

∣

∣

∣

. (20)

From Eq. (18) we can easily obtain that

t = a + b exp

(

−
Ea

ϕ

)

, (21)

and |dt/dEa| equal to

∣

∣

∣

∣

dt

dEa

∣

∣

∣

∣

=
b

ϕ
exp

(

−
Ea

ϕ

)

. (22)

The distribution function g(Ea) = dα/dEa is now given in the

form:

g(Ea) =
bβ

ϕη
exp

(

−
Ea

ϕ

)[

a + b exp(−Ea/ϕ)

η

]β−1

× exp

{

−

[

a + b exp(−Ea/ϕ)

η

]β
}

. (23)

The influence of heating rate on the shape of density distribution

function of activation energies is shown in Fig. 9.

The basic characteristics of the density distribution function

of activation energies—Ea,max: the value of activation energy at

the maximal value of distribution function, g(Ea)max: the max-

imal value of density distribution function, g(Ea)HW: the value

of density distribution function on the half-wide, SF: shape fac-

tor or factor of asymmetry, and HW: half-wide of the density

distribution function, at different heating rates, are presented in

Table 6.

From results in Table 6 and Fig. 9, the following facts existed:

(a) the density distribution function of activation energies is inde-

pendent from the heating rate of the system, and (b) because

Fig. 9. The influence of heating rate on the shape of density distribution function

of activation energies (g(Ea) was calculated from Eq. (23)), for dehydration

process of poly(acrylic acid) hydrogel.

Table 6

The influence of heating rate (vh) on the basic characteristics of the density

distribution function of activation energies, g(Ea), for dehydration process of

poly(acrylic acid) hydrogel

vh

(K min−1)

Ea,max

(kJ mol−1)

g(Ea)max

(mol kJ−1)

g(Ea)HW

(mol kJ−1)

Shape

factor,

SF

Half-wide,

HW

(kJ mol−1)

5 23.9 0.0630 0.0425 0.7222 9.3

10 23.9 0.0659 0.0429 0.7222 9.3

20 23.9 0.0673 0.0435 0.7222 9.3

of that, this function is eigen characteristic of the investigated

system.

The dependence of the kinetics parameters from the degree

of conversion (α) was a natural consequence of existing the dis-

tribution of activation energies, which leads to the accidental

distribution of reaction times and characteristical kinetics of the

investigated process.

The changes of Tmax, (dα/dT)max and β, η, and ϕ parameters

with heating rate, are consequences of different thermal activa-

tion of the considered system, which appeared because of the

different heating rates.

5. Conclusions

The conversion curves of non-isothermal dehydration of

poly(acrylic acid) hydrogel are fitted by the Weibull probability

distribution function of reaction times (WDt), in wide range of

the degree of conversion (α = 0.12–0.93).

The values of Weibull distribution parameters (β and η)

increase exponentially with increasing of the heating rate of

the system. Knowing the Weibull distribution function of reac-

tion times, it is possible to determine the kinetics parameters

of the investigated process and density distribution function of

activation energies, g(Ea).

The kinetical complexity of the non-isothermal dehydration

of poly(acrylic acid) hydrogel is a consequence of energetical

������ ��
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heterogenity of the desorption centers of the poly(acrylic acid)

hydrogel.
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